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Separation of Yttrium and Rare-Earth Nitrates with 


the Solvent Extraction System-Tri-N-Butylamine- 


3 Methyl-2-Butanone 


This paper describes the application of tri-n-butylamine as an 
extractant in separating yttrium-vare earth mixtures by liquid- 
liquid extraction. The method of opening the ore is related, fol- 
lowed by a description of the prcitminary separation of the W.G. Gruzensky 
composite into groups. The different variables in an amine - 
ketone -yttrium-rare earth-nitrate system were studied, G.T. Enge 


Mucx interest has been manifested in separation of 
rare-earth mixtures in an effort to obtain gadolinium, 
europium, and yttrium as pure products. Private in- 
dustry and the Atomic Energy Commission are espe- 
cially interested in gadolinium and europium, because 
their high neutron-absorption cross section makes 
them highly desirable materials for controlling the 
operation of nuclear reactors. 

Separation methods, such as fractional crystalliza- 
tion and ion exchange, are tediously slow and costly. 
The increased demand for yttrium and rare-earth 
metals in various applications has directed attention 
to the separation problem. The aim of the rare-earth 
research program at the Northwest Electrodevelop- 
ment Laboratory is to improve present techniques 
and to develop new methods of extracting and sepa- 
rating yttrium and the rare-earth elements contained 
in monazite sand, black sand, euxenite, and other 
rare-earth bearing materials. 

In recent years it has been shown that the separa- 
tion of closely bound elements can be affected by ap- 
plication of liquid-liquid extraction techniques. A 
solvent extraction system which was developed by 
the Oak Ridge National Laboratory at Oak Ridge, 
Tenn., and improved in a Bureau of Mines pilot plant 
at Albany, Ore. was used to effect a separation be- 
tween zirconium and hafnium.* Tantalum and colum- 
bium have also been separated in the Bureau of 
Mines Laboratory by solvent extraction.”* Similar 
techniques were found applicable when separation 
studies of the rare earths were initiated. The equip- 
ment and personnel used in separating zirconium 
from hafnium, and columbium from tantalum, were 
utilized in an effort to find a liquid-liquid extraction 
system that would preferentially extract certain rare 
earths or selectively extract groups of rare earths. 
The objective was to find a system that would 1) give 
higher separation factors between the different rare- 
earth elements than those reported previously, 2) be 
less costly than previous methods, and 3) be appli- 
cable to separation of all members of the rare-earth 
group. 


WILLIAM G. GRUZENSKY and GEORGE T. ENGEL are Chemists, 
U. S. Bureau of Mines, Albany, Ore. 
Manuscript submitted September 29, 1958. EMD 
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HISTORICAL 


Several papers have been written on the separation 
of rare-earth elements by liquid-liquid extraction. In 
1941 Appleton and Selwood reported a solvent-ex- 
traction system in which they used butyl alcohol as 
the solvent.* Later Templeton and Peterson used hexyl 
alcohol as the extractant.’ In 1952 Peppard and co- 
workers described a system in which tri-butyl phos- 
phate was used for preferential extraction of rare 
earths from chloride and nitrate solutions.° 

Since Peppard’s experiment with tri-butyl phos- 
phate as an extractant of rare earths, other investi- 
gators have made further studies in which tri-butyl 
phosphate was employed as a selective extractant of 
aqueous rare-earth salts.’~** 

Two Russian scientists, Ryabchikov and Terent’eva, 
reported the use of organic amines as complexing 
agents to separate certain rare earths by fractional 
crystallization.” ** Marsh also obtained enriched 
fractions through the different stabilities of the com- 
plexes formed by the amines.“ The separations 
were not sharp, but results showed that enrichments 
were possible when certain water miscible amines 
were employed in the separation scheme. 


EXPERIMENTAL PROCEDURES AND RESULTS 


A euxenite concentrate obtained in the Bear Valley 
region of Idaho was used as starting material in 
separation studies. It is a hard, black, brittle min- 
eral. Its composition, given in percent oxides, is as 
follows: 


Chien 72.780 Ta 3.0 
Ti 20.0 Fe 3.0 
U 10.0 Th 3.0 
Zr, Al, Mg, Ca, Si (combined) 7.0 
Yttrium and rare earths (combined) 27.0 


Results of preliminary investigations indicated that 
the concentrate was resistant to decomposition by the 
common acids but that it could be converted to a 
Soluble form by a caustic soda fusion. A sample was 
fused, washed, and dissolved in hydrochloric acid 
then separated into groups by pH control. Columbium 
(niobium) tantalum, and titanium hydrolyzed when the 
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pH was adjusted to 1.5; iron and uranium precipi- 
tated when ph 3.5 was reached. The yttrium-rare- 
earth composite was collected as soluble chlorides 
during filtration. 

A chlorination technique which employed carbon, 
sodium chloride, and chlorine was also used to de- 
compose the ore and effect separation of the com- 
posite into groups.” When this method was em- 
ployed, the columbium, tantalum, and titanium were 
driven off as volatile chlorides and the rare-earth 
metals, as well as iron, uranium, and thorium formed 
anhydrous chlorides that remained in the residue. 
The iron, uranium, and thorium were separated from 
the rare-earth elements as precipitates by pH con- 


trol on the dissolved residue, leaving yttrium and the 


rare-earth elements in solution. The yttrium-rare 
earth mixture was then collected and reworked into a 
suitable form for making separation studies. The 
approximate analysis of the composite is given below 
as percent oxides: 


Yttrium 47.0 Neodymium 4.8 
Erbium 11.0 Lanthanum 8 
Dysprosium 11.0 Samarium 8 
Gadolinium 7.8 Praseodymium i 
Cerium 6.8 


Results reported by previous investigators indi- 
cate that the aqueous salts of yttrium and the rare- 
earth elements, such as the chlorides or nitrates, 
are partly soluble only in a limited number of or- 
ganic solvents.” ** The enrichments made with these 
extractions gave relatively low separation factors.* 


*The separation factor in a two-phase system is the ratio of the 
concentration of one element to another in one phase, divided by the 
tatio of the concentration of these elements in the other phase at 
equilibrium. A high value indicates a good separation. A factor of 1.0 
represents no separation. 


In an attempt to find an extractant that would have 
greater selectivity than those previously reported, 
various organic solvents were screened in respect to 
their affinity for yttrium and rare-earth ions. Among 
the group of solvents acquired for this purpose were 
several aliphatic amines. 

Aliphatic amines have properties very similar to 
those of ammonia. They form salts with acids in 
aqueous solution, turn red litmus blue, and precipi- 
tate the hydroxides of metals. Amines of low mole- 
cular weight are soluble in water—the solubility de- 
creasing with rise in molecular weight. Several in- 
vestigators have studied the use of amines as ex- 
tractants of uranium values from aqueous solutions 
and obtained favorable enrichments from sulfate 
systems.'*-® 

Yttrium and rare-earth salts, such as citrates, 
acetates, and-tartrates, show similarity to corre- 
sponding uranium salts because of their complex 
forming behavior. Since it was possible to extract 
uranium values with an amine, it was decided that 
investigations would be feasible applying some 
amines as extractants in solvent-separation studies 
of yttrium and rare-earth elements. 

Preliminary investigations of the possible appli- 
cation of an amine in an extraction system were 
made with tri-n-butylamine whose solubility in 
water is relatively low. In the initial tests, 10 pct 
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Fig. 1—Effect of amine concentration on rare-earth nitrate 
transfer. 


(by volume) of tri-n-butylamine was dissolved in 
various organic solvents which acted as carriers. 

A transfer failed to occur when a mixture of the 
amine and a hydrocarbon, such as kerosine, was 
used. However, when a ketone was used as the dilu- 
ent, a mass transfer was obtained from a rare-earth 
nitrate solution. Extractions from sulfate and chlor- 
ide solutions failed to take place. 

In an effort to select a ketone-amine which would 
give optimum extractions, samples of aqueous 
yttrium rare-earth nitrates were contacted with 
various ketone-amine mixtures. Twelve different 
ketones and four different amines were used in these 
tests. It was found that a mixture of 3-methyl-2- 
butanone and tri-n-butylamine gave a relatively large 
mass transfer and an excellent separation of phases. 
A systematic study of the different variables was 
initiated on this system. 

The first variable investigated was the amine con- 
centration in the organic phase. Single-stage ex- 
tractions were made in which the aqueous phase was 
maintained at 250 g of rare-earth oxides per liter in 
6 normal nitric acid. The organic-to-aqueous ratio 
was 3:1. The two phases were shaken in a separatory 
funnel for 15 min.* The rare-earth elements were 


*Since the results of these tests were used for purposes of com- 
parison only, this length of time was considered sufficient for equilib- 
rium. 


stripped from the organic phase with water, partly 
neutralized with ammonium hydroxide, then precipi- 
tated with a water solution of oxalic acid and ignited 
to the oxide. The raffinate (aqueous phase following 
extraction) also was partly neutralized with ammonia; 
the rare-earth elements were precipitated with 
oxalic acid and ignited to the oxide. In Fig. 1 the 
amount of material transferred is plotted against the 
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Table |. Results of Single-Stage Extraction Tests 


Composition, Pct 


Separation Factors 


Amine in Organic 


Phase, Pct Phase CeO2 Nd203 $m203 Gd203 Dy203 Er203 Y203 Y-Er Y-Dy Y-Gd Y-Sm 
5 Aqueous 0.6 PAS) 113 10.5 5.5 62.0 1.47 1.32 1.20 1.55 2.25 
Organic 132 4.0 12.0 1253 WP 55.0 
10 Aqueous 0.6 < 0.5 2.6 11.6 10.5 5.5 61.0 
Grose 1.5 8.4 4.8 12.0 11.6 6.6 51.0 WAS setae 1.24 2.21 2.99 
15 Aqueous 0.6 <0.5 2.3 10.8 10.5 5.8 65.0 
Grizale 1.6 8.2 5.0 12.0 11.5 5.8 48.0 1.36 1.48 1.50 2.94 3.61 
20 Aqueous 0.4 < 0.5 1.9 10.0 10.0 5.6 70.0 1.44 1.66 1.73 3.65 Sane 
Organic 1.6 7.8 4.8 12.0 11.5 5.6 48.0 
25 Aqueous 0.2 < 0.5 1.6 9.9 oO 5.6 70.5 1.40 1.75 1.67 4.09 10.68 
Organic 1.5 Uchl 4.6 11.6 11.3 5 49.5 
30 Aqueous 0.2 < 0.5 1.5 10.0 10.3 6.2 69.5 1.03 1.48 1.67 4.45 10.93 
Organic 1.6 8.4 4.9 1253 11.2 4.7 51.0 


Conditions: Aqueous phase = 8 normal nitric acid 


Organic phase = Tri-n-butylamine dissolved in 3 methyl-2-butanone 


Organic/Aqueous = 3/1 
Metal Concentration = 250 g oxide per liter 


amount of amine present in the ketone. Curve A 
represents the transfer of yttrium and rare-earth 
ions from 6-normal nitric acid into the organic phase 
at various amine concentrations. The first point 
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Fig. 2—Effect of metal concentration on rare-earth nitrate 
transfer. 
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represents the transfer made with the ketone alone. 
The amine was then added in 5-pct increments and 
the various points on the curve plotted from results 
of the transfers. When the amine concentration had 
reached 10 pct, the acid phase became neutralized 
which initiated a precipitation of the metal hydrox- 
ides. The same procedure was followed when 8-, 
10-, and 12-normal nitric acid was employed in the 
aqueous phase. Again the amine was added to the 
ketone in 5-pct increments and results of transfers 
plotted against amount of amine in the extractant. 
Curves, B, C, and D represent these systems re- 
spectively. The results indicate that with higher 


_ acid normality in the aqueous phase, a greater 


amount of amine could be used in the extractant. 
When the amine to ketone ratio was increased, the 
mass transfer increased also. The maximum point 
on curve D indicates a 58-pct material transfer 
from a 12-normal nitric acid solution. At this acid 
strength, 45-pct amine was added to the ketone and 
the mixture used as the extractant without causing a 
precipitation. An analysis was made on the fractions 
recovered from both phases of the ketone-amine- 
yttrium-rare earth -8-normal nitric acid system. 
This is shown in Table I. The composition of the 
samples was determined by spectrographic analysis. 
These results indicate that at different amine con- 
centrations, variations occurred in the separation 
between yttrium and the heavy rare earths. The 
separation between yttrium and gadolinium was 
greatest when amine concentration was 20 pct. For 
yttrium and dysprosium it was greatest at 25 pct, 
while yttrium and erbium separated best when 
amine concentration was only 5 pct. 

Experiments were performed in which the metal- 
lic ion concentration was varied in an 8-normal 
nitric acid solution and extractions of yttrium-rare 
earth values made with the ketone-amine solvent. 
Twenty-five pct amine was added to the ketone; this 
amount remained constant throughout the tests. A 
3:1 organic-to-aqueous ratio was maintained. The 
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Table Il. Results of Multiple-Stage Extraction Tests 


Composition, Pct 


Separation Factors 


Stage Phase Ce02 Sm203 Gd203 Dy203 Er203 Y 203 Y-Er Y-Dy Y-Gd Y-Sm Y-Ce 

Average 1.54 1.58 


Conditions: Aqueous phase = 8 normal nitric acid 


Organic phase = 1 volume tri-n-butylamine added to 3 volumes 3 methyl-2-butanone 


Organic/Aqueous = 3/1 
Metal concentration = 250 g oxide per liter 


initial solution contained 50 g of oxides per liter. 
This was increased in 50-g increments until a con- 
centration of 300 g of oxides per liter was reached. 
The curve in Fig. 2 indicates the amount of material 
transferred (calculated as percent oxides), plotted 
against the concentration of the dissolved oxides. 
The maximum transfer was reached at approximately 
225 g¢ of oxides per liter. At this concentration 35- 
pct of the material transferred into the organic 
phase. The drop in the curve indicates that precipi- 
tation had started, due to the decrease in acidity of 
the aqueous phase. 

A series of six consecutive extractions was applied 
to the system under investigation. A 40-g sample of 
mixed yttrium-rare earth oxides was dissolved in 
160 ml of 8-normal nitric acid, which made the 
aqueous feed equivalent to 250 g of oxides per liter. 
Methyl-isopropyl ketone mixed with 25-pct tri-n- 
butylamine was the extractant. Three volumes of 
organic to one volume of aqueous were maintained 
throughout the tests. The two phases were shaken in 
a separatory funnel for 15 min. After completion of 
the first-stage extraction, the metal values in the 
raffinate were precipitated, ignited, weighed, and 
redissolved in 8-normal nitric acid. The amount of 
acid employed was based on the amount of oxide 
recovered from the raffinate. A concentration of 
250 g of oxides per liter was maintained throughout 
the tests. This solution was then contacted with 
fresh solvent and the procedure repeated six times. 
The weight of the material recovered from the final 
stage of the organic and aqueous phases (converted to 
oxides) was 0.83 grams and 2.09 grams respectively. 
The composition of the fractions in the two phases of 
the different stages, and the separation factors 


between yttrium and the rare-earth elements are 
given in Table II. 


CONCLUSIONS. 


The effect of tri-n-butylamine on the extraction of 
yttrium and rare-earth values may be summarized 
as follows: 

1) Mass transfer from a nitrate solution is a func- 
tion of the amount of amine present in the extractant. 

2) The greatest transfer occurs when enough 
amine is present to neutralize the aqueous phase up 
to the point of precipitation. 

3) The mass transfer into an amine-ketone ex- 
tractant increases with increase of metal concen- 
tration. 

4) Separation factors between the different rare- 
earth elements, also between yttrium and the 
rare-earth elements found with it, are affected 
by the amount of amine present in the extractant. 

5) A six-stage extraction system upgraded the 
yttrium from 47 pct in the starting material to 83 
pct in the final product. 

6) A separation factor of 10.93 was obtained 
between yttrium and cerium from a single-stage 
extraction, while a factor of 1.78 was obtained 
between yttrium and erbium from a multistage 
system. 

The solvent extraction system just described 
offers new possibilities, of separating yttrium from 
the heavy as well as from the light rare-earth ele- 
ments. The optimum separation between yttrium 
and the different rare-earth elements occurring 
with it depends upon the amount of amine present 
in the extractant. 
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Oxidation of Sphalerite by Sulfur Trioxide 


It is shown that SO,-O, mixtures react with sphalerite at an 


appreciable rate in the temperature vange of 361° to 527°C to form 
ZnSO,. The rate of reaction follows a parabolic law. Oxygen, or 
O2-SO2 mixtures, have a negligible effect on sphalerite in the 


same temperature range. 


Practica. roasting of sphalerite is usually per- 
formed at 800°C or higher. The calcine is composed 
of zinc oxide unless the roaster atmosphere contains 
relatively large amounts of SO, and the temperature 
is held to 800°C or lower, in which case zinc sul- 
fate may also form. Ong, Wadsworth, and Fassell* 
have made a careful kinetic study of sphalerite oxi- 
dation under these ‘‘normal conditions’’ and have 
concluded that the rate of the reaction is controlled 
by the decomposition of an activated complex ad- 
sorbed on the sphalerite surface. They found the 
rate of oxidation to be small at 700°C. Extrapola- 
tion of their data to 400°C would indicate an almost 
negligible rate at this temperature. 

In our work sphalerite was reacted with air, mix- 
tures of SOz, O2, and Nz, and mixtures of SO,, O,, and 
Nz in the temperature range 361° to 527°C. Negligible 
rates of oxidation were found, except for the gas 
mixtures containing SO3. With this latter gas, the 
oxidation of finely divided sphalerite was fairly rapid 
and zinc sulfate was the product. Based on the 
limited evidence available, the rate of sphalerite 
oxidation by SO, is postulated to be controlled by 
gaseous diffusion through pores or cracks in the 
zinc-Sulfate coating. 

This evidence for the direct reaction of sphalerite 
and SO, at low temperature may prove of importance 
to the understanding of zinc-sulfate formation in 
the dust-collecting equipment usually associated with 
zinc roasters. The roaster gas carries off fine dust, 
much of which may be unreacted sphalerite. The 
temperature in dust-collecting equipment drops from 
the roaster temperature (about 800°C) through the 
range of temperature we studied, to ambient tem- 
perature. Such dusts are known to contain far larger 
amounts of zinc sulfate than the primary calcine. 

It has been assumed in the past that this sulfate is 
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ing, School of Mines, Columbia University, New York, N. Y. A. W. 
SOMMER, Junior Member AIME, formerly at Columbia University, is 
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Calif. 
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formed by reaction of ZnO dust with SO; (or SO, plus 
O,) in the partly cooled gases. Our work shows that 
an alternative possibility exists—-the direct reaction 
of SO, with ZnS dust. 


EXPERIMENTAL 


Reaction rates for sphalerite at 350° to 600°C are 
relatively small so that it was necessary to use 
finely divided material with a relatively large sur- 
face area in order to obtain measureable amounts of 
reaction. In the preliminary experiments, pure 
mineral sphalerite, ground to pass a 325-mesh sieve, 
and chemically precipitated ZnS (in the form of an 
impalpable powder) were used. In the quantitative 
rate experiments the ground mineral sphalerite was 
processed in an Infrasizer to obtain a product with 
particle size between 9 and 18 yu. The analysis of 
this material was 66.7 pct Zn, 0.09 pct Fe, and 32.7 
pct S (theoretical sphalerite is 67.1 pct Zn, 32.9 pct 
S). The sized powder was carefully mixed and di- 
vided into 1-g samples. 

The apparatus used for the quantitative rate meas- 
urements is shown in Fig. 1. For the preliminary 
experiments the following change was made: The 
external catalyst furnace (B, C)* was not used. 


*Letters refer to Fig. 1. 


Rather, when catalysis of the SO, + O, reaction 
was desired, the glass beads in basket M were re- 
placed by vanadium -oxide pellets. 

Procedure—A 1-g sample of ZnS was placed on a 
shallow stainless-steel tray, I, and spread evenly 
to a depth of about 1 mm. The tray was placed in the 
reaction assembly and the assembly inserted in the 
cold furnace. The furnace tube was flushed with dry 
argon and then heated to the desired reaction tem- 
perature. The temperature was controlled to 
+0.5°C. 

Gas mixtures (Oz + Nz or O, + SO.) were pre- 
pared from tank gases by means of a mixing device 
identical to that employed by Darken and Gurry.* 
The total flow rate of gas was 205 ml per min to 
point A of Fig. 1. The accuracy of the individual and 
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Fig. 1—Apparatus for roasting experi- 
ments (not to scale). A—Inlet for mixed 
gases (O, —N, -SO,). B—30-mm-diam 
pyrex tube, packed with pellets of V_ Os 
catalyst. C—Resistance furnace, con- 
trolled at 460°C. D, E—Three-way stop- 
cocks. F—Main reaction tube, type-403 
stainless, 2.5-in. bore, 24 in. long. 
G—Stainless steel radiation and connec- 
tion shields. H—Basket of 30-mesh stain- 
less steel wire cloth, filled with pyrex 
beads. I—Sample tray, stainless steel. 
J—Resistance furnace, 2.75-in. bore, 


K 
GAS EXIT 
J, MAIN ROASTING 
FURNACE 
C,CATALYST FURNACE 


18 in. long. K—Chromel-Alumel ther- 
mocouple inside of stainless steel pro- 


tection tube. Thermocouple bead at level 
of tray (I). L—Threaded brass cap with 


graphite-impregnated asbestos gasket. GAS MIXTURE 
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total flow rates was about + 1 pct. In the quantita- 
tive rate experiments this gas was passed through 
the catalyst furnace (B, C) for 1 hr prior to test in 
order to insure optimum functioning of the catalyst. 
During this initial period the gas was exhausted at 
point D. The catalyst furnace was held at 460°C. 

A test was begun by shutting off the dry argon 
flow, and permitting the oxidizing gas to enter the 
reaction chamber. The experiments were timed 
with a stopwatch from this point. 

The run was ended by switching the gas flow from 
the oxidizing gas back to dry argon. The furnace 
was then lowered and the steel reaction tube was 
chilled by a stream of compressed air. The temper- 
ature of the sample could be reduced to 200°C in 4 
min by this means. The samples were removed 
and immediately placed in a desiccator to cool. They 
were then analyzed for sulfate by the method of 
Scott? and Pierce and Haenisch.* The samples 
from the preliminary tests were analyzed for zinc, 
total sulfur, and sulfate by the Central Research 
Laboratories of American Smelting and Refining Co. 

Results of Preliminary Tests— Table I lists the 
results of the preliminary tests. The following 
qualitative conclusions can be drawn: 

1) At 461°C zinc sulfide does not react appreci- 
ably either with O2 or SO,-O, mixtures (exp. No. 11, 
12B, 13), but it does react with gases containing SO3 
(exp. No. 12A, 14). 

2) As expected, the amount of reaction is greater 
for the very fine material (chemically ppt. powder) 
than for coarser material (-325 mesh sphalerite) 
(see exp. No. 12A and 14). 

3) The sample loses no significant amount of 
sulfur during the oxidation process. The mole-ratio 
of sulfur/zinc in the product is unity within analyti- 
cal error, see Table I.* 

*Test No. 14, Table I, yielded a ratio of 1.14. A gross analytica 
error is most likely responsible for this unusually high result. 

A number of special analytical techniques were 
used to study the roasted products, in order to more 
definitely establish the nature of the product. The 
presence of ZnSO, was proved by Debye-Scherrer 
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X-ray photographs. No trace of reduced sulfur 
compounds, such as sulfite or thiosulfate was found 
by wet chemical methods. The fact that the mole- 
ratio of sulfur/zinc was unity rules out the presence 
of significant amounts of ZnO or basic zinc sulfates. 
This seems to leave zinc sulfate as the only product 
of importance. 

Since it was shown that SO, is a necessary in- 
gredient to obtain rapid reaction, the overall 
stoichiometry of the reaction may be written: 


ZnS (c) + 4SO; —= ZnSO, (c) + 4SO, [1] 
or, since excess oxygen was also present in all tests: 
ZnS (c) + O, + 280, —- ZnSO, (c) + 2SO, [2] 


or, on the chance that SO; may be only a catalyst for 
the reaction: 


catal. 
No data were obtained which would serve to decide 
which of these overall reactions is correct. 


Table |. Results of Preliminary Roasting Tests at 461 = 1°C 


Test Numbers 11 12-A 12-B 13 14 
Type of Sample A* A* A* B* Be 
Inlet gas: pct N, 80 72 72 TE 72 
pet O, 20 18 18 18 18 
pet SO, 0 10 10 10 10 
Catalyst for SO, 
formation** absent present absent absent present 
Time of roasting, minutes 60 30 30 30 30 
Analysis of product: 
pet total S 31.9 24.3 31.6 32.0 28.9 
pet SO, 1.4 26.7 2.2 0.1 11.6 
pet Zn 66.4 50.8 65.4 65.4 58.6 
Product Ratio: 
Moles 100.0 101.3 99.5 100.0 114.5 
Moles Zn 


*Sample A is ‘‘chemically precipitated’’ ZnS. Sample B is —325 mesh 
sphalerite. 

**When the catalyst is present, if it is assumed that the SO,-O0,-SO, 
reaction reaches equilibrium, the gas composition will be 75.7 pct N,, 
13.8 pct O,, 10.2 pct SO,, and 0.0029 pct SO,. When the catalyst is ab- 
sent, a small but unknown amount of SO, will be present. 
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Fig. 2— Results of quantitative roasting experiments. 
—18+9, sphalerite roasted in 10.2 pet SO3, 13.8 pct O, 
76.0 pet No, flow rate 205 ml per min. 


Results of Quantitative Rate Tests—In an effort to 
obtain some information on the kinetics of the re- 
action, eight further tests were made on the carefully 
sized sphalerite powder. The results of these tests 
are shown in Fig. 2. 

It can be seen from Fig. 2 that the degree of oxi- 
dation of sphalerite is parabolic with time. Part of 
the tendency toward reduced reaction rate with in- 
creased time must result from the constantly dimin- 
ishing surface area of ZnS as the reaction proceeds. 
However, this effect was found to be unimportant as 
the deciding factor in the shapes of the curves of 
Fig. 2. This was determined by applying to the data 
an approximate correction for the decrease in sur- 
face area of ZnS with time (assuming spherical 
particles of equal diameter). The corrected data 
were only slightly different from the uncorrected 
data. 

The parabolic nature of the results suggests that 
the rate of the reaction is controlled by diffusion 
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through the continually thickening layer of reaction 
product. We propose that diffusion of gaseous SO3 
through pores and cracks in the ZnSO, coating is 

the slow step. Further data on the effect of the 
partial pressure of SO, and O, on the rate, and the 
physical structure of the ZnSO, layer, are necessary 
before the rate controlling mechanism can be rigor- 
ously established. 

The temperature dependence of the rate also sug- 
gests that gas diffusion is rate controlling. Over a 
range of 166°C, the rate was almost independent of 
temperature. If the kinetics were controlled by 
surface reaction or by solid-state diffusion, a greater 
dependence on temperature would be expected. No 
special significance is attached to the fact that the 
rate was 2 maximum between 361° and 525°C. This 
may result from complex changes in the pore and 
crack structure of the ZnSO, product. 


CONCLUSIONS 


We believe that the findings of this study have sig- 
nificance beyond the results reported herein. In 
particular, we believe that laboratory investigation 
of the sulfide oxidation must not overlook the effect 
of SO3;. This gas is present to some extent in all 
commercial roaster atmospheres. As shown by this 
work, SO; may have a profound effect on the reaction 
kinetics. The particular role of SO3 on reactions oc- 
curring in the dust-collecting equipment has already 
been discussed. 

The authors wish to thank the Eugene Higgins Fund 
for financial support of this work. Vanadium pentox- 
ide catalyst was kindly donated by the Chemical Con- 
struction Co. 
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The Effects of Sulfur on the Notch Toughness 


of Heat-Treated Steels 


This paper reports the results of studies of the impact prop- 
erties of quenched and tempered alloy-steel plates as a function 
of sulfur content. It was found that the impact energy levels de- 


creased continuously as the sulfur content increased and that 
there was a straight-line relationship between impact energy and 


J. M. Hodge 


sulfur content when plotted on logarithmic coordinates. Cross 


rolling raised the level of these lines for transverse tests and 


R. H. Frazier 


lowered the level for logitudinal tests proportionately to the 


amount of cross rolling. 


A.rTHouGcH it has been generally recognized that, 
for applications in which notch toughness is critical, 
the sulfur content of the steels used should be held 
to a low value, quantitative information on the effect 
of sulfur on notch toughness has not been available. 
For such applications, it is a common practice to 
specify minimum impact values, and in order that 
these may be met consistently it is important that 
the steel producer know quantitatively the effect of 
sulfur on notch toughness so that realistic sulfur 
content limits can be applied to the steels they pro- 
duce. In many instances, particularly in flat-rolled 
products, impact properties are specified in the 
direction transverse to the principal rolling direc- 
tion, so that the factors affecting the anisotropy or 
directionality of impact properties are also of con- 
cern to the steel producer. For some applications, 
furthermore, it is a common practice to increase 
the sulfur content of steels in order to improve their 
machinability, and, in such instances, the effect of 
this practice on notch toughness may often be of 
concern. This paper reports on an investigation, 
carried out at Battelle Memorial Institute, designed 
to furnish this quantitative information on the effect 
of sulfur on notch toughness and also to furnish 
further information on the factors affecting the 
anisotropy of impact properties in wrought heat- 
treated alloy steels. 


MATERIALS AND EXPERIMENTAL PROCEDURE 


The experimental steels were of intended base 
analysis: 0.30 pct C, 0.80 pct Mn, 0.25 pct Si, 2.5 pct 
Ni, 0.80 pct Cr, and 0.45 pct Mo. Steels were made 
with sulfur contents varying from 0.005 to 0.179 pct. 

The steels were prepared from 600-1lb induction- 
furnace melts. Steels containing 0.020 pct or more 
sulfur (at meltdown) were melted from a charge of 
ingot iron (except for one heat); lower-sulfur steels 
were made from electrolytic iron. 

The charge consisted of ingot or electrolytic iron, 
ferrosilicon to give 0.10 pct Si, and ferromanganese 
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to give 0.05 pct Mn. At meltdown, electrolytic nickel, 
ferromolybdenum, iron phosphide, and pyrite were 
added followed in sequence by ferrochromium, sili- 
comanganese, ferrosilicon, and ferromanganese. 
The slag was then removed and graphite added to 
give the desired carbon content. Bath temperature 
was adjusted to 2850°F and, when no other additions 
were to follow, 2 lb per ton of aluminum was added, 
immediately before tapping. Compositions of the ex- 
perimental steels appear in Table I. Analyses are 
from single determinations, except sulfur which was 
analyzed in duplicate. 

A test sample (3 in. in diam by 6 in. long) and a 
575-lb ingot were poured from each heat. The test 
sample was poured in a sand mold; the cooling rates 
of the test sample and the large ingot were approxi- 
mately the same. Chemical analysis chips and 
metallographic specimens were taken from the test 
samples. The ingot was 8 in. Sq at the base and 9 in. 
Sq at the top. A5X5 xX 6-in. sand mold hot top was 
completely filled in teeming the ingot. After solidifi- 
cation, the mold was stripped from the ingot which 
cooled to room temperature. Ingots were reheated 
to 2250°F and rolled to 1.9-in. slabs on a commer- 
cial mill. The slabs were box-cooled to room tem- 
perature. Sections of the 1.9-in. slabs were heated 
to 2250°F and rolled on a Battelle laboratory mill 
according to one of three schedules: 1) rolled 
straightaway to 0.5-in. plate; 2) rolled straightaway 
to 1.3-in. thickness, then cross rolled to 0.5-in. 
plate (29 pct cross rolling); or 3) cross rolled from 
1.9-in. to 0.5-in.-thick plate (46 pct cross rolling). 

The 0.5-in.-straight- or cross-rolled plates were 
normalized at 1700°F for 1 hr and then water 
quenched from 1600°F. Plates were then tempered 
2 hr at 1240°, 1170°, 1080°, or 860°F to obtain 
Rockwell C hardness of 25, 30, 35, and 40, respec- 
tively. Tempering was followed by quenching to 
room temperature to avoid temper embrittlement. 
Slack- quenched plates were isothermally trans- 
formed for 26 min at 800°F, quenched, and tem- 
pered 2 hr at 1170°F. Pearlitic microstructures 
were obtained by holding 168 hr at 1200°F, followed 
by quenching. Charpy V-notch specimens were taken 
both transverse and longitudinal to the main rolling 
direction, notched perpendicular to the plate surface, 
and tested. 

Slabs and plates which were to be homogenized 
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Table |. Composition of Experimental Steels 


Composition — Pct 


Heat No. (G Mn Si Pp S Ni Cr Mo 

A7673 0.28 0.75 0.25 0.020 0.024 2.51: 0.77 0.44 
A7674 0.34 0.78 0.24 0.020 0.031 2.53 0.79 0.46 
A7675 0.31 0.82 0.25 0.018 0.034 2.53 0.83 0.46 
A7676 0.32 0.82 0325) 0,019 0.042 2S 0.82 0.49 
A7677 0.32 0.79 0.25 0.018 0.054 2.54 0.64 0.44 
A7952 0.33 0.85 0.26 0.020 0.081 2.54 0.74 0.44 
A7953 0.34 0.79 0.24 0.019 0.112 2.54 0.71 0.44 
A7954 0.33 0.82 0.25 0.019 0.179 2553 0.75 0.44 
A7955a 0.31 0.82 0.23 0.10 0.025 2.46 0.84 0.44 
A79564 0.29 0.80 0.24 0.018 0.011 2.54 0.85 0.40 
A79572 0.30 0.78 0.26 0.017 0.005 2.54 0.86 0.46 
A7959» ‘ 0.29 0.76 0.23 0.017 0.042 2.57 0.81 0.44 


aMade from furnace charge of electrolytic iron; other heats made from ingot-iron charge. 


bPoured at 2850°F; other heats poured at 2950°F. 


were first grit blasted and edge welded between 
1/4-in. steel plates. These sandwiches were heated 
10 hr at 2350°F in a controlled-atmosphere furnace. 
To check reproducibility between heats, one steel 
composition was remade late in the program (Heat 
B2894) and compared with the same steel compo- 
sition made earlier (Heat B473). Average Charpy 
values checked, in general, within 3 ft-lb; the 
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Fig. 1—Transition curves for longitudinal specimens from 
1/2-in. plate, no cross rolling and heat treated to 30R., 
hardness. 
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largest difference was 6 ft-lb. 


TESTING PRACTICE 


Charpy specimens, notched through the plate 
thickness, were taken in both longitudinal and trans- 
verse (with respect to the principal direction of 
rolling) directions for each steel in each condition 
investigated. Duplicate V-notch Charpy specimens 
were broken at — 320, — 150, and +300°F; four 
specimens of each steel in each condition and orien- 
tation were broken at — 40 and + 80°F. A Riehle im- 
pact testing machine, set for an initial energy of 
220 ft-lb with a striking velocity of 18.1 ft per sec, 
was used. The 300°F specimens were heated in an 
oil bath; water was used for the 80°F temperature. 
Specimens tested at — 40°F were cooled in a bath of 
alcohol and dry ice; methylcyclohexane or isopentane, 
cooled with liquid nitrogen, was used to cool speci- 
mens to — 150°F; liquid nitrogen was used to obtain 
the — 320°F temperature. A few specimens were 
tested at 500° F; these were heated in a small elec- 
tric furnace. 

At the temperatures where four specimens were 
broken, the average spread of Charpy values was 
about 2.2 ft-lb. This small variation permitted use of 
average values in drawing the transition curves and 
in presenting data in this paper. 


RESULTS AND DISCUSSION 


1) Effect of Sulfur Content—Fig. 1, presents curves 
of the Charpy values as a function of testing temper- 
ature for experimental steels representing the range 
of sulfur contents studied. These were all longi- 
tudinal specimens from 1/2-in. plates, which were 
not cross rolled and were heat treated to 30 Rc 
hardness. 

These results are illustrative of the general ef- 
fects of sulfur content on notched bar properties 
found in this investigation. The salient features of 
these findings are as follows: 

1) The maximum energy values (energy values 
for fully ductile fractures) decrease as the sulfur 
contents increase. 
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Fig. 2—Fracture surfaces of longitudinal Charpy speci- 
mens from 1/2-in. plate, no cross rolling, heat treated 
to 30 R, hardness. 


2) The decrease in maximum energy values with 
sulfur content is more marked at low sulfur levels 
below 0.050 pct S than at higher levels. 

3) At the same sulfur level (Heats A7673 and 
A7955) samples from heats made from electrolytic 
iron melting stock have lower maximum energy 
impact values than do samples from heats made 
from ingot iron melting stock. 

4) Neither the fracture transition temperature, as 
exemplified by the temperature at the midpoint of 
the steeply sloping portion of the curves, nor the 
ductility transition temperature, as exemplified by 
the temperature for an energy value of 15 ft-lb, is 
markedly affected by the sulfur content. 

Fig. 2 shows the fracture appearance of the impact 
samples of Fig. 1, broken at —150°, — 200°, - 250°, 
and 320°F. It will be noted that, although the effect 
of sulfur on the fracture appearance is not large, the 
samples broken at — 200°F show an increasing ten- 
dency toward crystalline fractures as the sulfur 
content decreases. 

2) Effect of Cross Rolling— Fig. 3 which shows the 
impact values for longitudinal and transverse sam- 
ples from 1/2-in. plates heat treated to 30 Rc and 
tested at — 40°F, illustrates the effect of the rolling 
practice on the anisotropy in respect to impact 
properties. The salient features of this behavior are 
as follows: 

1) Plates which are not cross rolled show much 
higher impact values when tested in the longitudinal 
direction than in the transverse direction. 
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Fig. 3—Effect of sulfur content on V-notch Charpy value 
of 1/2-in. plate heat treated to 30 R, hardness and tested 
at -40°F. 


2) The ratio of longitudinal to transverse impact 
values of plates which are not cross rolled remains 
constant at about 3.5 regardless of the sulfur content. 

3) Plates which are cross rolled so as to receive 
equal amounts of hot working in both directions rela- 
tive to the original ingot length show equal impact 
values in the longitudinal and transverse direction. 
These impact values are midway between these for 
longitudinal and transverse samples from plates 
rolled without cross rolling. 

4) Intermediate amounts of cross rolling decrease 
the ratio between longitudinal and transverse impact 
values, raising the transverse values and decreasing 
the longitudinal values, in proportion to the extent of 
cross rolling. 

5) The shapes of the impact value—sulfur content 
curves are similar for longitudinal and transverse 
samples and for all degrees of cross rolling. 

6) The samples from heats which were made with 
electrolytic iron melting stock have lower impact 
values for a given sulfur content than those from 
heats made with ingot iron melting stock, but this 
behavior is unaffected by either the degree of cross 
rolling or the direction of testing. 

Typical photomicrographs of the sulfide inclusions 
in longitudinal and transverse samples of the steel 
with 0.179 pct S at the three cross-rolling conditions 
are shown in Fig. 4. It will be noted that, as the de- 
gree of cross rolling increases, the lengths of the 
inclusions in the transverse and longitudinal samples 
become more nearly equal. This effect of cross 
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rolling on the shape of the sulfide inclusions cor- 
relates with the impact behavior and is believed to be 
the principal factor controlling the ratio of the 
longitudinal to transverse impact properties of these 
steels. 

3) Effect of Hardness—Impact-testing temperature 
curves for steels, heat treated to a higher hardness 
value of 40 Rc are shown in Fig. 5. The effect of 
sulfur is similar to that at the lower hardness of 30 
Rc, but the impact values are lower, and the tem- 
perature for maximum energy values is higher than 
those for the steel heat treated to the lower hard- 
ness. 

Charpy data for longitudinal specimens taken from 
straightaway-rolled plates, heat treated to various 
hardnesses and tested at — 40°, 80°, and 300°F are 
shown in Figs. 6, 7, and 8. It will be noted that, 
when plotted on logarithmic coordinates there is a 
straight-line relationship between impact values 
and sulfur contents. Apparently the use of electroly- 
tic iron instead of ingot iron affected both the slope 
and the position of the trend line. For all testing 
temperatures, however, the trend lines are parallel 
for steels compared at hardness levels of 25, 30, 
or 35 Rc. At — 40° and 80°F, the trend lines for the 
specimens have different slopes than those for the 
softer samples. In tests at 300°F, however, the 
slopes were the same for all levels. For the steels 
made from ingot iron, tripling the sulfur content 
halves the Charpy values. Presumably, this is a 
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Fig. 4—Sulfide inclusions after various 
amounts of cross rolling. Steel contain- 
ing 0.179 pct S and made from Armco 
ingot-iron melting stock. X250. Reduced 
approximately 46 pct for reproduction. 
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Fig. 5—Transition curves for longitudinal specimens from 
1/2-in. plate rolled with no cross rolling and heat treated 
to 40 R, hardness. 
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Fig. 6—Effect of sulfur content on V- 
notch Charpy values of longitudinal spec- 
imens from straight-rolled 0.5-in plate 
heat treated to various hardnesses and 
tested at —40°F. 


Fig. 7—Effect of sulfur content on V- 
notch Charpy values of longitudinal spec- 
imens from straight-rolled 0.5-in. plate 
heat treated to various hardnesses and 
tested at 80°F. 


Fig. 8—Effect of sulfur content on V- 
notch Charpy values of longitudinal spec- 
imens from straight-rolled 0.5-in. plate 
heat treated to various hardnesses and 
tested at 300°F. 
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reflection of the higher temperature needed to 
develop maximum Charpy values in steels heat 
treated to 40 Rc. Thus, the effect of sulfur on 
notched-bar values appears to be essentially in- 
dependent of hardness. 
A similar impact value-sulfur content plot for 
transverse specimens is shown in Fig. 9. Although 
the Charpy levels are lower for the transverse 
specimens, the effect of sulfur is similar. The 
slope of the trend lines for the steels made from 
ingot iron is the same as that for the longitudinal 
specimens, Fig. 8. The differences in slopes at- 
tributable to melting stock are less pronounced for 
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Fig. 10—Effect of hardness on V-notch Charpy values of 
longitudinal specimens from straight-rolled 0.5-in plate 
tested at 300°F. 
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Fig. 9—Effect of sulfur on V-notch Charpy 


values of transverse specimens from 


straight-rolled 0.5-in. plate heat treated 
to various hardnesses and tested at 300°F. 


the data from transverse Specimens. 
Fig. 10 shows the effect of hardness on Charpy 


values of steels with different sulfur contents. 


Lower sulfur steels are more sensitive to changes 
in hardness level. Apparently in steels embrittled 
by higher sulfur contents, the decrease in Charpy 
values produced by increasing the hardness level 
becomes progressively smaller. 
4) Effect of Tempering Temperature—A plot of 
impact values at 300°F as a function of tempering 
temperature, on semilogarithmic coordinates, is 
shown in Fig. 11. When plotted in this manner, a 
family of straight-line curves with equal slopes is 
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Fig. 11—Influence of tempering temperature on V-notch 
Charpy values of longitudinal specimens from straight- 
rolled 0.5-in. plate tested at 300°F. 
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obtained, These data can be used for estimating 
Charpy values for any 2-hr tempering treatment if 
data for one tempering temperature are known. The 
relationship is expressed by the formula: Log of 
Charpy value = Log K + 0.112 (T-850/100) where 

K =Charpy values of steels with equal sulfur con- 
tents for specimens of the same orientation and 
rolling practice,tempered 2 hr at 850°F, and T 

= tempering temperature of interest in deg F. 

The relationship appears to be independent of 
sulfur content and degree of cross rolling. 

5) Effect of Microstructure— Three experimental 
steels (Heats A7674, A7677, and A7954) with sulfur 
contents ranging from 0.035 to 0.179 pct, were 
studied in the straight-rolled condition to determine 
how the regular effect of sulfur on energy absorption 
‘might be changed by microstructural variations. 
Pearlitic microstructures and structures resulting 
from slack quenching were investigated. Pearlitic 
microstructures with a hardness of 88 Rg were 
obtained by austenitizing at 1600°F, transferring to 
a furnace at 1200°F, holding 168 hr and water 
quenching. Slack-quenched structures were obtained 
by isothermally transforming for 26 min at 800°F, 
quenching and tempering at 1140°F. This treatment 
produced a hardness of 30 Re. 

A plot of Charpy values as a function of sulfur 
content on logarithmic coordinates for the samples 
transformed to pearlitic microstructures, together 
with the previous evaluations for tempered marten- 
sitic microstructures at 25 Rc is shown in Fig. 12. 
At sulfur contents below 0.060 pct, the effect of 
sulfur on the impact values in the pearlitic steel is 
seen to be the same as its effect in tempered mar- 
tensite steels. At the highest sulfur level, however, . 
the sulfur did not decrease the impact values of the 
pearlitic steel as much as it did those of the tem- 
pered martensitic steel. 

A similar plot, comparing the impact values as a 
function of sulfur content for slack-quenched and 
fully quenched and tempered steels, tested at - 40°F 
and at 300°F, is shown in Fig. 13. The tests at 300°F 
shows the effect of sulfur on maximum energy values 
to be the same for the steels in the two microstruc- 


100 


300F 
80 


70 gi 


| 


Martensitic steels tempered to 25R, 
hardness 


7 


| specimens 


60 


50 


7 


40 


3 Pearlitic steels 
3] ° 
a 30 
3 20 
Pearlitic steels — 
~ 
Martensitic steels 
tempered to 25R, hardness Se 

10 

8 

7 

N 
6 
5 
0.020 0.030 0.040 0.060 0.080 0.100 0.200 0.300 


Sulfur Content, per cent 


Fig. 12—Influence of sulfur content on V-notch Charpy 
values of pearlitic and tempered-martensitic steels when 
tested at 300°F. 


tural conditions, throughout the entire range of sulfur 
contents investigated. The energy values were higher 
for the slack-quenched steels than for the fully 
quenched steels. The tests at — 40°F, however, 
showed the fully quenched steel to be superior to the 
slack-quenched steel at the two lower sulfur values. 
This latter observation is presumably a reflection 

of the lower transition temperature of the fully 
quenched microstructure but the higher maximum 
energy values of the slack-quenched steel was un- 
expected. The data suggests that, as has been 
generally recognized, full hardening is desirable 

for low transition temperatures and good Charpy 
values at very low temperatures, but that slack 
quenching does not harm, and may improve, Charpy 
values at high temperature. 
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Fig. 13—Influence of sulfur content on 
V-notch Charpy values for slack-quenched 
and for fully quenched steels at —40° and 
300° F. All specimens heat treated to 30 Re. 
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Fig. 14—Effects of sulfur content on V-notch Charpy 

values at 300°F of straight-rolled 0.5-in plate in three 

conditions of homogenization. All specimens heat treated 

to 30 Rg. 
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6) Effect of Homogenization Treatment— Four of 
the steels (Heats A7674, A7677, A7957, and A8184) 
were given a homogenizing treatment in the slab by 
heating to 2350°F for 10 hr. The slab was then 
straightaway rolled to plate. Other samples of the 
same steel were given the same homogenization 
treatment in the final plate form. Impact-sulfur con- 
tent plots of these steels in the three conditions 
of homogenization, as heat treated to hardness 
values of 30 and 40 Rc are shown in Figs. 14 and 15. 
The solid trend lines show the average effect of 
sulfur on impact properties; the dashed lines are 
the indicated trend lines for the homogenized con- 
ditions. As in the other plots, the trend lines are 
discontinuous, according to the melting stock used. 
It will be seen that the homogenization treatments 
invariably raised the V-notch Charpy impact values 
of the straight-rolled steels in both directions and 
at both hardness levels tested. Improvement in 
energy absorption ability was generally more in the 
samples taken transverse to the principal rolling 
direction than in those taken longitudinally, but not 
remarkably so. The specimens from plates homoge- 
nized in the plate form show about twice as much 
improvement as those from plates homogenized as 
slabs. 

Metallographic examinations indicated that the 
homogenization treatment given the plates caused 
the sulfide inclusions to become rounded in trans- 
verse cross section and to develop rounded ends in 
longitudinal cross section. Presumably, the effects 
of heat treating the slabs were similar, but the in- 
clusions were elongated and flattened in subsequent 
rolling to plate. This effect on sulfide shape can 
explain the Charpy data to a considerable extent. 
Like lower sulfur contents, the blunter sulfides in 
the ‘“‘homogenized’’ steels raised the Charpy values 
without changing, appreciably, the ratio of Charpy 
values for longitudinal and transverse specimens. 
The fact that the anisotropy ratio was not changed, 
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Fig. 15—Effect of sulfur on the V-notch Charpy values at 
300°F of straight-rolled 0.5-in. plate in three conditions 
of homogenization. All specimens heat treated to 40 R.. 


suggests that the homogenization treatment did not 
cure microsegregation. 

7) Effect of Melting Stock— There were distinct 
differences in both the effect of sulfur, as evidenced 
by the slope of the impact-sulfur content lines, and 
in the impact values at a given sulfur level, between 
the steels melted with ingot iron melting stock and 
those melted with electrolytic iron melting stock. 
These differences persisted throughout these in- 
vestigations and cast a doubt on the general appli- 
cability to commercial practice of the answers ob- 
tained on the low-sulfur steels made with electroly- 
tic iron melting stock. The difference, however, is 
only one of degree and the qualitative effects of 
sulfur and the other factors studied are the same in 
these lower sulfur steels made from electrolytic iron 
as in the steels made from ingot iron. 

The most apparent discrepancy in composition 
between the two irons was copper content (0.01 pct 
in the electrolytic iron and 0.06 pct in the ingot iron). 
Tests on a series of steels of varying copper content, 
made with an electrolytic iron melting stock, how- 
ever, showed that the copper content did not affect - 
either the impact values or the effect of sulfur. No 
reasonable explanation was found for the apparent 
effect of melting stock on Charpy properties. 


CONC LUSIONS 


The results of the investigations described above 
lead to the following conclusions: 

1) Increasing sulfur content in an alloy steel of 
base composition 0.3C-2.5Ni-0.8Cr-0.45Mo de- 
creases Charpy V-notch impact resistance in a regu- 
lar manner at hardness levels in the range Rc 25 to 
40, for both straight and cross-rolled conditions, 
Charpy values for these steels, plot as straight lines 
vs sulfur content, on logarithmic coordinates. 

2) Sulfur content did not markedly affect the 
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Charpy impact transition temperature of these 
steels, although there was a trend toward a moderate 
decrease in transition temperature with increasing 
sulfur content. 

3) Directionality in plates of the steel studied de- 
pends on rolling practice and not on sulfur content. 
Cross rolling decreases the spread in Charpy values 
between longitudinal and transverse specimens pro- 
ao to its amount and independent of sulfur con- 
ent. 


4) The effect of sulfur on impact properties is 


lron-Alumina Materials 


Similar in steels with pearlitic or slack-quenched 
microstructures to that in steels with tempered 
martensitic microstructures, for steels with sulfur 
contents of 0.060 pct or below. 

5) Notched-bar impact values are improved by an 
homogenization treatment of 10 hr at 2350°F, inde- 
pendent of sulfur content, but directionality of 
properties is relatively unaffected. This treatment 
results in a rounding of sulfide inclusions, which is 
believed to be the principal factor in the improved 
impact properties. 


Studies were made on the system iron plus alumina. Various 
methods of dispersing and various amounts of alumina were used. 
Powder metallurgy techniques were used to produce the final 


product. 


Microstructures and some mechanical properties are presented. 
Alloys containing up to 16 pct alumina by weight ave ductile at all 
temperatures tested. The iron-alumina materials have a higher 


yield stress and improved creep resistance over that of pure iron. 


SINCE the development of SAP’ an Al-Al,O, powder 
metallurgy product, great interest has been shown in 
the development of a SAP-like structure in metals 
and alloys other than aluminum. The outstanding 
properties of this class of materials are: 

1) Good creep resistance at high temperature. 

2) High yield strengths and high hardness at high 
temperatures. 

3) High recrystallization temperature. 

However, the lack of ductility and formability has 
thus far limited the applications of SAP-like ma- 
terials. 

The following report deals with methods of dis- 
persing Al,O, in Fe, processing of powders into rod, 
structures produced after processing, and mechani- 
cal properties of the iron-alumina material pro- 
duced. Methods of dispersing the alumina and also 
the volume fraction of alumina added were varied. 


MATERIAL 


Powder Processing— Four methods of obtaining 
dispersions of alumina in iron were studied. 

1) Oxidation- reduction of a Fe + 8 pct Al alloy. 

2) Coprecipitation of Fe(OH), + Al(OH); from 
aqueous solution. 

3) Colloidal mixing of Fe,O, and Al,O,. 

4) Colloidal mixing of Fe powder and Al,0.. 


Fig. 1 is a processing flowsheet which outlines the 


processing steps taken to produce a final extruded 
bar 1/4 in. in diameter and about 30 in. long. The 
—100 mesh iron-aluminum alloy was oxidized by 
placing a thin layer of powder on an alumina plaque. 


Arno Gatti 


The reduction step was modified to include 1/2 hr at 


1000°C since the powders tended to become pyro- 
phoric unless sintered slightly after low-tempera- 
ture reduction. Compacting was done in a 1-1/8-in.- 
diam pressing die. The slugs produced averaged 1 
in. in length. 

The billets were encased in low-carbon steel cans 
shown schematically in Fig. 2. 

The blank is included for structure and property 
comparison purposes. 


TESTING PROCEDURE 
All tests were made on as-extruded material. 


OXIDATION- Feg Og 3p Fe + 
REDUCTION PRECIPITATION Als Og O3 
Fe+8% AL Fet 8%AL0 Fe+ 8% 
| 
ATOMIZE TO 6H20 COLLOID MILL 
MESH 6H20 30MIN. 
H20 
OXIDIZE AT 1250C 
O- PRECIPITATE 
Fe03+|6%AL203 WITH NH4OH BLANK 
-100 MESH 
REDUCE IN Ho FILTER & ORY Fe POWDER 
4 HR - 500°C 
THEN SHR+1000'C 


SINTER 
IG HR-1200°C-H 


ARNO GATTI is Metallurgist, Metallurgy and Ceramics Research 
Dept., General Electric Research Laboratory, Schenectady, N. Y. 
Manuscript submitted October 16, 1958. IMD 
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ENCASE AND EXTRUDE AT !200°C 
WITH 16 TO | EXTRUSION RATIO, 
PLUNGE GRIND TO | 5/8" RUPTURE 

BARS WITH .82GAUGE LENGTH AND 
.O1 SQ. IN. CROSS SECTION 


Fig. 1—Powder processing flow sheet showing steps fol- 
lowed to produce iron-alumina materials. 
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Fig. 2—Schematic diagram of extrusion billets. 


Tensile testing was done on an Instron testing ma- 
chine, in vacuum. Procedures for testing materials 
at high temperatures in special atmospheres are de- 
scribed elsewhere.” Samples were maintained at 
temperature at least 10 min before testing. All 
specimens tested in tension were strained at a rate 
of 0.02 min”. Creep data were obtained using creep 
capsules described by Pugh.* The creep capsules 
were evacuated and then filled with argon before 
testing. Specimens were held at temperature from 

2 to 5 hr before loading. 


RESULTS 


Microstructures— Microstructures of the as-ex- 
truded iron-alumina compacts are shown in Figs. 3, 
4,5, and 6. The samples which have less Al,0O,, 
Figs. 5 and 6, have correspondingly larger grain 
sizes. The photomicrographs of the samples show 
the size, distribution, and shape of the Al,O, inclu- 
sions. The average diameter of the Al,O, is about 2u. 

The microstructures produced by extrusion of 
carbonyl-iron powder are not shown. The grain size 
of this material averaged about 0.2 mm. 

Tensile Data— Table I shows the 0.2 pct yield 
stress, ultimate tensile stress and percent elongation 
as a function of test temperature. To help visualize 
changes in strength more readily the 0.2 pct yield 
stress vs testing temperature is plotted in Fig. 7. 


Fig. 4—Fe + 16 pet Al,O3 produced by coprecipitation. 
Transverse section, unetched. X500. Reduced approxi- 
mately 12 pct for reproduction. 
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Fig. 3—Fe + 16 pet Al,O, produced by oxidation reduction. 
Transverse section, unetched. X500. Reduced approxi- 
mately 12 pct for reproduction. 


a factor of four stronger than the blank, while the 8 
pet Al,O, material is at least twice as strong as the 
blank material. At 1800°F the properties are af- 
fected by a phase change of body-centered-cubic iron 
to face-centered-cubic iron. Data recorded are the 
average of 2 specimens for each data point. 

Creep-Rupture Data—A summary of the creep- 
rupture properties of the iron-alumina and blank 
materials at 1200°F are presented in Fig. 8. The 
creep resistance of all of the iron-alumina alloy is 
much greater than that of iron alone. Using the 100 
hr rupture life as a standard it is seen that stress to 
produce rupture can vary by as much as a factor of 
8 between pure iron and the iron-alumina materials. 
The creep data was obtained using one specimen for 
each data point of Fig. 8. 


DISCUSSION AND CONC LUSIONS 


1) Room temperature ductile iron containing 16 pct 
alumina by weight (oxidation-reduction material) was 
produced by powder metallurgy techniques. 

2) The average particle size of alumina produced 


in three cases was constant. Considerable clumping 
of alumina occurred in the coprecipitated alloy. Some 


variations in dispersion are evident in both the 16 pct 


Fig. 5—Fe + 8 pet Al,O3 produced by colloidal mixing of 
oxides. Transverse section, unetched. X500. Reduced ap- 
proximately 12 pct for reproduction. 
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Fig. 6—Fe + 8 pet Al,O3 produced by colloidal mixing of 
nonpowder and alumina. Transverse section, unetched. 
X500. Reduced approximately 12 pct for reproduction. 
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Fig. 7—0.2 pct yield stress of the iron-alumina materials 
alumina materials vs test temperature. 


alumina and 8 pct alumina alloys. These variations 
in dispersion of alumina cause variation in the creep 
and tensile properties of the materials. The more 
random dispersions produced by oxidation-reduction 
and colloidal mixing of oxides produce stronger, 
more ductile materials. 

3) The creep resistance of all the iron-alumina al- 
loys is much greater than that of the blank material. 

4) The 0.2 pct yield stress of all the iron-alumina 
alloys is higher than that of the blank at all tempera- 
tures tested. 

5) Powder metallurgy is an excellent method for 
the control of composition and size, distribution and 
shape of second phases in alloys. Success in produc- 
ing ductile iron and other metals containing disper- 
sions of oxides suggests that cermet materials can 
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Table |. Tensile Properties of lron-Alumina As Extruded 


: Test 0.2 Pct Yield Tensile Pct Elong. 
Specimen Temp., Strength, Strength, in 0.82 
Designation (°F) X1000 Psi X1000 Psi In. 
Blank RT 16.3 312 27 
0 pet ALO, 1200 4.0 5.6 24 
1500 22 2.5 17 
1800 2.6 3.0 8 
Oxidation- RT 66.5 73.5 i: 
reduction 1200 26.5 AD 5 
16 pct ALO, 1500 9.5 9.5 IR. 
1800 9.0 9.2 
Coprecipitate RT 50.3 50.3 0 
16 pct ALO, 1200 32.0 32.2 0.5 
1500 12.1 12.1 5 
1800 5:5 5.5 3 
Fe,0,+AL,0, RT 43.0 52.0 2.5 
8 pct ALO, 1200 13.5 14.4 15 
1500 5.0 5.1 10 
1800 4.8 4.9 4 
Fe + ALO, RT 41.5 44.7 4.5 
8 pct Al,O, 1200 10.5 11.4 20 
1500 4.0 4.2 11 
1800 4.4 5.2 2 
TIME TO RUPTURE AT |200°F 
INTERNALLY OXIDIZED (16 
V_ CO-PRECIPITATED (16 % Al2 03) 
Fe203 + Al, 03 (8 % Al203) 
@ Fe+Al,05 (8% 05) 
BLANK 
3 
I 


10 100 1000 
TIME HOURS 


Fig. 8—Initial stress vs time to rupture of the iron-alumina 
materials tested at 1200°F. 


be developed which are both strong and ductile. 
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Studies on the Metallurgy of Silicon Iron IV. 
Kinetics of Selective Oxidation 


In part III’ of this series it was shown that during the selective 
oxidation of a 3 1/4 pct Si-Fe alloy in damp hydrogen, only silica, 
(observed at room temperature) as low cristobalite or low tridy- 
mite or both, was formed as an oxidation product. In some in- , 
stances where the film was fairly thin (probably well under 100A) 
there was some suggestion of an amorphous form of SiO,. The 
present investigation of oxidation vate showed that the selective 
oxidation of silicon-iron can be rather complicated, and apparently 
impossible to rationalize in an unequivocal manner. In some tem- 
perature regions, notably near 800° and 1000°C, the data seem to 
obey the familiar parabolic vate law. However, at intermediate 
temperatures complications were noted, some of which are pos- 


sibly due to the order-disorder reaction in the silicon-iron solid 


solution. 


In an earlier report’ it was shown that during the 
oxidation of 3 1/4 pct Si- Fe alloys in H,O-H, at- 
mospheres only silica films were formed in the 
temperature range from 400° to 1000°C in hydrogen 
nearly saturated with water at room temperatures, 
or at dew points as low as —45°C. In the work to be 
reported here, some observations are made on the 
rate of oxide film formation. 

As in the earlier investigation, electron diffrac- 
tion patterns generally showed either low tridymite 
or low cristobalite or both, except for some very 
thin films. These sometimes showed diffuse rings, 
presumably due to a very small crystallite size, or 
in a few cases, diffuse bands probably caused by an 
amorphous film. 


EXPERIMENTAL PROCEDURE 


Vacuum-melted silicon iron made of high-purity 
materials was rolled into strips 0.014 in. thick, 
and cut into samples 1/2 in. wide by 1 in. long. 


Chemical analysis showed 3.2 pct Si and 0.002 pct C. 


All samples were surface abraded with 600-grit 
paper, were solvent cleaned, and then placed in an 
apparatus containing a ‘‘Gulbransen type’’” micro- 
balance. Here the gain in weight of the samples of 
about 5 sq cm area could be followed as a function 
of time during the oxidation caused by the water in 
atmospheres of various controlled water-hydrogen 
ratios. The water-hydrogen ratios can most easily 
be described as varying from a dew point of 


/P 
° H20 
0 = 10"), 


HQ 


P 
~40°C 10-4) 


Pi, 
Most of the experiments were conducted at the 0°C 
dew-point atmosphere because drier atmospheres 
caused so little gain in weight that the accuracy of 
A. U. SEYBOLT, Member AIME, is Metallurgist, General Electric 
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measurement was poor. Because of this, only the 
data obtained at 6.2 10° * will be re- 
ported. 

The temperature range extended from 800° to 
1000°C; and most of the oxidation runs lasted for 
about 24 hr. The reproducibility of any reading was 
about +1 y, but the sensitivity of the balance was 
about 0.2 y. The atmosphere, flowing at 200 cm per- 
min, was preheated to the furnace temperature be- 
fore contacting the specimen. While the gas flow 
caused a measurable lift on the sample, it was 
ordinarily sufficiently constant so that it was not an 
appreciable source of error. 

X-ray and electron diffraction checks of the sam- 
ples before and after oxidation showed no evidence 
of preferred orientation, either on the metal sam- 
ples or on the silica films formed. 


EXPERIMENTAL RESULTS 


The data obtained are summarized in Table I, and 
some are given in detail in Figs. 1 to 4. In the fourth 
column of Table I, kp refers to the parabolic rate 
constant in the expression 


y 2 
where 
y= micrograms gain in weight 
kp = parabolic rate constant in units »2/cm‘ 
t = time in minutes 
c = constant 


It will be noted that in many cases no value for kp 
is given; this is because in these instances the data 
did not obey the parabolic rate law. The silica film 
thicknesses given in the last columns are values 
calculated from the weight gain, an average tridy- 
mite-crystobalite density, and by assuming a per- 
fectly plane surface. 

Fig. 1 shows the data plotted in the form of Eq. [1], 
hence a linear plot indicates parabolic behavior. It 
has been frequently observed in the literature that 
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Fig. 1—(Weight-gain)* vs time at 800°, 40 
850°, and 1000°C for 3 1/4 pct Si-Fe 20 
alloys. H,O/H, ratio = 6.2 x 1073, ao 


200°C 950° 
data (not porobollc) 


the initial oxidation rate is different than that which 
occurs later, after an initial film has been formed 
and a more or less steady process has been estab- 
lished. Hence, it is not very surprising that the 
points do not extrapolate to the origin. Since the 
data at 900° and 950°C do not follow this behavior, 
only their relative position is indicated by a cross at 
500 min. All of the samples used in constructing 
Fig. 1 were rapidly cooled from a 1000°C dry hydro- 
gen (-—60°C dew point) anneal prior to the oxidation 
test, except for one sample marked ‘‘cold worked.”’ 
The significance of this will be referred to later. 
The cold-worked samples had been cold rolled to 
about 50 pct reduction in thickness since their last 
anneal. 

Fig. 2 shows the rather anomalous behavior at 
900° and 950°C, in that first, there is a marked 
changed in rate at 200 to 400 min which is essen- 
tially a change from nearly parabolic to approxi- 
mately linear behavior except for sample 672 which 
falls off compared to the others. Secondly, there is 
very little difference in overall oxidation rate be- 
tween samples oxidized at 900°C and those oxi- 
dized at 950°C. Ordinarily at 50°C rise in tem- 
perature makes a very appreciable change in 
oxidation rate, see Fig. 1. 


TIME , MIN. 


Fig. 3 shows that at 800°C, the oxidation rate is 
essentially the same for both cold-worked and 
1000°C quenched samples, but that a higher carbon 
content of 0.023 pct appreciably reduces the oxida- 
tion rate compared to the standard 0.002 pct C. 

Some interesting results are shown in Fig. 4 where 
four runs at 850°C are plotted. The two upper 
curves correspond to specimens which were pre- 
viously rapidly cooled from 1000°C, while the lower 
curve describes the result of two runs using 50 pct 
cold-rolled samples. Not only was the oxidation rate 
faster for the 1000°C quenched samples, but also 
the data appear to obey the parabolic law. On the 
other hand, the cold-worked samples showed a more 
linear oxidation rate after the first 150 min. How- 
ever, at these slow rates of oxidation, the distinction 
between parabolic and linear behavior is not well 
marked. 

It must be admitted that the absolute difference 
between the approximately parabolic and the ap- 
proximately linear behavior is small. It was ob- 
served on other samples not reported here. But in- 
spite of the rather small difference in extent of 
oxidation, and in shape of the curves, there seems 
to be reason to believe that this difference is signifi- 
cant. It is believed that it is significant that both 


Table |. Rate Constants for Selective Oxidation of 3.2 Si-0.002 C Alloy Using 0°C Dew-Point Hydrogen 


Prior Alloy y per Sq Cm Estimated Film 
Run No. Condition ae ki, y/cm* Min at 500 Min Thickness, 

629 1000°C quenched 800 0.069 4.9 

648 1000°C quenched 800 0.061 5.0 

666 cold-rolled 800 0.054 4.5 500 
653 1000°C quenched 850 0.203 9.8 

682 2 1000°C quenched 850 0.159 8.5 800 
675 cold-rolled 850 - 6.8 

680 cold-rolled 850 = 6.8 

674 1000°C quenched 900 - 12.6 1200 
672 cold-rolled 900 - 1353) 

652 1000°C quenched 950 - ~13.0* 

679 1000°C quenched 950 - 13.0 1200 
684 cold-rolled 950 = 15.0 

677 1000°C quenched 1000 1.06 21.4 2000 


*Run did not last for 500 min, but was closely parallel to 679. 
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curves of the cold-worked samples fall below those 
of the 1000°C quenched samples, and that both the 
cold-worked samples are more linear than the 
quenched samples. This latter difference, however, 
is so small that if one compresses the time axis by 
plotting unit weight gain vs square root of time, 
apparent parabolic behavior is observed. 


DISCUSSION 


The rather small difference between the behavior 
of the cold-worked and the annealed samples of 
Fig. 4, cannot be attributed to some peculiar effect 
of cold work per se. One of the runs plotted (No. 
680) there was run twice: once starting with cold- 
rolled strip and again after the oxide film from the 
first 24-hr exposure at 850°C had been abraded 
away. During the second oxidation test it behaved 
exactly the same as during the first run when it was 
initially in the cold-worked state. Since the cold- 
worked samples become completely recrystallized 
during the oxidation at 850°C (and also at 800°C), 
it is obvious that the difference between the ‘‘1000°C 
quenched behavior’’ and the ‘‘cold-worked behavior’’ 
cannot be ascribed simply to some specific effect of 
cold work. 

In some other experiments® evidence was found for 
a two-phase field of ordered plus disordered Fe-Si 
solid solution, extending to rather low silicon con- 
tents. At 800°C the phase boundaries were approxi- 
mately 1 pct Si and 6 pct Si. Hence solutions con- 
taining less than 1 pct Si would be disordered 
regardless of temperature. Between 1 pct Si and 6 
pet Si would lie two coexisting solid solutions, and © 
above 6 pct Si, at 800°C, the solid solution would be 
completely ordered. It would be anticipated that 
these phase boundaries would move toward higher 
silicon contents with higher temperature, but at 
850°C an alloy of 3.2 pct Si would consist of both the 
ordered and disordered phases if equilibrium were 
achieved. In Ref. 3 it was brought out that equi- 
librium was obtained on heating Fe-Si alloys of ~3 
pet Si only if they had previously been either hot 
worked or cold worked. Samples heated to tem- 


20 


Fig. 2—Weight-gain vs time for 3 1/4 
pet Si-Fe alloys at 900° and 950°C. 
H,O/H, ratio = 6.2 x 107-8, 


0 


peratures around 1000°C and rapidly cooled pre- 
served complete disorder even on holding for days 
at ~800°C. Therefore, it appears very likely that the 
1000°C quenched samples of Fig. 4 were completely 
disordered, while the ‘‘cold-worked samples”’ 
(initially cold worked) were partly ordered. Partial 
order means that the activity of silicon in solution 
is less, hence making the silicon less available for 
oxidation. This would have the same effect as re- 
ducing the silicon content of the alloy, and naturally 
the oxidation rate would be lower if the rate con- 
trolling step is rate of silicon diffusion to the sur- 
face of the alloy or through the growing layer of 
SiO,. However, no explanation can be given for the 
tendency of the ‘‘cold-worked’’ alloys to assume a 
flatter, more linear shape. 

Because of very limited adherence to the para- 
bolic rate law, it is not possible to show an activa- 
tion energy for some unique process by plotting the 
usual log kp vs 1/T. If the few available data are 
plotted, the points do not fall on a straight line. This 
may suggest that different rate-limiting processes 
are operable in different temperature regions. 

No explanation is at present available for the 
anomalous oxidation behavior at 900° to 950°C. It 
may be related in some way to ordering in the solid 
solution because as seen in Fig. 1 at 1000°C where 
the solid solution is completely disordered, the be- 
havior reverts to parabolic. In none of the samples 
was there any indication of cracks in the oxide film. 
Cracks can not be definitely ruled out, but most 
samples were scrutinized under a low-power and 
moderately high-power microscope after the run 
without finding any evidence for film cracking. In 
addition, if cracking is responsible for the so- 
called linear region at 900 to 950°C, cracking would 
also be expected at 1000°C or 850°C. The structure 
of these films has already been discussed in Ref. 1. 

The effect of carbon as shown in Fig. 3 has not 
been investigated in detail but it appears somewhat 
unlikely that it is due to decarburization. The rate 
of carbon loss from silicon iron in damp hydrogen is 
very low at 800°C. For example, in the experiment 
illustrated in Fig. 3, the final carbon content of the 


HED 3.2 Si + 629, 


Fig. 3—Effect of higher carbon content 
on 3 1/4 pet Si-Fe oxidation rate at 


Si + .023.¢ (630) 


TIME, MIN. 
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Fig. 4—Effect of prior cold work vs 2 
1000°C —quenched condition on 3 1/4 pct 
Si-Fe oxidation rate at 850°C. H,O/H, 
Patio 
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0.023 pct C alloy was the same as the original car- 
bon content within the experimental error of +0.003 
pet C. Normally the carbon content is determined 

to +0.001 pct, but in these tests the sample was too 


small (about 0.6g) for the best accuracy. A loss of _ 


only 0.001 pet C would correspond to a loss of about 
6 y, or on a sample of -5 sq cm a loss of 1*y per 
Sq cm. The difference observed between the two 
curves at the end of the run is about 5y per sq cm, 
or about five times the difference in weight due to 
0.001 pct loss in carbon. Since the maximum loss 
in carbon is about 0.003 pct (the analytical error) , 
it appears that carbon loss may not quite account 
for the observed difference between the two curves. 
It may be possible that carbon in some way 
‘*poisons’’* the sample surface, and thereby reduces 


*Suggested by M. Hepworth, Purdue University. 
the oxidation rate. 


SUMMARY 


The kinetics of the selective oxidation of a 3.2 pct 
Si- Fe to form SiO, was explored over a tempera- 
ture range of 800° to 1000°C, using a flowing gas 
mixture of water and hydrogen where Puy 
= 6.2 X 107° (0°C dew point). 

Some of the data obtained showed the familiar 


1000° QUENCHED ALLOYS 


worneD a..ors [3673 ] 


TIME , MIN. 


parabolic law behavior, but some did not. Insuffi- 
cient information is available to account for the~ 
nonparabolic behavior which mostly occurred in 

the intermediate temperature range of 900° to 950°C. 

The nature of the experimental results at 850°C 
seems to admit the possibility of a lowered silicon 
activity due to partial Fe-Si ordering in the alloy 
solid solution. 

The presence of 0.023 pct C caused a pronounced 
reduction in the rate of gain in weight. This could 
possibly be due to a loss in carbon, but more prob- 
ably to some unknown effect upon the oxidation 
process. 
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The Measurement of Grain Contiguity in 


Opaque Samples 


In this paper itis suggested that the degree of contiguity (or 


contact) between adjacent grains be described by three parameters 
which can be rigorously determined from measurements on a ran- 
dom plane of polish. An expression is also derived for the number 
of contacts per unit volume and it is shown that this quantity can- 


J. W. Cahn 


not, in general, be estimated from measurements on a random 


plane. 


In a recent contribution’ Gurland has proposed 
various parameters for describing the degree of 
contiguity (or contact) between grains of the same 
phase in an alloy. To relate these parameters to 
measurements on a random two-dimensional sec- 
tion, it was necessary in most cases to make some 
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assumption about the form of the structure. Since 
Gurland was specifically interested in sintered 
carbide structures, he chose, quite reasonably, to 
assume that the grains were constant-size spheres 
and that all the intersections were flat areas of 
constant radius. Since, as we will show, the re- 
lationships between the parameters and the meas- 
urements are strongly dependent on the grain shape 
and size distribution, it is evident that these assump- 
tions will not be satisfactory approximations for a 
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more general type of structure. 

One of the measuremenis suggested by Gurland 
can be interpreted without any assumption about the 
structure. In this note we wish to point out that there 
are other such measurements and that, between 
them, they provide a useful description of contiguity. 
We shall also define a shape factor and use it to 
obtain a rigorous expression for the number of grain 
contacts per unit volume to demonstrate how the 
shape enters into metallographic equations. 

The first measurement of contiguity (and the one 
which is included in Gurland’s treatment) is the 
total area, S, per unit volume of contacts between 
grains of specified phases. It was shown by Smith 
and Guttman’ that the area of a two-dimensional 
feature in a unit volume is given by twice the num- 
ber of intersections the feature makes with a random 
line of unit length. Denoting the number of such in- 
tercepts by N, we thus have for the contact areas, S, 


= 
Sup = [1] 
Sey = 2Ney, and so forth. 


The subscripts are used to identify the phases which 
meet at the contact areas. 

The second quantity which can be measured un- 
equivocally is the total edge length, X, in a unit 
volume between three grains of specified phases. 
Again using the results of Smith and Guttman’ we 
have 


Naan = 


Nab = Naas; [2] 
= 2opy, and so forth, 


in which the n’s are the number of junction points of 
the three grains seen on a unit area of a plane of 
polish. The subscripts in [2] denote the phases in the 
three grains surrounding the edge. 

A third quantity, which is related to the edge 
lengths, is the total perimeter, C, of contact areas in 
a unit volume between specified phases. Thus for the 
perimeter of aa contacts we have 


Caa = + +t [3a] 


The factor of 3 in the first term occurs because an 
aaa-edge is shared by three aa-contacts. Similarly 
for the perimeter of a£-contacts 


Cog + Aaby.+ [3b] 


Using [2] we could express Cy or Cyg in terms 
of the ”’s. However, to facilitate the experimental 
observations, it is more convenient to relate them to 
the numbers, Mgq Or of or af contacts seen 
in a unit area of the plane of polish. Since each aaa 
edge is the terminus of three aa contacts, and each 
aap or aay edge is the terminus of one aa contact, 


3 1 
Man = 5 Noaaa + 5 + Noay t +++ [4a] 


the factor of (1/2) in each term arises because a 
two-dimensional contact has two termini. 
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Likewise, 


1 
Map =NaaB + + 3 NaBs + [4b] 


Substitution of [4] and [2] into [3] gives 


Coq = [5] 
Cop = 4 Map. 

If a contact is interrupted by a particle, both seg- 
ments are included in the count for Mgq OY Map. 

It is to be emphasized that Eqs. [1] through [5] are 
valid for any distribution of grain sizes and shapes. 
Thus from a simple measurement on a random plane 
of polish of the number of intercepts on a unit length 
of line, and the number of grain junctions and con- 
tacts per unit area, we can rigorously determine the 
three parameters: S, A and C. ‘By a suitable com- 
bination of these parameters we can derive others, 
such as the fraction of the total contact area that is 
between two particular phases and the average peri- 
meter to area ratio per contact. 

Whether or not these quantities will provide an 
adequate description of the contiguity depends, of 
course, on what use is to be made of the measure- 
ments. For some purposes additional information 
will be required in the form of parameters that are 
not, in general, measurable on a single plane of 
polish. One of the more important of these is the 
number, i, of contact areas in a unit volume be- 
tween specified phases. 

To illustrate the dependence of pu on the form of 
the structure, it is convenient to define a ‘‘shape 
factor,’’ such that 


[6] 
47S; 


where c; is the perimeter and s; the area of the 
i-th contact. It will be noted that the lower case has 
been used to distinguish these symbols from C and 
S which refer to the totals per unit volume. The 
factor 9; will be unity for planar circular contacts. 
It can be very much larger if the contacts are ap- 
preciably noncircular, or smaller if the contacts 

are appreciably nonplanar. For the whole sample we 
can define an average, $, in which the individual 
g;’s are weighted in accordance with the area of con- 
tact. 


Thus 


There will be a @ for every possible pairwise com- 
bination of phases, but for simplicity we will omit 
the subscripts denoting the type of contact. If all the 
contacts are planar and circular then ¢ = 1, but it 
can be much larger even if only a few contacts are 
appreciably noncircular. 


Substitution of [6] in [7] gives 
— 1 2 


The average can also be expressed in terms of the 
number of contacts per unit volume, yp, and the aver- 
age and standard deviation of perimeter lengths, c 
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and o,. Noting that 


u 
and 
(c; - 2) 


Eq. [8] can be rewritten 


or, aS an expression for i, 


Cc? 1+ (=) : 

4 T S [10] 

The numerator of the factor enclosed in brackets 
represents the dispersion in perimeter lengths of 
the contacts and the denominator is a measure of 
their shape. Both quantities are well defined, but in 
general neither the individual values nor their quo- 
tient can be determined, even approximately, from 
measurements on a Single plane of polish. The rea- 
son for this is that the distribution of contact lengths 
seen on a plane is determined by both the size and 
shape distribution of the contact areas and the two 
contributions cannot be isolated. Thus, for example, 
a wide range of contact lengths seen on the plane 


could result from two extreme possibilities. i) All 
contacts are the same size but very elongated; in 
this case (0-/¢) = 0, > 1, and [1 + (0,/¢)"]/¢ < 1. 
ii) All contacts are circular but differ greatly in 
size; in this case (0,/c)>0, 1, and[1+ (0,/¢)?] 
/$¢> 1. 

To determine the number of contacts per unit 
volume it is therefore necessary to resort to meas- 
urements in three dimensions or, alternatively, to 
make some assumption about the form of the struc- 
ture. This assumption must be such as to permit an 
evaluation of (o./c) and @ either directly or in con- 
junction with additional observations on the plane of 
polish, such as the distribution of contact lengths and 
their curvature. The assumption made by Gurland’* 
that all contacts between a grains are flat, circular 
areas of constant size immediately yields 


P woe = 1, 
and 


aa 
Hence [10] reduces to 
baa = 
for constant size flat circular contacts. 
By way of a summary, the following table lists the 


three contiguity parameters that are rigorously re- 
lated to measurements on the plane of polish. 


Parameters Measurable on Plane of Polish 


Measurement on Plane 


Parameter Eq. Definition of Polish 

Saa, Sag, and so forth. {u Total area per unit volume of Twice the number, Nag or 
aa contacts, a8 contacts, Nag, of intercepts made by 
and so forth. pairwise contacts on a unit 

length of a random line. 

aaa, AaBa, and so forth. (2] Total length per unit volume Twice the number, aaa or 
of aaa edges, af a edges, Naga, of grain junctions per 
and so forth. unit area of plane. 

Caa, Cag, and so forth. {5] Total perimeter length per Four times the number, maa 


unit volume of aa contacts, 
a8 contacts, and so forth. 


or map, of pairwise contacts 
per unit area of plane. 


1J. Gurland: AJME Trans., 1958, vol. 212, p. 452. 
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A Study of the Recrystallization Kinetics and 


Tensile Properties of an Internally Oxidized 


Solid-Solution Aluminum-Silver Alloy 


A very fine dispersion of aluminum oxide ts produced by 
internal oxidation of solid-solution alloy of 0.14 pct Al in Ag. 
The particle size of the aluminum oxide is approximately 50 to 


100A in radius. 


The yield strength of the alloy is increased markedly by 
internal oxidation. A further increase in strength is produced 


by cold working the internally oxidized alloy. Recrystallization 
is retarded by the finely dispersed aluminum oxide particles, 
so that the strength increase resulting from cold work is re- 
tained on annealing at temperatures up to about 700°C, 


Many workers?~* in the past have studied various 
aspects of the internal oxidation of aluminum-silver 
alloys. This paper is an extension of these studies 
with emphasis placed on the effect of time and tem- 
perature of annealing on the strength of these alloys 
after oxidation and subsequent cold working. 

Two general conditions are necessary to internally 
oxidize an alloy. First, oxygen must diffuse through 
the base material more rapidly than does the addi- 
tion; otherwise oxidation will take place as a surface 
layer. Secondly, the affinity of oxygen for the addi- 
tion must be greater than for the base material. 
After internal oxidation of certain alloys takes place, 
a marked increase in hardness accompanied by 
higher yield stress and improved creep properties 
is noted, presumably as a result of the highly dis- 
persed oxide within the base material. Meijering and 
Druyvesteyn’ also noted that the internally oxidized 
portion of a partly oxidized alloy failed to recrys- 
tallize under annealing conditions that led to com- 
plete recrystallization of the unoxidized part. 


EXPERIMENTAL—METHODS AND PROCEDURES 


Few alloys can be made to contain a second phase 
that is extremely stable at high temperatures. Silver 
plus aluminum in solid solution was chosen for these 
internal oxidation studies because of the high rate of 
oxygen diffusion through silver and the very stable 
nature of aluminum oxide. 

Two alloys were vacuum cast. The nominal com- 
positions were: Alloy A—1 pct Al, balance Ag; Alloy 
B—0.1 pct Al, balance Ag. Chemical analysis, which 
does not distinguish between aluminum and aluminum 
oxide, showed the composition to be: Alloy A—1.6 pct 
Al, and Alloy B—0.14 pct Al. The ingots were ma- 
chined for surface cleaning, swaged and drawn to 
0.020-in. diam wire. A sample 20 ft long of the 
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0.020-in. diam wire of each composition was an- 
nealed 24 hr at 800°C in pure dry hydrogen. Each 
wire was then cut into two equal pieces. Photomicro- 
graphs of the 0.14 pct Al alloy are shown in Fig. 1, 
the annealed 0.020-in. wire at the left and the oxi- 
dized wire to the right. The oxidation treatment for 
the first set of data was 1000 hr at 800°C in air. 
After this treatment the 1 pct Al proved to be brittle. 
It is assumed that high aluminum oxide concentration 
at the grain boundaries was responsible. The 0.14 
pet Al wire remained ductile and all further data 
were derived using this alloy. One-half of this wire, 
about 5 ft, plus 5 ft of as-homogenized wire, was then 
drawn cold to 0.005 in. diam. 

All tensile tests were conducted with an Instron 
Engineering Corp. tensile-testing machine, Model 
TT-B. Unless otherwise indicated, the tests were 
made at room temperature with a strain rate of 0.1 
per min. 

All metallographic samples were etched with an 
aqueous solution of 2 pct each of CrO; and H2SO,. 


EXPERIMENTAL RESULTS AND DISCUSSION 
PARTICLE SIZE DETERMINATION 


A study was made of the particle size of the alumi- 
num oxide produced in the samples of Ag +0.14 pct 
Al, oxidized 1000 hr at 800°C. A cross section of the 
aS -oxidized wire was mounted in bakelite, polished, 
and etched with an aqueous solution of 2 pct each of 
CrO; and H,SO,. The specimen was then thoroughly 
cleaned by stripping successive coatings made by 
applying 10 pct nitrocellulose in amyl acetate. The 
final replica of the cross section was made by apply- 
ing 2 pct nitrocellulose in amyl acetate. The replica 
was stripped, transferred to a copper screen, shadow 
cast with chromium at 10 deg and photographs taken 
using a Phillips Metallix electron microscope at an 
accelerating potential of 100 kv. A photograph of an 
etched sample of the as-oxidized material is shown 
in Fig. 2. 

We believe the pits in the photograph are places 
were Al,O; inclusions were sitting in the matrix. By 
inspection, it appears that the volume fraction ob- 
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4a) As-homogenized, 
24 hr-800° C-H, . 


b) As-oxidized, 
1000 hr —800° C- 
air. 


Fig. 1—Microstructures of as-homogenized and as-oxidized 0.020 in. diam wires. X150. Reduced approximately 32 pct 


for reproduction. 


served in the electron micrograph far exceeds the 
volume percent of alumina which the alloy contains 
as determined by analysis. There are at least two 
possible reasons for this artifact. First, the etch 
may remove particles and enlarge the holes in which 
they were sitting, and secondly, the shadowing pro- 
duces a magnification of projections which are 
present on the negative replica. We assume then that 
each pit on the photograph represents a particle 
whose actual diameter is smaller than that ob- 
served. In the procedure followed, the large pits 
were ignored since they probably arise from oxida- 
tion of Some aluminum during casting. The number, 
Ns, of small particles per unit area was counted on 
the photomicrograph. Assuming that these small 
particles contain approximately all of the aluminum 
oxide present, the diameter, D, of the small particles 
can be calculated.* 


Here f is the volume fraction of aluminum oxide 
(0.008 according to the chemical analysis). From the 


Table |. Results of Tensile Properties of Alloy after 
Various Heat Treatments 


0.2 Pct 
Treatment Ultimate Yield 
Material No. Strength, Psi Strength, Psi 

Commercial Ag qd) 26,500 7,640 
0.14 pet Al (2) 23,150 9,300 
+ Ag (3) 55,800 55,800 
Unoxidized (4) 22,000 9,740 
0.14 pct Al (5) 29,500 19,500 
+ Ag (6) 60,000 60,000 
Oxidized x (7) 35,000 25,300 
Treatments: 


(1) Annealed (ASM Handbook data). 

(2) 0.020-in. diam wire homogenized 24 hr at 800°C in hydrogen. 
(3) Drawn to 0.005-in diam wire. 

(4) Annealed 1 hr at 800°C in hydrogen. 

(5) 0.020-in. diam wire oxidized 1000 hr at 800°C in air. 

(6) Drawn to 0.005-in. diam wire. 

(7) Annealed 1 hr at 800°C in hydrogen. 
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electron micrograph at X10,000, Fig. 2, N, is ap- . 
proximately 75 xX 10° per sq cm. D then equals 140A. 
Use of Eq. [1] also requires the assumption that the 
particles are spheres of uniform diameter. The diam- 
eter computed is probably somewhat larger than the 
true average diameter, since a small part of the 
aluminum is present in the few large alumina parti- 
cles. 


ROOM-TEMPERATURE YIELD AND ULTIMATE 
STRENGTH AND ANNEALING BEHAVIOR 


Metallographic examination and tensile tests were 
made for samples of the unoxidized and oxidized 
wires before and after cold drawing, and after draw- 
ing and annealing 1 hr at 800°C in hydrogen. Results 


Fig. 2—Electron 
photomicrographs 
of as-oxidized 
wire. Reduced 
approximately 52 
pet for reproduc- 
tion. 


b) X22,500. 
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Fig. 3—Room-temperature yield strengths vs annealing 

temperatures of drawn oxidized and unoxidized 0.14 pct 

Al-Ag wires. 
of the tensile tests are given in Table I. The data of 
Table I permit comparison of the several strengthen- 
ing effects: a) Strengthening by internal oxidation 
(presumably particle hardening plus the small dif- 
ference between solid-solution hardening by oxygen 
and by aluminum), b) Strengthening by cold working, 
with and without particles, c) Strengthening by re- 
tardation of recrystallization, plus particle harden- 


a) 100°C Anneal 


d) 700°C Anneal 


e) 800°C Anneal 


ing. Comparison of treatments (2) and (5) shows the 
effect of inclusions alone (110 pct in yield strength, 
28 pct in ultimate strength), while (3) and (6) indicate 
the effect of inclusions in cold-worked metal (8 pct 
in yield strength and ultimate strength). Comparison 
of treatments (4) and (7) provides a measure of the 
effect of inclusions plus resistance to recrystalliza- 
tion (160 pct in yield strength, 59 pct in ultimate 
strength). 

In order to study further the influence of internal 
oxidation on the response to annealing, samples of 
the drawn oxidized and unoxidized wires were an- 
nealed for 1 hr at 100°, 300°, 500°, 700°, and 900°C 
in hydrogen. Fig. 3 shows the room-temperature 
yield strength for the various annealing temperatures 
(unoxidized and oxidized No. 1). Microstructures of 
the oxidized No. 1 wires areshown in Fig. 4. The 
photomicrographs show a gradual change in struc- 
ture from 300°C upward, but the changes are not 
what would be expected from normal recrystalliza- 
tion and grain growth. It appears that recrystalliza- 
tion begins in patches and these patches grow very 
slowly, with evidences of unrecrystallized material 
left behind. Microstructures of the unoxidized alloy 
are shown in Fig. 5. The photomicrographs of Fig. 5 
show a more normal recrystallization and grain 
growth behavior. At 300°C the wire is completely 
recrystallized and at 500°C the grains have grown 


f) 900°C Anneal 


Fig. 4—Microstructures, at X500 of oxidized No. 1 wires. Reduced approximately 19 pct for reproduction. 
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a) 100°C Anneal 


b) 300°C Anneal 


c) 500°C Anneal 


Fig. 5—Microstructures, at X500, of unoxidized wires. Reduced approximately 19 pct for reproduction. 


considerably. As the annealing temperature is _ 
raised, the structure continues to coarsen. Photo- 
micrographs of the unoxidized wires annealed at 
higher temperatures are not included. From the 
Similar shapes of the two curves of Fig. 3 and the 
change in microstructure of the oxidized wire, it is 
concluded that the oxidized wire started recrystal- 
lizing at about the same temperature as the unoxi- 
dized wire. The increased strength observed is 
attributed to incomplete recrystallization, in con- 
junction with particle hardening. 

An.isothermal anneal at 225°C was planned in or- 
der to study the recrystallization kinetics of the 
oxidized material. Previous experiments had ex- 
hausted the supply of oxidized material so more 
0.020-in. wire was oxidized at 800°C in air for 1000 
hr and drawn to 0.005-in. diam. The isothermal 
anneal was made with annealing times ranging from 
10 min to 10 days. As tensile tests were performed 
it became obvious that the new material did not have 
the same characteristics as the old. The wire had 
the same strength after a 10-day annealing period at 
225°C as it did after a 10-min anneal at 225°C. The 
strength vs annealing temperature results (‘‘Oxi- 
dized No. 2’’), are shown in Fig. 7 while the micro- 
structures are shown in Fig. 6. From the photo- 
micrographs we can See that there is no apparent 
change in structure until 800°C is reached. At this 
temperature small patches of recrystallized ma- 
terial appear, see Fig. 6(d). 

The failure of the isothermal run is now clear. 
Wire No. 2 does not recrystallize at temperatures 
below 700°C. The only intentional difference be- 
tween the two materials is in the method of oxida- 
tion used. The first material was annealed 24 hr in. 
dry H, at 800°C before oxidizing, while the second 
material was oxidized in the as-drawn condition. 
While the preannealed material has no significant 
different in strength as-oxidized, its resistance to 
recrystallization is smaller than material oxidized 
while in the cold-worked state. Gorsuch’ has noticed 
that wire annealed before oxidation has essentially 
uniform hardness across its diameter after oxida- 
tion, while as-drawn oxidized wire has a hardness 
gradient along its radius, progressing from high 
hardness at the rim to essentially the same hard- 
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ness as previously annealed wire at the center. The 
gradient may be a result of competition between re- 
crystallization and internal oxidation in the as- 
drawn wire. If the first few mils of the wire are 
oxidized while the wire is in the cold-worked state, 
the oxidation process may produce a finer precipitate 
and a stronger material in the surface layers. 

An experiment was also run using as a standard 
treatment 2 hr at 800°C in air without prior anneal- 
ing. The room-temperature yield stress of this ma- 
terial, as-oxidized, was 40,000 psi. We believe the 
two-fold increase in yield stress over the material 
oxidized for long times is due to a finer dispersion 
of aluminum oxide particles in the alloy oxidized for 
only 2 hr. A series of experiments was made similar 
to those whose results are shown in Fig. 7 but using 
short-time oxidized, then drawn material. The re- 
sults were similar to those on ‘‘oxidized No. 2’’ in 
Fig. 7, in that the material did not soften on anneal- 
ing at temperatures below 800°C. Although the 
alloy as-oxidized for 2 hr is twice as strong as that 
oxidized for 1000 hr, the materials have approxi- 
mately the same yield stress upon subsequent cold 
working. 

It is believed that the remarkable resistance of 
internally oxidized and drawn alloys to recrystalli- 
zation is a result of particle-induced restraint to 
motion of grain boundaries. Zener® has treated the 
effect of particles on grain boundary migration and 
has shown that the maximum restraining force F, 
per unit area of boundary is given by 


AF, = [2] 


where nv; = number of particles per unit area of 
grain boundary 

grain boundary free energy (500 ergs/ 
cm” assumed for silver) 

‘y = particle radius 


For random position of the grain boundary, the 
particle density ° is 


3 
[3] 
Substituting for in [2] and [3] gives 
[4] 
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a) 300°C Anneal 


d) 800°C Anneal 


The assumptions made in deriving Eq. [4] are that 
the particles are uniform spheres randomly dis- 
tributed, that the particle/matrix interfacial free 
energy is independent of the matrix orientation, and 
that the grain boundaries are approximately plane 
and randomly located. If the boundaries are signifi- 
cantly impeded by particles, nm, and AF, will be in- 
creased by nonrandom positioning of the boundaries. 
An additional restraining force is present for 

strongly curved boundaries moving in a direction 


QO OXIDIZED #2 


] 


-3 
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T T 
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Fig. 7—Room-temperature yield stress as a function of 
annealing temperature of oxidized No. 2 wires. 
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b) 500°C Anneal 


c) 700°C Anneal 


Fig. 6—Microstructures, at 
X500, of oxidized No. 2 wires. 
-4 Reduced approximately 19 pct 
for reproduction. 


e) 900°C Anneal 


that increases their radius of curvature. Gibbs” has 
shown that the restraining force for growth of a 
spherical boundary is 


AF, = ay [5] 
where A is the radius of curvature of the boundary. 
It is assumed that detectable recrystallization can 
occur only if the driving force (stored energy of 
deformation) exceeds the total restraining force on 
the boundary when the periphery of a new recrys- 
tallized grain first encounters particles. The radius 
R of a grain at this instant is approximated by con- 
sidering a hypothetical sample containing the same 
number of particles per unit volume but arranged in 
a Simple curic array. For this model, 


For the volume fraction and particle size meas- 
ured in the oxidized 0.14 pct Al- Ag alloy studied, 
Eqs. [4], [5], and [6] lead to the values 


R = 4.9 x 10°°cm 
AF, 
AF, 


3 


1 xX 10’ ergs cm™ 


2.0 x 10° ergs 


According to the measurements of Taylor and 
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Quinney® the maximum stored energy for metals is 
of the order 1 to 2 x 10° ergs cm™*, and is reached 
at strains of 0.7 or more. The wires studied in this 
investigation were drawn to a strain of about 2.8, 
and presumably the stored energy was of the order 
of 10° ergs cm™*. Hence the restraining forces an- 
ticipated are somewhat smaller, but of the same 
order of magnitude, as the probable strain energy 
available as driving force for recrystallization. 

It is now necessary to examine the validity of the 
assumption that stopping the growth of recrystallized 
grains on first encounter of particles leads to re- 
crystallization of only an insignificant fraction of the 
volume. In order to do this, we will compute the 


volume fraction recrystallized by growth to radius Re 


of a number of grains consistent with the number 
that nucleate in recrystallization of normal ma- 
terials. In normal metals and alloys, growth of re- 
crystallized grains continues until impingement, so 
the number of nuclei that were effective is the same 
as the number of grains per unit volume. For a re- 
crystallized grain diameter of 0.01 mm, there are 
about 2 X 10° grains per cm*. If this number of 
grains grew only to radius R = 4.9 x 10° cm, they 
would occupy only about 10° ° of the volume. Hence 
ten thousand times as many nuclei as normally 
operate would have to become effective in order to 
recrystallize even 1 pct of the volume, if these 


grains are all stopped on first encountering particles. 


Significant recrystallization then can occur only if 
nucleation sites much less favorable than those 
normally operating become effective. This can be 
expected only at temperatures much higher than that 
at which recrystallization usually occurs, or not at 
all. 

It is possible that recrystallization to the very fine 
grain radius R would not lead to yield strength 
values significantly lower than is obtained by cold 
working. Frank-Read sources’ in the material would 
be limited to a maximum length of about R. The ten- 
sile stress o* required to cause operation of a 
source of length R is approximately twice the shear 
stress T* required. 

2 ~ Gb R [7] 
o* = 27T* = In 
For silver the shear modulus G is 2.6 X 10” dynes 
em~? at room temperature, and the Burgers vector 
b is 2.9 x 10°°cm. Hence if the alloy studied re- 
crystallized completely to a grain radius R defined 
by Eq. [6], its predicted yield strength would be 2.2 
<x 10° dyne cm™, or about 32,000 psi. This value is 
roughly half that observed for the alloy after cold 
working and annealing at temperatures below 100°C: 

In order to test the possibility that retention of 
strength on annealing of the internally oxidized alloy 
is a result of fine grain size rather than prevention 
of recrystallization, the texture was observed for 
samples of the ‘‘oxidized No. 2’’ alloy both as-drawn 
and after annealing at 300° and 700°C for l hr. X-ray 
transmission shots, perpendicular to the drawing di- 
rection, were taken of the samples using copper 
radiation. No difference in the X-ray diffraction 
patterns was observed between the as-drawn sample 
and the annealed wires. The result is not entirely 
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unequivocal, since the normal recrystallization 
texture of drawn face-centered-cubic metals is the 
same as the as-drawn texture. However, if thou- 
sands of times as many recrystallization nuclei had 
operated as in normal materials, and anisotropy of 
growth rates had no opportunity to contribute to 
texture development, it would be surprising to find 
a ‘“‘normal’’ annealing texture. The results are in- 
terpreted tentatively as indicating that no signifi- 
cant recrystallization occurred in ‘‘oxidized No. 2”’ 
samples on annealing at temperatures below 700°C. 
A more definitive test performed by Wood” on 
rolled internally oxidized copper-aluminum sheet 
showed that recrystallization did not occur in that 
material. 


ROOM- TEMPERATURE STRAIN HARDENING 


Fig. 8 represents schematically the progress of 
a dislocation along a slip plane intersected by inclu- 
sions. As the dislocation crosses the inclusions, a 
dislocation loop is left behind around each particle. 
Successive dislocations passing over an inclusion 
leave more residual loops, whose number increases 
until the local stress inside the smallest loop is suf- 
ficient to shear the particle or the matrix around it. 
Fisher, Hart, and Pry*’ have examined the influence 
of the stress outside the loops, which opposes the ap- 
plied stress, on the applied stress required for con- 
tinued operation of Frank-Read sources. Their 
theory predicts that the presence of particles leads 
to an increased strain hardening during the strain 
interval (a few percent) when the number of disloca- 
tion loops around the inclusions is increasing to its 
maximum value. In other words, the difference in 
shear stress required, for deformation of a material 
containing particles and one that does not, increases 
with strain to a constant value 7;. The theory of 
Fisher, Hart, and Pry predicts that this maximum 
value is related to the volume fraction f, and the 
shear stress required to shear the inclusion or sur- 
rounding matrix, by the relationship 


37,f° [8] 


T, is the shear strength of a region containing no 
dislocations, and should correspond to a few percent 
of the shear modulus. Hart” has pointed out that for 
very small particle spacings, as are present in the 
internally oxidized alloy studied here, the dependence 
on volume fraction approaches the first power of /. 
Fig. 9 shows the true stress-true strain curves at 
room temperature for a sample of 0.14 pct Al- Ag 
oxidized 1000 hr in air at 800°C and for a sample 
annealed 24 hr in hydrogen at the same temperature. 
After subtracting off the difference in yield stress, 
the difference between the tensile stresses required 
for deformation of the two samples rises to a con- 


@) @ @ 


Fig. 8—Progress 
of a dislocation 

along a slip plane 
intersected by in- 
clusions. 
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DIFFERENCE IN STRAIN HARDENING 
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Fig. 9—True stress vs true strain for unoxidized and as- 
oxidized wire including the differential hardening stress o,. 


stant value 7, in accordance with the prediction of 
the Fisher, Hart, Pry theory. To a good approxima- 
tion we may replace both the shear stresses 7; 

and T, of Eq. [8] with corresponding tensile stresses 


o, and 
O, = 


where vn is expected to lie in the range 1 to 1.5. For 
the observed maximum difference in strain harden- 
ing, 0, = 4750 psi, the critical stress o, is 2 x 10° 
psi for m = 1, or 2.5 X 10° psi for m = 1.5. These 
values are about 1.6 and 20 pct, respectively, of 
Young’s modulus for silver. The values bracket a 
reasonable stress level for deformation of disloca- 
tion-free metal. The stress for ” = 1 more closely 
approximates observed perfect crystal strengths, in 
agreement with Hart’s” extension of the theory. 


TEMPERATURE DEPENDENCE OF YIELD STRESS 


A stable material, such as silver containing a fine 
dispersion of aluminum oxide inclusions, provides an 


Table II 
As Oxidized Yield Stress, Psi 
Oxidized, 
Test Temp. °C As Oxidized then Drawn 
— 196 55,900 72 

21 40,000 72,000 
150 37,500 
315 30,000 57,000 
482 21,500 38,000 
650 24,000 
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ee Ag-Al-O AS OXIDIZED 
0 Ag-Al-O AS WORKED 


E, PS.I. 


| | | 
4.28 4.40 4.52 4.64 4.76 488 
LOGoY2y, P.S.!. 


Fig. 10—Log-log plot of E vs 0.2 pct yield stress from 
Table II. 


ideal medium for measurement of deformation re- 
sistance as a function.of test temperature. The 


Ag-Al-O 
7.50 


ag-Al-O WORKED 


12.3 


e@ Ag ANNEALED AT 800°C (CARREKER) 


Y,.2%€ PSIx 


-200 -I00 0 100 200 300 400 500 600 


TEMPERATURE,°C 


Fig. 11—0.2 pet yield stress divided by appropriate ratios 
vs testing temperature. 
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Orowan criterion for yielding in particle-hardened 
alloys, the theory of Fisher, Hart, and Pry® for a 
work-hardening increment resulting from particles, 
and the theory of strength resulting from limited 
length of Frank-Read sources* all predict that the 
stress concerned is a constant fraction of the shear 
modulus, or, approximately, of Young’s modulus. In 
normal particle-hardened materials the comparison 
of these theories with experiment is complicated by 
the possibility of changes in the particle size with 
temperature, but internally oxidized silver- aluminum 
alloys should be essentially free of this difficulty. 

Tensile tests were performed on as-oxidized and 
on oxidized-then-drawn wires (oxidized No. 1) at 
temperatures from —196° to 650°C. The yield stress 
data is tabulated in Table II while a log-log plot of — 
E*vs 0.2 pct yield stress is shown in Fig. 10. From 
Fig. 10 we see that the yield stress is proportional to 
E*-®, both for as-oxidized and for oxidized-then- 
drawn material. In both materials the yield strength 
decreases more rapidly with increasing temperature 
than is predicted by present theories. 

It was found that the ratio of yield strength of the 
oxidized or oxidized-and-drawn alloy to that of pure 
Silver with the same grain size is independent of the 
test temperature. For the alloy oxidized 1000 hr at 
800°C in air (Oxidized No. 1), this ratio is 7.5, while 
for the same material drawn to 94 pct reduction of 
area the ratio is 12.3. Fig. 11 shows the yield stress 
of pure silver * and the reduced yield stresses of the 
oxidized and the oxidized-then-drawn alloy. The data 


indicate that the temperature dependence of yield 
stress is identical in pure silver and in particle 
strengthened or particle plus strain strengthened 
silver. If this observation is general, the failure 
of present theories to rationalize any temperature 
dependence other than that arising from change in 
modulus is a serious deficiency. 


CONCLUSIONS 


A study was made of the recrystallization char- 
acteristics and tensile properties of an internally 
oxidized solid solution aluminum-silver alloy. It was 
shown that materials produced by this technique have 
superior tensile properties associated with the fine 
dispersion of stable oxide. The oxide particles also 
inhibit recrystallization. The theory of influence of 
inclusions on grain boundary migration can qual- 
itatively explain the change in recrystallization 
characteristics. The strain hardening observed at 
room temperature is in qualitative agreement with 
current dislocation theory, but the temperature 
dependence of yield strength is not. 
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The Reduction of Nickel Oxide 


Metallographic observations on hydrogen-reduced nickel 
oxide crystals suggest that nucleation of nickel occurs at struc- 
tural singularities in the oxide. The fully reduced structure con- 
tains micron-diameter, worm-like voids occupying 40 to 50 pet 


of the volume. 


The crystallographic orientation relationships between nickel 


oxide and nickel resulting from oxide reduction are recorded and 


discussed. 


Tue process of reduction of oxide to metal is one of 
considerable complexity involving a chemical reduc- 
tion reaction, mass transport of reducing agent to the 
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point of reaction and of reaction product away from 
it, and finally a transformation whereby metal atoms 
released from the oxide rearrange to form a Stable 
reduced phase. In addition, nucleation of the reduced 
phase affects the overall reaction kinetics. Thus far 
only the thermodynamic aspect of reduction has re- 
ceived the attention warranted by the importance of 
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the process.’ 

Some of the detailed steps involved in reduction 
have been enumerated by Wagner.” He pointed out 
that a complete interpretation of the overall reaction 
rate requires a knowledge of all the steps in the re- 
duction process. 

This paper summarizes observations regarding 
sites for nucleation of the reduced phase on nickel- 
oxide single crystals. Initial growth characteristics 
of nickel crystals on nickel oxide are also described. 

The orientation relationships between reduced 
metal and the parent oxide are inferred from orien- 
tations present in nickel foil produced by complete 
reduction of cube-oriented single-crystal sheets of 
nickel oxide. 

Some tentative conclusions are drawn regarding 
the details of metal atom rearrangement following 
reduction. These conclusions are based on the 
metal-oxide orientation relationships and the effect 
of reduction temperature upon them. 


NUCLEATION OF REDUCTION CRYSTALLITES 


Experimental Technique—Nickel-oxide single 
crystals were prepared by reacting nickel bromide 
and water vapor at 650°C and at a pressure of 25 
mm Hg on cleaved (001) surfaces of magnesium- 
oxide single crystals. The details of nickel-oxide 
crystal preparation have been reported separately.’ 
A spectrographic analysis of the nickel bromide used 
in this investigation is listed in Table I. The nickel- 
oxide crystals grown from the bromide contained 
about the same amount of these impurities. A chemi- 
cal analysis of nickel-oxide crystals revealed a 
magnesium content of 0.025 pct. 

The nickel-oxide lattice parameter determined 
using the magneSium-oxide substrate as an internal 
standard was found to be 4.1769A. This corresponds 
closely to the lattice parameter reported by 
Shimomura* for nickel oxide prepared by decompo- 
sition of the nitrate at 650°C. An oxygen excess of 
8 pct is indicated for oxide of this lattice parameter.* 
The lattice parameter may have been abnormally 
large partly as a consequence of the strain necessary 
for the crystal to match the substrate. 

The quantity of reactants used was sufficient to 
grow crystals approximately 50 yin thickness. These 
crystals were always identically oriented with re- 
spect to the magnesium-oxide substrate crystals. 
The overgrowth surface was usually parallel to (001) 
NiO but often somewhat uneven due to greater growth 
in the center region of subgrains than at subgrain 
boundaries. The effect is easily noted in Fig. 1. 

The reduction of oxide crystals was carried out 
immediately after forming the crystals and without 
changing the temperature of the system. The reac- 
tion chamber, initially at a pressure of 25 mm Hg for 
forming the crystals, was brought to atmospheric 
pressure with wet argon. 

A reducing gas consisting of hydrogen, water vapor, 
and argon was then passed upward through the reac- 
tion chamber for the period of reduction. At the com- 
pletion of the experiment the system was allowed to 
furnace cool under the same atmosphere used for re- 
duction. The time of cooling was short relative to the 
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time of reduction. 
The hydrogen reduction of nickel oxide occurs by 


the reaction: 
NiOy,) + Ni(s) + HO;,) [1] 


The equilibrium constant (Kp) for reaction [1] at 
the temperature of reduction experiments was calcu- 
lated from thermodynamic data tabulated by 
Smithells.° 


Ky (650°C) D H,O/p 


The reducing atmosphere was formed by diluting a 
15 pct H 85 pct A mixture with argon to form a pre- 
determined hydrogen concentration. This gas was 
bubbled through water at 35°C then through a con- 
denser at 30°C to obtain the desired moisture con- 
tent. The reducing atmospheres used in these ex- 


periments are specified according to the water vapor: 


hydrogen ratio existing in the gas. Water vapor: hy- 
drogen ratios of 3, 4, and 9 were used in studies of 
nucleation of reduction crystallites. The atmosphere 
over the specimens may have been somewhat closer 
to equilibrium than that specified for the incoming 
gas stream. Hydrogen is utilized in reducing nickel 
oxide and water vapor is produced as a reaction 
product. As a consequence the water vapor: hydrogen 


ratio in the atmosphere near the specimen is in- 
creased. Because of the limited exchange of gas be- 
tween the specimen chambers and outer tube the 
atmosphere inside the chambers may have been 
significantly different than that outside the cham- 
bers. 


Results— The nucleation of reduced nickel in a 
highly reducing atmosphere, H,O/H, <3, always oc- 
curred at corners and edges of the nickel-oxide 
crystals and on the tips of protruding growth pyra- 
mids. This observation can be rationalized by 
postulating that the removal of oxygen ions from the 
nickel oxide is rapid relative to the diffusion of 
ions in the solid. The regions of oxide most nearly 
surrounded by reducing gas are supersaturated in 
nickel in the shortest time. Nucleation of reduced 
metal then occurs preferentially in these local 
regions. 

The nucleation of reduction crystallites in reduc- 
ing atmospheres having H,O/H, = 4 or 9 occurred 
almost entirely along cleavage cracks in the nickel 
oxide crystals and preferentially at places along the 
cracks where plastic deformation of the crystals 
may have occurred. Fig. 1 shows a reduction crys- 
tallite which nucleated along an irregular crack 
joining two cleavage cracks in a nickel-oxide crystal. 


Table |. Spectrographic Analysis of AMEND C. P. Nickel Bromide 


Co Present 

Fe Trace 

Mn Present 

Si Slight trace 
Cr nil 

Mg Trace + 
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Fig. 1—Reduction crystallite nucleated in irregular portion 
of a crack in NiO crystal, Reduction at 650°C immediately 
after formation of oxide crystal. Atmosphere H,O/H, = 9. 
X350. Reduced approximately 50 pct for reproduction. 


Note that reduction has not occurred at the edge of a 
nearby pit. In the specimens in which cracks were 
not present, reduction crystallites formed at random 
on the surface of the nickel-oxide crystals. There 
was no indication of a preferred nucleation of re- 
duction crystallites along subgrain boundaries of 

the nickel oxide used in this investigation. Fig. 2 
shows a reduction crystallite whose origin was at the 
tip of a-crack. The growth of a second reduction 
crystallite on only one side of the crack provides 
evidence that reduction began after the crack had 
formed. 

The cleavage cracks noted in the nickel-oxide 
crystals are believed to be caused by tensile stress 
introduced when the oxygen content of the crystals is 
reduced from ~8 pct excess to some lower amount 
prior to the nucleation of reduction crystallites. The 
times for reduction under the lowest hydrogen con- 
centrations were long enough to allow some oxygen- 
ion concentration changes throughout the nickel- 
oxide crystals. As the oxygen content of nickel oxide 


Fig. 2—Reduction crystallites nucleated along a crack in 
the oxide crystal. Reduction at 650°C immediately after 
formation of oxide. Atmosphere H,O/H, > 9. X1000. Re- 
duced approximately 50 pct for reproduction. 
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Fig. 3—Nucleation of nickel along cracks, at crack tips, 
and at random on the surface of a nickel-oxide crystal. 
Reduction at 650°C immediately after formation of oxide. 
Reduction time one week. Atmosphere H, O/H, = ~at 


9at t= 1 week)’ X500. Reduced approximately 
50 pet for reproduction. 


is lowered the specific volume decreases.’ Since 
these crystals are restrained on the lower surface 
by the unyielding magnesium-oxide crystals a maxi- 
mum tensile stress is developed on the free surface 
of the nickel-oxide crystals. This stress is relieved 
by occasional cracks or possibly by slip in some 
cases. 

It has been shown by Gilman that slowly moving 
cracks in lithium fluoride® and many other crystals’ 
nucleate dislocations. It is possible that the cleavage 
cracks observed in nickel-oxide crystals generated 
dislocations which, in turn, served as sites for the 
nucleation of reduction crystallites. Since nickel 
oxide was not examined by Gilman in his investiga- 
tions it was necessary to ascertain if a slowly mov- 
ing cleavage crack in this material would generate 
dislocations. Accordingly, a nickel oxide-magnesium 
oxide crystal was partially, then completely cleaved. 
The exposed cleavage face exhibited many steps 
originating along lines where the cleavage front had 
paused in the crystal; thus indicating that disloca- 
tions were generated by the cleavage crack. 

The reduction crystallites illustrated in Figs. 1 
and 2 were beyond the earliest observable stage of 
growth. To examine the nucleation of reduction crys- 
tallites a number of experiments were performed 
using an atmosphere initially of pure water vapor but 
with hydrogen gradually added until the H,O/H, ratio 
equaled 9 near the termination of the reduction 
period. A photomicrograph, Fig. 3, of a nickel-oxide 
specimen reduced in this manner illustrates the ap- 
pearance of nickel crystals formed in the regions 
along cracks, near the tips of cracks, and at random 
on the surface. Other experiments produced either 
the crystallites shown in Figs. 1 and 2 or no detect- 
able indication of reduction. 

The particles observed in Fig. 3 are specularly 
reflecting by incident illumination but are not com- 
pletely opaque to transmitted light. The majority are 
square or rectangular but a few have a rhombohedral 
or hexagonal shape. 
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Fig. 4—Electron micrograph of pits beneath particles 
formed along a cleavage crack in a nickel-oxide crystal. 
Carbon replica. X13,000. Reduced approximately 50 pct 
for reproduction. 


A striking similarity can be noted between the 
particles located near the tip of.a crack in reduced 
nickel oxide and the dislocation etch-pits found near 
the tip of a crack in a lithium-fluoride crystal.° The 
similarity suggests that the particles observed in 
Fig. 3 may be due to reduction at dislocations. 

The nickel-oxide crystal surface was examined by 
electron microscopy after extracting the nickel par- 
ticles with a Faxfilm replica. Fig. 4 shows a replica 
of the oxide surface near to one of the cracks of 
Fig. 3. 

Numerous pits were observed near the cracks and 
it is believed that these pits marked the points where 
nickel crystals had formed on the oxide surface. The 
pits are shallow and of uniform depth. Included with- 


in each pit are one or more deep, burrow-like pits. 
The presence of these deep pits, which were not 


found on unreduced specimens of nickel oxide, sug- 
gests that hydrogen reduction of oxide started at 
certain points on the oxide surface and proceeded to 
penetrate deeply into the crystal along a line. This 
suggests that line imperfections exist in the oxide 
crystal at points where reduction begins. 

The pits resulting from randomly distributed par- 
ticles similar to those observed in Fig. 3 are shown 
in Fig. 5. The outer shallow pits resemble those 
formed near the cracks but the inner deep pits are 
quite different. These tend to be ribbon-like in shape 
and quite irregular. The deep pits bear a striking 
resemblance to the pits observed at the center of 
large growth spirals in some nickel-oxide crystals. 

A count of pits from randomly distributed particles 
on a number of electron micrographs from one 
specimen indicated a density of 8 x 10° particles per 
Sq cm of surface. 

Discussion— The observations noted here are con- 
sistent with the suggestion that the pits shown in 
Fig. 4 were caused by hydrogen reduction of nickel 
oxide at stress-nucleated dislocations and those 
shown in Fig. 5 were caused by reduction at crystal- 
growth dislocations. Plastic deformation of the oxide 
just prior to reduction could produce dislocations 
having a cylindrical core of high energy with little or 
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Fig. 5—Electron micrograph of pits beneath particles 


which are randomly distributed on the nickel-oxide surface, 


Carbon replica. X9000. Reduced approximately 50 pct for 
reproduction. 


no impurity segregation. These dislocations appar- 
ently yield cylindrical pits during hydrogen reduc- 
tion. The high-energy region surrounding a crystal- 
growth dislocation could have a different shape than 
the core of a strain-induced dislocation as a result 
of impurity precipitation near the former. It is 
known that small amounts of impurities precipitated 
on dislocations cause marked changes in the re- 
sponse of dislocation sites to chemical attack. 

The absence of a preferred reduction at subgrain 
boundaries may be explainable on the basis of a 
segregation of impurities there. Almost any divalent 
or trivalent metallic-ion impurity dissolved in nickel 
oxide would bind oxygen ions into the lattice more 
tightly than nickel, z7.e., nickel oxide has a lower 
free-energy of formation than most metallic oxides. 
An impurity-rich region such as a subgrain boundary 
would require a more highly reducing atmosphere 
than a pure nickel-oxide region for reduction to occur. 

The above hypothesis could be tested by perform- 
ing reduction experiments on nickel oxide of very 
high purity. A preferential nucleation of reduction 
crystallites at subgrain boundaries should be found 
in this case. 


GROWTH OF REDUCTION CRYSTALLITES 


Although it was not the purpose of this investiga- 
tion to study growth of reduction crystallites, a num- 
ber of observations were made which were pertinent 
to an understanding of the orientations of crystals 
which results from reduction. Observations were 
made on crystallites formed in near-equilibrium at- 
mospheres, (H,O/H, = 4 or 9). Crystallites grew as 
thin films over the (001) NiO surface. An outer band 
was smooth, of uniform thickness, and sufficiently 
thin to transmit light. 

The central region of reduction crystallites pos- 
sessed star-like patterns, thickest at the center. An 
abrupt change in thickness of crystallite occurred at 
the transition from central region to outer band. A 
colony of reduction crystallites is shown by trans- 
mitted illumination in Fig. 6. 
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Fig. 6—Colony of reduction crystallites showing the star- 
like pattern of the central region. Transmitted light. The 
thin outer band was very narrow in these crystallites. 
Reduction atmosphere: H,O/ Hy > 4. Reduction tempera- 
ture 650°C. X250. Reduced approximately 50 pct for re- 
production. 


-The central region of these crystallites would, on 
the average, encompass more than one initial re- 
duction nucleus. Therefore, it is believe that many, 
if not all, crystallites are polycrystalline at the 
growth stage shown in Fig. 6. Evidence in support 
of this suggestion is found by examining the nickel- 
oxide-crystal beneath an ‘‘etched out’’ reduction 
crystallite, Fig. 7. Different regions, all equidistant 


Fig. 7—Nickel-oxide crystal beneath an “etched out” re- 
duction crystallite. Oblique illumination. Reduction atmo- 
sphere: H,O/H, 2 4. X500. Reduced approximately 35 pct 
for reproduction. 
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from the center, have been reduced to greatly differ- 
ing depths. Under the near-equilibrium reduction 
atmospheres used it is unlikely that such an irregu- 
lar reduction interface would be formed between a 
Single crystal of oxide and a single crystal of re- 
duced metal. 

The reduction ‘‘fronts’’ of growing crystallites 
were sometimes oriented parallel to [100] NiO, 
sometimes parallel to [110] NiO, and sometimes 
irregular. No relationship could be found between 
controlled variables and reduction-front orienta- 
tions. More than one ‘‘front’’ orientation of reduc- 
tion crystallite was frequently found on a single 
specimen of nickel oxide. No conclusion can be 
drawn regarding the significance of the reduction- 
front orientation on the basis of the present obser- 
vations. 


STRUCTURE OF FULLY REDUCED NICKEL OXIDE 
CRYSTALS 


Experiments—A few specimens of nickel, resulting 
from complete reduction of oxide crystals at 550°C, 
were examined metallographically on a plane per- 
pendicular to the free surface of the former oxide 
crystals. The microstructure consisted of a nickel 
matrix containing a uniform dispersion of worm-like 
voids. These voids were approximately 1 uw in diam. 
Nickel grains in the matrix were about 1 to 3 yp in 
diam. 

The fractional volumes occupied by voids and by 
nickel were determined by cutting and weighing their 
respective areas in a print. The results for a speci- 
men reduced in an atmosphere having an H,O/H, 2 3 
indicated a fractional void volume of 0.48 and nickel 
volume of 0.52. Another specimen reduced in an at- 
mosphere having an H2O/H, = 0.073 had a fractional 
void volume of 0.40 and nickel volume of 0.60. 

The question of whether the voids were completely 
enclosed by nickel or were open to the surface was 
resolved in the following way: A density determina- 
tion was made on nickel foils produced by complete 
reduction of oxide crystals. The specimen volume 
was measured by the liquid-displacement technique. 
Carbon tetrachloride was admitted to the system 
following evacuation of the specimen containing 
pycnometer bottle. The specimen density measured 
in this way was 8.93 g per cucm. This is, within 
experimental error, the same as the known density 
of nickel (8.90 g per cu cm). The result indicates 
that essentially all of the voids were filled by the 
density measuring liquid and were therefore open to 
the surface. 

Discussion—The measured fractional volume oc- 
cupied by voids in fully reduced nickel-oxide single 
crystals is nearly the same as the theoretical volume 
decrease accompanying the reduction of nickel oxide. 
The theoretical fractional volume of nickel is 0.62 
per unit volume of oxide. The theoretical void 
volume is 0.38. It can, therefore, be stated that, 
within experimental error, all of the volume de- 
crease accompanying reduction takes place by the 
formation of finely dispersed voids. Nickel grains 
formed by reduction should not be disturbed by large 
macroscopic contraction or expansion effects. 
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The above conclusion is an extremely important 
one in that it lends validity to the assumption that 
orientations determined on metal crystals in com- 
pletely reduced specimens are the same as the orig- 
inal orientations formed in the reduction process. 
The differentiation between original orientations and 
those resulting from secondary grain-growth phe- 
nomena is an independent problem. 

It is quite possible that the worm-like voids in 
fully reduced nickel-oxide crystals could be the re- 
sult of a reduction process occurring primarily 
along dislocation lines once the oxide surface has 
been covered by a protective layer of nickel. A sim- 
ple calculation of line density using void diameters 
and the fractional void volume resulted in an esti- 
mated void density of 5 x 10’ per sq cm. This figure 
is a factor of six higher than the density of initial 
reduction nuclei counted on one specimen. While the 
agreement between postulated dislocation density, 
using voids in one case and initial reduction nuclei 
in the other case, is not good it is sufficiently close 
to indicate that there may be a correspondence. 
Further experiments taking into consideration ad- 
ditional factors such as the number of line singular- 
ities per initial reduction nucleus are in order. 


REDUCTION ORIENTATION RELATIONSHIPS 


Experiments—To determine the orientations of 
nickel grains which result from reduction of an oxide 
crystal it was necessary, because of the 1 to 3 
grain size, to use a pole-figure technique. The ob- 
servation that little macroscopic shape change of the 
crystals occurred during the reduction lent assur- 
ance that the nickel grains had not been rotated out 
of their initial orientations by plastic distortion ac- 
companying the reduction. 

A series of nickel-oxide crystals was prepared by 
the technique of Ref. 3, then heated to the reduction 
temperature under argon. Reduction was carried out 
under an atmosphere having an H,O/H, = 0.073. Re- 
duction temperatures of 550°, 650°, 750°, and 950°C 
and reduction times of 1 to 3 days were employed. 

A second series of nickel-oxide crystals was pre- 
pared as before but reduced immediately following 
the formation of the oxide. The temperature of the 
system was brought to the desired reduction tem- 
perature before the atmosphere was changed. Reduc- 
tion was accomplished under a near-equilibrium 
atmosphere having an H,O/H, = 3. Atmospheres 
closer to equilibrium, z.e., H,0/H2 = 4 would not ef- 
fect a complete reduction of 25 to 50-u-thick oxide 
crystals in one week. 

After completion of the reduction treatment speci- 
mens were lifted from the magnesium-oxide crystal 
substrate and mounted for orientation analysis. 

An X-ray spectrogoniometer with copper Ky radi- 
ation was used to obtain transmission pole figures by 
the quantitative method of Decker, Asp, and Harker,® 
modified by Geisler.* The automatic pole-figure re- 
corder described by Geisler’® was used to plot in- 
tensity data on all four quadrants in increments of 
° deg along the radius of the pole figure. The cen- 
tral 35-deg region of the pole figure was not re- 
corded due to interference of the specimen holder 
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with the diffracted beam of X-rays. The (111) dif- 
fraction peak of nickel was employed in determining 
the pole figures. 

It was not necessary to examine the central region | 
of the pole figures, since all possible orientations of 
nickel crystals have at least three [111] poles in the 
outer 55-deg region of the pole figure. 

The pole figures of reduced nickel-oxide crystals, 
while quite complex, consisted almost entirely of 
well-defined peaks over a nearly random component. 
All pole figures were thoroughly checked for spuri- 
ous peaks. Each orientation was determined by se- 
lecting a peak, then plotting the locus of all points 
70 deg 32 min and 109 deg 28 min from this peak. 
Two or three additional peaks which were consistent 
with a single crystal orientation were then found on 
the locus lines. In no case was it possible to select 
more than one set of peaks on the locus lines. When 
an orientation was established all peaks on the pole 
figure belonging to this orientation were identified. 
The process was repeated until every peak on the 
pole figure was defined. The analyses were per- 
formed on tracings of the original data using a 40- 
cm-diam sterographic net. A maximum error of 
about 2 to 3 deg between peaks of an orientation was 
noted. This error was largely due to the 5-deg in- 
crement of data plotting by the spectrogoniometer. 
Frequently the center of a peak would be missed as 
the instrument scanned through a fixed path. 

Results—A total of fourteen orientation relation- 
ships were found between nickel-oxide crystals and 
reduced nickel. They are listed in Table II and 
classified as A, B, or C in each specimen depending 
upon assumptions involved in obtaining the data from 
the pole figure. Detailed explanations are given in 
the key to the table. The classification is not neces- 
sarily an indication of the amount of nickel having the 
indicated orientation. In some specimens having few 
orientation components it was possible to detect 
those present in only small amounts, 7z.e., 5 to 10 pct. 
In other specimens where four or more crystal com- 
ponents were present it is quite probable that other 
components present in small amounts may have been 
obscured. Table II may therefore be incomplete. 

All orientation relationships are described with 
respect to the (001) plane of nickel oxide as this was 
the principle plane of reduction. 

The discussion concerning orientation relation- 
ships does not consider the mechanism by which 
hydrogen gets to the reduction interface or how the 
water formed in the reduction process is removed. It 
is presumed that, as a result of the reduction proc- 
ess, nickel atoms are presented to the reduction in- 
terface in positions corresponding to a face-cen- 
tered-cubic structure of a = a NiO. Alternatively, 
this structure can be described as the NiO structure 
with all of the oxygen ions removed. For convenience 
of presentation, nickel atoms on the oxide side of the 
reduction interface were designated Ni*+ and those on 
the reduced side of the interface were designated Ni. 
Room-temperature lattice parameters were used in 
the orientation analyses. The NiO lattice parameter 
of 4.1758A was obtained by extrapolating Shimomuras’ 
data on a, vs oxygen content* to the stoichiometric 
composition. The nickel lattice parameter (3.5238A) 
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Table Il 


Reduction Temperature °C 550 
Specimen Number I Il 
Reduction Time-Days 3 


Reduction Atmosphere a b 
Ni NiO 
. ~(531) [105] Ni {| (001) [110] Nio A A 
21-deg rotation of (1) about [001] Ni 
. 30-deg rotation of (1) about (001] Ni A 
20-deg rotation of (3) about [001] NiO 
~(112) [110] || (001) 
. ~(118 8)[10 7 7] || (001) [i00] 
~(111) [110] || (001) [oo] 
. (011) [100] || (001) + 9 deg off [110] 
. (111) [110] || (001) [i10) A A 
(001) [100] || (001) (100) 4 
. (122) [011] || (001) [110] A 
12. (001) [100] || (001) [110] 
(011) [100] || (001) [100] 
14. (011) [100] || (001) [110] A 


> 


= 
> 


650 750 950 550 
I IV VI VII Ix? 
1 1 2 1 1 3 
a b a b a a a 
B Cc 
A 
A 
A 
A 
C A 
Cc 
A A A A A A A 
A A 1e; A B B 
A 
A 
A € 


a) Reduction of NiO was carried out in an atmosphere of 110 mm H,, 8 mm H,O, 7 mm HBr, 625 mm A. H,O/H, = 0.073. Gas flow rate over 


specimens 100 cc per min. 


b) Reduction of NiO was carried out in an atmosphere of 10 mm H,, 30 mm H,O, 710 mm A. H,O/H, = 3.0 Gas flow rate 20 cc per min in 
outer tube; nil over specimens which were in closed, but not sealed chambers. Specimen II was formed at 650°C then cooled from 650° to 550°C 
before reduction. Specimens IV and VI were formed and reduced without changing temperature. 


A) The complete determination of the orientation on the pole figure required only the assumption that 111 reflections are spaced 70 deg 32 min 


and 109 deg. 28 min from one another on the pole figure. 


B) The complete determination of the orientation required the additional assumption that the pole figure can be averaged about the four-fold 
[001] axis of symmetry and inverted about a [100] axis of symmetry of the nickel-oxide crystal. 


C) Only two of the three peaks necessary to define an orientation were present as resolved peaks. In these cases an “A” type orientation was 


found in another pole figure whose peaks corresponded to the peaks in question. 


1) NiO crystal surface was composed of facets oriented parallel to [111] NiO. This crystal was formed from the decomposition of NiCl,. 


All of 


the remaining crystals used in this investigation had a surface parallel to (001) NiO. 


2) Specimen IX was formed and reduced under conditions identical to those of specimen I. After reduction it was heated directly from 550° 
to 950°C and held for a time equal to the reduction time of specimen VII (24 hr). 


3) This orientation was very diffuse. It could have been present in specimen I, II, III, and IV but not detected due to the large number of (111) 


peaks from other orientations in those specimens, 


4) Nickel grains having this orientation have their 111 poles in common with one 111 pole of each of the 8 permutations of orientation relation- 
ship No. 2. Therefore, it could not be determined whether or not orientation No. 10 was present in specimen I. Since the intensity of the peaks 
common to both orientations were no greater than that required to correspond with the other 111 peaks of orientation No. 2 it is unlikely that 
orientation No. 10 was present in more than insignificant amount in specimen I. 


was taken from ASTM tables. In one orientation 
analysis the NiO lattice parameter was calculated 
using a, (Ni) and the orientation relationship with the 
oxide. This was compared with a, (stoichiometric 
NiO). 

is orientation relationships in Table II have been 
classified into four categories based on empirical 
considerations such as correspondence or noncorre- 
spondence of simple crystallographic planes and 
directions between the oxide and metal crystals or 
correspondence of reduction orientations with oxida- 
tion orientations known for the same system. One of 
the categories lists the orientations of nickel grains 
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which are believed to result from recrystallization 
of the original reduced structure. 

Category I Orientation Relationships—This cate- 
gory, including orientations 1, 2, 3, and 4 of Table II, 
also plotted in stereographic projection in Fig. 8 is 
characterized by a noncorrespondence of simple 
crystallographic planes and directions between the 
metal and oxide. These orientations have no counter- 


part in the reverse, 7.é., oxidation reaction. 
Category II Orientation Relationships—This cate- 


gory, including orientations 5, 6, and 7 is character- 
ized by a tendency towards a correspondence of sim- 
ple crystallographic planes and directions between 
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[Too) NiO 


20° ABOUT NiO 


Fig. 8—Cube poles of one permutation of orientation rela- 
tionships No. 1, 2, 3, and 4 plotted in stereographic pro- 
jection. The plane of projection is (001) NiO. 


the metal and oxide and by a close relationship with 
the principle Category I orientation. These orienta- 
tions have no counterpart in the reverse, 7.€., Oxi- 
dation reaction. 

Category III Orientation Relationships—This cate- 
gory, including orientations 8, 9, 10, and 1lis 
characterized by a correspondence of simple crys- 
tallographic planes between metal and oxide. Included 
in this category are all of the metal-oxide orienta- 
tion relationships which have been found on oxida- 
tion of nickel crystals. 

Category IV Orientation Relationships—This cate- 
gory includes orientations 10, 11, 12, and 13 which 
are characterized by a tendency to increase in 
amount at the expense of orientations of the other 
categories after oxide reduction is complete. 

Discussion—Category I Orientation Relationships— 
It can be noted that, except for the anomaly of orien- 
tation relationship No. 4, these orientations are 
found only after reduction at the lower temperatures 
used in the investigation. The orientation relation- 
ship found in largest amount in specimen I was No. 1 
designated as ~ (531) [105] Ni || (001) [110] NiO. Ap- 
proximately half of the specimen volume was com- 
posed of grains having this orientation. 

Specimens reduced at 650°C showed only orienta- 
tion No. 1 of this category. It is reasonable to ex- 
pect that if all Category I orientations form to a 
lesser extent at 650°C than at 550°C, orientation No. 
1 could be the only one present in amounts greater 
than the limit of detection. 

Small amounts of orientation relationship No. 1 
were also found in specimen IX which was partially 
recrystallized. Again this was probably a result of 
having been present in a large amount before re- 
crystallization. 

While the metal-oxide crystallographic relation- 
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Fig. 9—Single-crystal reduction crystallite in the (001) 
surface of a nickel-oxide crystal. Oblique illumination. 
Reduction atmosphere: H,O/H, > 9. X500. Reduced ap- 
proximately 48 pct for reproduction. 


ships have been described with reference to a cubic- 
oxide plane, there is generally no assurance that re- 
duction actually occurred across this plane. In each 
case it is necessary to observe the reduction inter- 

face beneath a crystal of known orientation in order 

to establish the reduction-interface orientation. 

A large single-crystal film of reduced nickel is 
shown in Fig. 9. The orientation of this crystal, de- 
termined by means of a back-reflection Laue photo- 
graph, was found to be close to orientation No. 1 
determined from pole figures. 

It was observed, after stripping the film from the 
nickel oxide, that the reduction interface was paral- 
lel to the (001) plane of the oxide crystal. This find- 
ing establishes that the orientation relationship: 
(531) Ni || (001) NiO also describes the orientation of 
the reduction interface. 

The single-crystal film shown in Fig. 9 was nu- 
cleated by a nickel whisker which grew from another 
area of the oxide crystal and made contact with the 
surface in the region shown in Fig. 9. The whisker, 
mostly above the surface and out of focus of the 
microscope objective, may be seen as a black bar in 
the center of the nickel-reduction crystal. 

A superposition plot representing the reduction 
interface beneath a nickel grain of orientation rela- 
tionship No. 1 is shown in Fig. 10. A (531) plane of 
nickel is superimposed upon a (001) plane of nickel 
oxide. Relative spacings of Nit* and Ni on the super- 
position plot were adjusted to fit the condition of 
unit area matching at the interface according to the 
equation: 


1/2 V(Ni)**/d (200) NiO = 1/4 (Ni )/d(531)Ni 
where 


V(Ni)** = unit cell volume of NiO/4 atoms per unit 
cell 

unit cell volume of Ni/4 atoms per unit 
cell 


i 


V(Ni) 


The factors of 1/2 and 1/4 are necessary because 
two Ni** ions and four Ni atoms superimpose on the 
same area of interface. By using the accepted value 
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(531) [105] Ni || (001) 2° off [110] nio 


Fig. 10—Superposition plot representing the reduction in- 
terface between nickel grains having orientation No. 1 and 
the parent nickel-oxide crystal. Open circles represent 
Ni*t ion positions projected upon a (001) plane of NiO. All 
Nit ions within one repeat distance of the interface ina 
[001] direction are included. The filled circles superim- 
posed upon this plot represent Ni atom positions projected 
upon a (531) plane of nickel. All Ni atom positions within 
one repeat distance of the interface in a [531] direction are 
included. This includes four layers of Ni in adjacent (531) 
planes. The fifth layer. of Ni projects only slightly off the 
first layer at the interface. 


of a, (Ni) the condition of unit area matching at the 
reduction interface is met with a> (NiO) = 4.2855A. 
This unit cell spacing is within 0.11A of the value for 
stoichiometric NiO used in this investigation. It is 
clearly seen in Fig. 10 that the nickel-ion density in 
a (001) plane of the oxide is slightly more than twice 
the nickel-atom density in a (531) plane of the metal. 
Further the nickel-ion and nickel-atom line densities 
in any set of parallel directions in the reduction 
interface differ by the same factor of two. 

In Fig. 11 the cube poles of the orientation speci- 
fied by the superposition plot of Fig. 10 are plotted 
in stereographic projection. The cube poles of 
orientation No. 1 as determined on specimens No. I, 
II, III, and [X-are plotted to show their proximity to 
the orientation obtained from the superposition plot. 
Cube poles of the orientation of the single-crystal 
film shown in Fig. 9 are indicated by the points 
marked WI. 

Orientation relationship No. 1 is quite unique in 
that, as long as the interface stays approximately 
parallel to the cube plane of the oxide, it should be 
possible to grow a single crystal of the reduced 
phase from a single crystal of the parent phase 
without the need of long-range migration of metal 
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Fig. 11—The cube poles of the orientation specified by the 
superposition plot, Fig. 10, are shown in stereographic 
projection connected by solid lines. The cube poles of 
orientation No. 1 as determined on specimens I, II, III, and 
IX are indicated by filled circles. The orientation of the 
single-crystal reduction crystallite is shown by cube poles 
marked WI. The plane of projection is (001) NiO. 


in the interface. This metal-oxide interface could 
be considered as quite analogous to a random 
boundary between two grains of the same phase. 
This finding suggests that it may be possible to 
grow Single crystals in other systems where a low- 
temperature phase transition involving large 
specific-volume changes occurs. It would be neces- 
sary in each case to nucleate the crystal to be 
formed in an orientation which would result in an 
interface similar to the one shown here. 
Orientation Relationship No. 2—Nickel crystals 
having this orientation with respect to nickel oxide 
are related to orientation No. 1 by a 21-deg rotation 
about a common [001] direction. The rotation indi- 
cated in Fig. 8 is suggestive that a ‘‘Kronberg- 
Wilson’’*” interface may exist between crystals of 


*Kronberg and Wilson found that the orientations of grains in sec- 
ondarily recrystallized copper may be described in terms of a low- 
index plane common to both the recrystallized grain and the parent 
cube-textured matrix. Specific angular rotations of the recrystallized 
grains with respect to the parent texture occurred about the common 
low-index direction. 

Upon plotting a “model” of the interface, Kronberg and Wilson found 
that the new orientation of the model could be obtained by a coordinated 
motion of atoms in the parent orientation over a distance of less than 
one-third an interatomic spacing. A sizeable fraction of atom sites in 
the new orientation coincided with their sites in the parent orientation. 


orientation No. 1 and orientation No. 2. An inter- 
face with a large fraction of coincident atom sites 
was found for 19-deg rotation about (100) by Kronberg 
and Wilson. 

Nickel crystals having orientation No. 2 with re- 
spect to nickel oxide also have a [111] direction 
which coincides with a [111] of nickel oxide. The co- 
incident directions and traces of coincident (111) 
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planes are plotted in stereographic projection in Fig. 
12. The<110> directions of the nickel crystal in this 
plane are rotated 43 deg with respect to <110> di- 
rections in nickel oxide. 

A plot representing nickel atoms in a (111) plane 
was superimposed on a similar plot representing 
Nit* positions in a (111) plane of nickel oxide. The 
superposition plot having a 41-deg rotation about a 
common [111] displayed a large fraction of coinci- 
dent atom sites, Fig. 13. The 41-deg rotation of the 
plot is within experimental error of the observed 
43-deg rotation. 

Orientation Relationship No. 3—This orientation 
relationship is related to orientation No. 1 by a 30- 
deg rotation about a common [001] direction, Fig. 8. 
Kronberg and Wilson noted a 28-deg rotation of com- 
mon (001) planes as having a large fraction of coinci- 
dent atom sites. In addition to this possible coinci- 
dence plane it was found that orientation No. 3 hada 
[110] direction within 4 deg of a [111] direction of 
nickel oxide. It was assumed that the correspondence 
of directions indicated a correspondence of (110) Ni 
and (111) NiO. It was then found that [110] directions 
in the corresponding planes of nickel oxide and nickel 
of orientation No. 3 could be brought into coinci- 
dence by a 16-deg rotation. The coincident planes 
with the 16-deg rotation indicated are plotted in 
stereographic projection in Fig. 14. A superposition 
plot of (110) Ni and (111) NiO with [110] directions 
rotated 16 deg out of coincidence is shown in Fig. 15. 

Since orientation relationships No. 2 and 3 are 
detected only in specimens reduced rapidly at the 
lowest temperature investigated, it is suggested that 
a ‘‘Kronberg-Wilson’’ type interface may be the one 
requiring the least migration of nickel when the re- 


«in NiO 
[Ti] 


Fig. 12—Stereographic projection showing [111] direction 
of nickel crystal of orientation No. 2 which is coincident 
with a [111] direction of NiO. A rotation of 43 deg between 
corresponding [110] directions in the coincident (111) 
planes is indicated. 
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Fig. 13—Superposition plot of (111) Nit* in NiO, open cir- 
cles, and (111) Ni, closed circles. The large circles are 
included to emphasize the symmetry of the interface. 
Coincident Nit*+ to Ni sites are found at the center of each 
large circle. All of the remaining Nit* ions are located on 
the circumference of the circles. These can move into Ni 
sites by short coordinated jumps shown on the plot. The 
volume decrease accompanying reduction in this interface 
model is accommodated by a net of vacant sites in the (111) 
plane of nickel. These are indicated by the large filled 
circles. : 


duction interface is parallel to (111) NiO. This point, 
which is highly speculative, could be examined more 
closely by comparing relative amounts of orienta- 


ni 


foul] Ni 


4 
NiO 
00 


Fig. 14—Stereographic projection showing [011] direction 
of nickel crystal of orientation No. 3 which is coincident 
with a [111] direction of NiO. A rotation of 16 deg between 
[110] directions in the coincident planes is indicated. 
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Fig. 15—Superposition plot of (111) Nit* in NiO, open cir- 
cles, and (110) Ni, closed circles. Rectangles and parallel1- 
ograms are drawn to emphasize the symmetry of the inter- 
face. Coincident Ni‘t to Ni sites are found at the center of 
each large rectangle. The Ni‘* ions located on the paral- 
lelograms can shift a small amount to reach an available 
site in the (111) plane of nickel. There is an excess of 
Nit* sites in this interface model. One out of six Nitt+ 

ions must diffuse away from the reduction interface. Al- 
ternatively, an extra layer of (111) Ni could be deposited 
for every six normal layers to accommodate the excess 
Nit* ions. 


tions No. 2 and 3 in specimens reduced from crys- 
tals having a (111) NiO plane parallel to the sur- 
face, with specimens reduced from crystals having 
a (001) NiO plane parallel to the surface. 


Orientation Relationship No. 4—This orientation 
was detected only in specimen VI reduced slowly at 
750°C. In this respect it is somewhat anomalous 
relative to the other Category I orientations since 
the other orientations were detected primarily in 
specimens rapidly reduced at 550°C. 

In another investigation” it was found that the first 
nickel crystals to nucleate, upon reduction of nickel 
oxide, had orientations corresponding to No. 4 as 
well as to the other orientations listed in Category I. 
For this reason it was felt that orientation No. 4 is 
most properly placed in Category I. 


DISCUSSION | 


Category II Orientation Relationships—Orientation 
relationships No. 5, 6, and 7 of Table II were de- 
tected in a specimen reduced slowly at 650°C. The 
orientation present in largest amount here (orienta- 
tion No. 5) was also detected in the specimen reduced 
slowly at 550°C. Category II orientations are plotted 
in stereographic projection in Fig. 16. Shaded areas 
indicate the spread of the orientations. Orientation 
No. 1, Category I, is also plotted in Fig. 16 to show 
its similarity to the principle Category II orientation, 
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Fig. 16—Areas occupied by cube poles of one permutation 
of orientation relationships No. 1, 5, 6, and 7 are plotted 
in stereographie projection. The plane of projection is 
(001) NiO. 

1. ~(531)[105]Ni || (001)[110]NiO 

5. ~(112)[110}]Ni |] (001)[100]Nio 

6. ~(11 88)[10 77]Ni || (001)[100]NiO 


7. ~(111)[110]Ni || (001)[100]NiO 


No. 5. Orientations No. 6 and 7 are related to No. 5 
through ~ 10 and 20-deg, rotations about a common 
[110] axis. 

Because of the slight difference between orienta- 
tions No. 1 and 5 it is believed that grains slightly off 
orientation No. 1 towards those having a correspon- 
dence of low-index planes at the reduction interface 
are favored for growth during slow reduction rates. 
The interfacial energy of the orientation No. 1 reduc- 
tion interface is undoubtedly very high. One can ex- 
pect that when reduction temperatures and rates of 
reduction are such as to permit appreciable migra- 
tion of nickel in the interface, the minimizing of 
interfacial energy will be a significant factor in de- 
termining which grains are most favored for growth. 

Category III Orientations—The reduction orienta- 
tion relationships included in Category III are simi- 
lar to those produced by oxidation of nickel crystals. 
Orientation relationships No. 8, 9, and 10 have been 
reported by Collins and Heavens. ** Orientation No. 10 
has also been observed by Newkirk and Martin. ** In 
some of these cases the relationship has been ex- 
pressed with respect to a different metal-oxide in- 
terface than that used here. 

Orientation relationship No. 11 has been included 


’ in this category even though it has not been detected 


in oxidation experiments. Nickel grains of orienta- 
tion No. 11 bear a twin relationship with grains of 
orientation No. 10. It is unlikely, however, that 
grains of orientation No. 11 were formed as anneal- 
ing twins. This orientation was present in much 
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smaller amount than orientation No. 10 and the 
amount present did not change significantly with 
temperature of reduction. If it were formed as a 
result of a secondary grain growth phenomenon it is 
unlikely that it would be observed after reduction at 
the low temperatures of 550° and 650°C. 

It is quite probable that nickel grains having 
orientation No. 11 were formed in regions where 
the reduction interface was close to (111) NiO. In 
this case there would be little energy difference 
between forming the ‘‘identical orientation,’’ No. 10, 
or forming its twin, No. 11. In both cases the 
nickel-atom positions in the plane nearest the inter- 
face would be the same. 

Specimen No. VIII, Table II, had much of its 
surface in the form of {111} facets. The pole figure 
obtained from this specimen was quite nonuniform 
so that it was not possible to determine whether or 
not orientation No. 11 had been favored by an in- 
crease in the amount of (111) oriented reduction 
interface. Further experiments with (111) oriented 
nickel-oxide crystals are needed to test the postu- 
lated explanation for grains of orientation No. 11. 

It is generally accepted that the metal-oxide 
orientation relationships observed on oxidized metal 
crystals are the ones which minimize the metal- 
oxide interfacial energy. This is probably also true 
in reduction. We may therefore tentitively con- 
clude that the orientations listed in Category III are 
those having the lowest metal-oxide interfacial 
energy. 

Category IV Orientation Relationships—The ex- 
periments performed in this investigation were in- 
adequate to define all of the orientations which may 
result from recrystallization and grain growth in 
the nickel sheet after reduction. One specimen, de- 
signated IX, was fully reduced under conditions 
identical to specimen I, then annealed at 950°C for 
24 hr. It can be noted from Table II that the list of 
orientation relationships is changed considerably by 
the high-temperature annealing treatment. Two of 
the three high-index orientation relationships are 
removed and the third is markedly reduced. Orien- 
tation relationships No. 12 and 13 are found in 
specimen IX but not in any of the other specimens. 
This indicated that nickel grains having these 
orientations grew at the expense of others during 
the annealing treatment. 

Orientation relationships No. 10 and 11 are in- 
cluded in Category IV as well as in Category III. 
These orientations were definitely present in larger 
amounts in the reduced plus annealed specimen than 
in the as-reduced specimen. 

Unclassified Orientation Relationship—The author 
has found no basis for classifying orientation re- 
lationship No. 14. 


GENERAL DISCUSSION 


The observations presented in the early part of 
this paper indicate that reduction begins at points 
where structural singularities in the oxide inter- 
sect the surface. After metal crystals are nucleated 
a thin film of nickel grows from the nuclei and com- 
pletely covers the oxide crystal surface. Observa- 
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tions on the structure of completely reduced crys- 
tals suggest that later stages of reduction may be 
accomplished by a reaction occurring primarily 
around the line singularities observed at the time of 
nucleation. 

The fully reduced structure consisting of nickel 
having finely dispersed worm-like voids undoubtedly 
has a large surface area per unit volume of nickel. 
It is possible that a structure of this type is a factor 
contributing to the catalytic activity usually found in 
nickel reduced from the oxide. 

The analysis of crystal orientations formed by the 
reduction of oxide is complicated by the fact that the 
reduction rate varies not only with temperature and 
water vapor: hydrogen ratio in the atmosphere but 
also with degree of reduction. The reduction rate is 
probably fastest shortly after nucleation of the re- 
duced phase and slowest at the end of the reduction 
period. Furthermore, nickel grains produced by re- 
duction are annealed for varying lengths of time 
depending upon whether they were formed early or 
late in a given experiment. It has been shown here 
that recrystallization or grain growth does occur 
after reduction. This effect can change the spectrum 
of orientations observed. 

The Category I orientation relationships appear to 
be favored, relative to the others, by a low reduc- 
tion temperature and a rapid rate of reduction. 
These kinetics are consistent with the postulate that 
these orientations form when nickel atoms are re- 
leased from the oxide more rapidly than migration 
of nickel in the interface can occur to produce the 
rearrangements necessary to form a lower energy 
reduction interface. 

The first metal crystals to nucleate on the oxide 
very likely have orientations corresponding to those 
in Category I even when the reduction temperature 
is quite high or the reducing atmosphere very close 
to equilibrium. The reduction rate, which depends 
upon the rate of diffusion of hydrogen through or 
around the reduction crystallite, should be maximum 
just after nucleation, 7.e., when the crystallite is 
smallest. Also, before nucleation can occur, the 
oxide must become supersaturated in nickel.* This 


*A determination of oxygen and nickel was made by means of weight 
measurements on ten specimens before and after reduction. The nickel 
oxide was pretreated in a near-equilibrium reducing atmosphere and the 
small reduction crystallites formed in the pretreatment were etched off 
before the determination. The pretreated compound corresponded to the 
formula Ni1,900 00.993 
statement presumes that a perfect reduction catalyst 
is not present in the oxide. When a reduction crystal 
becomes supercritical in size the excess nickel in 
the oxide will condense upon it as an initial transient. 
The net effect upon the reduction crystal will be the 
same as if its first stage of growth had occurred 
under a highly reducing atmosphere. After the initial 
transient is completed, other crystals which have a 
lower energy reduction interface could nucleate and 
pinch out crystals having orientations in Category I. 


CONCLUSION 


Much can be learned regarding the nature of oxide 
reduction through the application of visual and X-ray 
metallography to partially and completely reduced 
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Single crystals of oxide. Oxide reduction may be 
treated as a solid-state phase transformation involv- 
ing nucleation and growth of the forming phase. 
Grains of metal formed in the transformation pos- 
sess well-defined crystallographic orientation re- 
lationships with the parent phase. The si gnificance 
of particular orientation relationships can be in- 
ferred, to a large extent, by the orientation relation- 
ships themselves, the effect of reduction environment 
and temperature upon them, and by auxiliary metal- 
lographic and single-crystal X-ray techniques 
applied to selected reduction crystallites. 
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High-Temperature Thermodynamics of the 


Silicon, Nitrogen, Silicon-Nitride System 


The equilibrium pressure of nitrogen gas over pure silicon 
metal and silicon nitride has been measured in the temperature 
range 1400° to 1700°C. From the experimental data, the standard 
free energies and enthalpies of formation of Si,N, (a) have been 
calculated as functions of temperature over the above tempera- 


ture range. Utilizing data in the literature and the results of this 
investigation, the specific heat, molar enthalpy, molar entropy, 
standard enthalpy of formation, and standard free energy of 
formation are estimated for the temperature range 298° to 1400°C. 


Tre high-temperature thermodynamic properties of 
many metallic nitrides are not well established at 
present. This is a serious deficiency because nitro- 
gen and nitride-forming metals are important alloy- 
ing additions to steels, and knowledge of the inter- 
- action between nitrogen and these elements is es- 
sential to a better understanding of the behavior of 
steels. Metallic nitrides also are used as refrac- 
tory materials. Consequently, the investigation 
reported here was undertaken to provide more com- 
plete information on the standard entropy and free 
energy of formation of silicon nitride. The experi- 
mental technique provided a direct measurement of 
the equilibrium pressure of nitrogen gas in the 
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range of 1413° to 1700°C for the reaction: 


3 Si(Z) + 2N2(¢) = (a) [1] 
and below 1413°C for the reaction: 

3 Si(c) + 2N, (g) =SisN, (a) [2] 
APPARATUS 


The experimental system consisted of a crucible 
assembly, a reaction chamber, and a gas supply and 
vacuum system. 

The Crucible Assembly which contained the equi- 
libration specimen and molybdenum radiation shields 
with a susceptor for induction heating is shown in 
Fig. 1. Two covered, high-purity alumina crucibles, 
one nested within the other, contained the susceptor, 
shields and specimen. Central openings in the upper 
shield and crucible covers permitted on optical 
pyrometer to be sighted into the central cavity of the 
specimen. The specimen itself was a 5/8 OD by 1-in. 
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F- Nitrided Silicon Disc 

G- Nitrided Silicon Crucible 

H - Induction Coil 

| - Reaction Chamber - Vycor 
Glass (2in. 0.D.) 

J- Silicon 


A- Alumina Disc 

B- Alumina Crucible 
C- Molybdenum Disc 

D - Molybdenum Susceptor 
— - Molybdenum Shield 


Fig. 1—Crucible assembly. 


high crucible of commercial silicon nitride or of 
specially prepared and partially nitrided silicon. 
These special crucibles were prepared by pressing 
minus 150-mesh silicon powder to shape and then 
nitriding them in purified nitrogen for 30 hr at 
1350 

The Reaction Chambery, Fig.2, consisted of a Vycor 
flask* which had a vacuum-tight ground closure on 


*Note: Initially considerable experimental work was conducted in a 
high-purity porcelain tube contained in a resistance-heated furnace. 
Gas evolved from the porcelain prevented satisfactory measurements. 
Several different porcelains were tried with the same result. 


the bottom and a ball-joint to communicate with the 
vacuum and gas supply system. The volume of the 
chamber was held to a minimum to increase the sen- 
sitivity of the pressure measurement. The chamber 
was water-jacketed and the induction coil for heating 
was positioned within the annulus for the cooling 
water. 

The Gas Supply and Vacuum System permitted 
evacuation of the reaction chamber by a conventional 
mechanical vacuum pump. Nitrogen for purging or 
for actual measurements was supplied from tanks 
(water-pumped) and was purified by passing it over 
calcium chloride, copper gauze at 500°C, and cal- 
cium chloride. Pressures in the reaction chamber 
above 10 * atmospheres were measured with a mer- 
cury manometer. Those from 107* to 107* atmos- 
pheres were measured with an amoil-S manometer. 


EXPERIMENTAL PROCEDURE 


Measurements were made on three combinations of 
materials as shown in Table 1. 
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~— Crucible Assembly L - Lower Section of Chamber 


Fig. 2—Reaction chamber. 


The prepared nitride crucibles were only partially 
nitrided in 30 hr of nitriding and reasonably satis- 
factory measurements could be obtained on the com- 
pacts alone. To be certain that the metallic silicon 
phase could communicate freely with the gas phase, a 
few grams of silicon metal were placed within the 
nitrided crucible. 

An equilibration was started by assembling the 
system. and evacuating the reaction chamber while 
the specimen was being brought up to temperature. 
After the chamber was flushed with nitrogen, the nit- 
rogen pressure was brought near the equilibrium 
value for the prevailing temperature. The system 
was then allowed to come to equilibrium. This re- 
quired but a few minutes at the higher temperatures. 
Measurements were started just below 1700°C and 


_ were obtained at intervals of 30°C as the tempera- 


ture was reduced to approximately 1400°C. 
The equilibrium pressure was approached from 


Table |. Equilibration Series 


Series Metals Crucible 
a 99.95 pct Si 99.95 pct Si—Nitrided 
3 97.98 pct Si, 0.52 pct Fe 97.98 pct Si—Nitrided 
4 99.95 pct Si Commercial Si,N, 
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both above and below the equilibrium point. At 
higher temperatures, the rate of formation or de- 
composition of silicon nitride was great enough so 
the system would follow very quickly slight fluctua- 
tions in temperature. Consequently the equilibrium 
point could be approached from either side by small 
changes in temperature. In this range, simultaneous 
pressure and temperature measurements were taken 
every 2 min for a period of 20 min, and the observed 
values were averaged to give mean values. At lower 


temperatures where the reaction kinetics were not as 


favorable, measurements were started when the 
pressure had been displaced slightly from equilib- 
rium and were continued until a steady-state value 
was reached. At a given temperature, the values for 
the pressures when approached from above and from 


Table Il. X-Ray Data on Si3N4 Samples 


° Line Obseryed Line 
Observed d (A) Intensity d (A) Intensity 
Series 1 and 2* 

6.70 35 1.890 if 
4.33 100 1.806 10 
3.91 53 1.754 20 
3.31 70 1.641 (Si) 60 
3.16 (Si) 150 1.599 20 
2.900 100 1.548 5 
2.673 55 1.513 10 
2.597 85 1.489 18 
2.544 95 1.438 20 
2.493 60 1.419 15 
2.316 50 1.407 
2.239 11 1.377 3 
2.184 20 1.351 25 
2.159 20 1.343 (Si) 18 
2.079 30 322 7 
1.920 (Si) 125 

Series 3 

6.70. 30 1.634 (Si) 170 
4.33 9 1.589 9 
3.81 30 1.543 5 
3.30 100 1.510 13 
3.14 (Si) 750 1.483 3 
2.882 9 1.454 11 
2.665 70 1.436 . 9 
2.597 7 1.418 3 
2.493 100 1.405 
2.313 11 1.358 (Si) 30 
2.184 20 1.341 25 
2.079 5 1.330 5 
1.920 (Si) 400 1.318 3 
1.865 5 1.289 13 
1.826 11 1.269 5 
1.751 28 1.246 (Si) 60 

Series 4 

6.70 25 1.806 5 
4.33 100 1.773 8 
$3.89 45 1.635 (Si) 25 
3.36 55 1.596 15 
3.30 23 1.541 8 
3.13 (Si) i 1000 1.508 5 
2.882 100 1.485 15 
2.673 30 1.436 13 
2.597 : 90 1.416 12 
2.540 100 1.358 
2.313 45 1.356 (Si) 30 
2.241 8 T3322 5 
2.159 20 1.310 5 
2.079 25 1.298 10 
1.920 (Si) 350 1.246 (Si) 35 
1.884 8 


*See Table I. 
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below were averaged to give the equilibrium value. 
It was found, however, in all except two cases that 
these steady-state values were equal. The tempera- 
ture readings were averaged over the period of ob- 
servation. The temperature was maintained within 
5°C of the mean value. 

The temperature was measured with a disappear - 
ing-filament type pyrometer. The pyrometer and 
optical system were calibrated by observing the 
melting point of a palladium wire 0.010 in. in diam 
hanging down into the silicon-nitride crucible. The 
optical sightings were related to the absolute tem- 
perature through the Wien-Planck relation. Pre- 
cautions were exercised to prevent contamination of 
the palladium wire with silicon by separating the 
wire from the silicon-nitride crucible with molyb- 
denum sheet and by making the calibration under one 
atmosphere of nitrogen to suppress the volatiliza- 
tion of silicon. This calibration was further substan- 
tiated by observing the melting-point of nitrogen- 
saturated silicon, and the result correlated well with 
the palladium melting-point calibration. The maxi- 
mum uncertainty in temperature for any measure- 
ment, considering reading, control, and calibration 
was estimated to be of the order of + 10°C. 

X-ray diffraction patterns were obtained from 
samples of the silicon-nitride compacts both before 
and after equilibration. The samples were crushed 
to power and glass diffraction slides were prepared. 
The patterns were made with nickel-filtered copper 
radiation. 

Table II shows the spacings (d) and line intensities 
obtained on the various experimental series. Except 
for the slight shift in the lattice spacings with the 
less-pure silicon nitrides, the patterns are consis- 
tent with the results for a Si,N, as obtained by 
Forgeng and Decker,’ and Turkdogan, Bills, and 
Tippett.” Metallic silicon is also indicated, but ap- 
parently no 8 Si,N, or the oxynitride (Si,ON) were 
present. 


EXPERIMENTAL RESULTS 


The results of the equilibrations are shown in Fig. 
3 where the logarithm of the equilibrium pressure is 
plotted versus the reciprocal of the absolute tem- 
perature. The results reported by Hincke and 
Brantley® are also included, but Matignon’s* earlier 
work (and the only other quantitative data reported) 
are not included as they depart widely from the data 
shown. The line representing the data is drawn to 
favor experimental points in the range of 1500° to 
1650°C where conditions were most favorable for ob- 
taining rapid and consistent equilibrium-pressure 
measurements. The results from Series 1 are diver- 
gent from the other series between 1500° and 1400°C. 
This may be caused by a very small amount of inert 
gas being in the reaction bulb at the start of the 
series of measurements. Hincke and Brantley’s re- 
sults, which were obtained by the same method but 
with a different physical arrangement, are consistent 
with the current work. 

The slope of the solid line in Fig. 3 is related to 
the standard heat of reaction for equation 1 by the 
relation: 
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. From which 

AH{ = — 209,000 cal per g mole [4] 
By the relationship: 

AF} = RT In(1/Py,)* = AR, [5] 
AF} = — 209,000 + 96.87 (cal per g mole) [6] 


Eqs. [4] and [6] apply only in the temperature range 
of 1400° to 1700°C. The uncertainty in the results is 
difficult to establish, but it is estimated to be not 
more than + 1000 cal per g mole for AF; and + 3000 
cal per g mole for AH}. 

The standard values of enthalpy, entropy, and free 
energy for Eq. [2] can be developed from information 
on the reaction: 


Si(c) = Si(1); AF° = 12,000 — 7.187 [7] 


These and other thermodynamic properties of silicon 
as summarized from the literature are reported in 
the Appendix. Combining Eqs. [6] and [7] gives for 
reaction 2: 

AF>3 = — 173,000 + 75.3T (cal per g mole) [8] 


This relation applies at temperatures near the melt- 
ing point of silicon. The dashed line in Fig. 3 repre- 
sents Eq. [8]. 


ESTIMATED PROPERTIES OF Si,N,(c) 


Kelley estimated the thermodynamic properties of 
Si,N,(c) primarily from Hincke and Brantley’s® data 
and the assumption that ACp for Eq. [2] is + 2.5 cal 
per °C per g mole of Sis;N4.* Using this same rea- 


*The results of Satoh’ for the heat capacity of Si,N, were dis- 
regarded because they appeared to be too low. 


soning and Eq. 8, the following results: 


-0.8 
| 
Series | SizNq (99.95% Si) 

A Series 2 SizgNq4 (99.95% Si 
is eee © Series 3 SizNq (97.98% Si) 
oO Series 4 Commercial Si3Nq —1 

: (99.95 % Si) 
@ Hincke and Brantley> 
a 
2.0 
|—— 
a oV 
- Vv 
-2.4/— 
Vv 
-2.6,— 
wad 
-3.2-— 
-3.4/— 
| 
| | | 
5.0 5.2 5.4 5.6 5.8 6.0 6.2 \ 


Fig. 3—Graphical presentation of experimental data for 
the reaction: 3 Si (lJ) + 2N»(g) = Siz Ny (a). Dashed line 
represents the reaction with solid silicon. 


AF3 = — 177,000 — 5.76T log T + 96.3T [10] 


Eqs. [9] and [10] apply from 1413° to 298.15°C and 
the uncertainty in their values is in the range of 
+ 6000 cal per g mole at room temperature. These 
equations ignore the a — 6 transformation of Si,N,, 
but it is probable that the enthalpy and entropy 
changes involved are too small to be significant in 
the light of the overall uncertainties. 

From the values for the molar entropy of silicon 
(Appendix) and nitrogen,° S° 295.15 — So for Si,N,(c) 


AH, AH 9, + 2.57 177,000 + 2.5T [9] is estimated to be 25.6 cal per g mole per °C. This 
Table II]. Thermodynamic Properties of SizN4(c)* 
Cp (SisN4) ST-So 
fe} fe} 
Cal per G —H 498. 15 Cal per — AHS — AFP 
T° K. Mole per °K Kceal per G Mole G Mole per°C Keal per G Mole Kcal per G Mole 
298.15 30.9 0.0 25.6 176 (+6 152 (+ 
400 32.4 34.8 176 
600 34.4 9.9 48.4 176 129 
800 36.0 17.0 58.5 175 113 
1000 87:2 24.3 66.7 175 98 
1200 38.0 31.8 73:5 174 83 
1400 38.6 39.5 79.4 174 68 
1600 38.9 47.2 84.6 173 52.0 
1800 3931 55.0 88.9 209 (+ 3)** 34.8 (+ 1)** 
2000 39.3 63.0 92.6 209 15.4 ; 


*Cp (SigN4) = + 2.5 + 3C5 (Si) + 

1308. 15> from Cp(Si3N 4) 

Sp - So» from Cp (Si3N4) and Eq. [10] 

AH, standard heat of formation from Eq. [9] 

AF standard free energy of formation from Eq. [10] 
**Obtained from Eqs. [4] and [6] 


784—VOLUME 215, OCTOBER 1959 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


is slightly higher than Kelley’s® estimate, but is 
more consistent with the values for other Similar 
Paral The properties of Si,;N,contained in 

able III are obtained from Eqs. [6], [8], [9], and [10 
[6], [8], [9] [10], 


SUMMARY 


1) The standard free energies and enthalpies of 
formation of SisNq (a) have been determined in the 
range of 1400° to 1700°C by measuring the equilib- 
rium pressure of N, over the compound and silicon. 
The following results were obtained: 


3Si(Z) + 2N2 (8) = SisN, (a); AF? = - 209,000 + 96.87 
(+ 1000) cal per g mole £2 

3Si(c) + 2N, (g) = Si;N, (a); AF; = — 173,000 + 75.37 
(+ 1000) cal per g mole 


Extrapolation of these data to room temperature 
gives: 


So08.15 — So = 25.6 cal per g mole per deg C for 
Si3N.(c ) 


_ 2) From the above results and the data in the 
literature, the values of Cp, Hp- Hog. 15) ST 


— 4 H;, and AF; for SisN, are estimated 
in the range of 298° to 1400°C. 
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APPENDIX 
Thermodynamic Properties of Silicon 


M. Gleiser and J. F. Elliott— All results have been 
corrected to-the latest value of 28.09 for the atomic 
weight of silicon. 

Stull and Sinke’ give the entropy at 298.1°K as 
4.53 + 0.05 e.u. and the enthalpy increment from 0°K 
to 298.1°K as 769 cal per g atom. The specific heat 
at room temperature is from Anderson,” Magnus, 
and Serebrennikov and Gel’d.* From 298° to 900°K 
the results of Magnus and Serebrennikov and Gel’d 
are in moderately good agreement. Data of Sere- 
brennikov and Gel’d above 900°K have been dis- 
carded because their specific heats appear to rise 
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too steeply with temperature. From 900°K to 1473°K 
values were obtained by drawing a smoothed curve 
through the low-temperature results of Magnus and 
Serebrennikov and Gel’d, and those of Olette® above 
1473 °K. 

The melting point is given by Olette as 1685 + 2°K. 
This is in excellent agreement with the figure (cor- 
rected to the 1948 International Temperature Scale) 
of 1686 ¢ 2°K (1413°C), previously determined by 
Gaylor.°® 

Olette has determined the heat of fusion as 12,110 
+100 cal per g atom (adjusted to a molecular weight 
of 28.09). This figure is preferred over that pre- 
viously given by Kérber and Oelsen,” since the sili- 
con used by the latter workers contained consider- 
able quantities of impurities. 


Table IV. Thermodynamic Properties of Silicon 


15 


CalperDeg Cal per Deg Cal per Deg 
T°K per G Mole CalperMole perG Mole per G Mole 
298.15 4.82 0 4.53 4.53 
300 4.85 10 4.56 4.53 
400 5.30 520 6.01 4.72 
500 5.60 1060 ame 5.10 
600 5.83 1630 8.26 5.54 
700 6.02 2230 9.17 5.99 
800 6.16 2840 9.99 6.44 
900 6.27 3460 10.72 6.88 
1000 6.36 4100 11.38 7.29 
1100 6.44 4700 11.99 7.69 
1200 6.48 5400 12.56 8.08 
1300 6.51 6000 13.08 8.44 
1400 6.53 6700 13.56 8.79 
1500 6.54 7300 14.01 9.12 
1600 6.54 8000 14.43 9.44 
1686 (c) 6.54 8600 14.77 9.70 
1686 (2) 6.13 20700 21.95 9.70 
1700 6.13 20800 22.00 9.80 
1800 6.13 21400 22.36 10.49 
1900 6.13 22000 22.69 11.13 
2000 6.13 22600 23.00 11.71 
2100 6.13 23200 23.30 12.25 
2200 6.13 23800 23.59 
2300 6.13 24400 23.86 13.24 
2400 6.13 25000 24.12 13.69 
2500 6.13 25600 24.37 14.11 
2600 6.13 26300 24.61 14.51 
2700 6.13 26900 24.84 14.89 
2800 6.13 27500 25.06 15.24 
2900 6.13 28100 25.28 15.59 
3000 6.13 28700 25.49 15.92 


Results for liquid silicon up to 1823°K are from 
Olette. They are consistent with those presented 
earlier by Kérber and Oelsen’ and Middel.*® Data 
above 1823°K are an extrapolation based on the as- 
sumption that Cb remains constant for liquid silicon. 
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Stabilization Phenomena in Beta-Phase Au-Cd Alloys 


The effect of low-temperature stabilization anneals on the 
structure of the B phase Au-Cd alloys and on the diffusionless 
transformations observed in these alloys was examined by X-ray 
diffraction techniques. A phase separation in the B-phase region 
was proposed to account for the experimental results. The effects 
of quenching from elevated temperatures on the transformation 


behavior of these alloys were shown to be consistent with the pro- 


posed mechanism. 


Ir has been shown that the high-temperature 6 phase 
(CsCl structure) of the Au-Cd alloy system trans- 
forms to a phase having an orthorhombic (D*) Be 
structure’~* for compositions near 47.5 at. pet Cd 
and a tetragonal (4/m, m, m) §” structure* in the 
vicinity of 50.0 at. pct Cd. Both transformations are 
diffusionless, crystallographically reversible, and 
occur on cooling at about 60° and 30°C respectively. 
The temperature interval from the beginning to the 
end of the transformation is of the order of 5°C in 
each case. Although the transformations are nor- 
mally athermal, some of them have been reported to 
occur isothermally.° 

Wechsler” ” has shown that the effects of quenching 
a 49.0 at. pct Cd alloy from elevated temperatures 
are consistent with the retention of a nonequilibrium 
number of lattice vacancies. Annealing of these 
quench effects results in a broadening of the X-ray 
reflections.® After a suitable quench, the 47.5 at. 
pet Cd alloy transforms to a phase having not the B’ 
orthorhombic structure but another structure which 
has properties similar to that of the 6” tetragonal 
structure.’’® This change in the type of transforma- 
tion has also been obtained after long anneals in the 
B-phase region at about 70°C. 7° 

The present investigation was primarily con- 
cerned with the structural changes accompanying 
the above transformation phenomena. The change in 
transformation product and accompanying physical 
changes during an anneal in the B phase have been 
termed stabilization effects. 

Experimental Procedure—The results reported in 
this investigation were obtained with the use of a 
Norelco diffractometer fitted with a temperature- 
controlled cryostat. The specimen temperature was 
controlled to better than + 0.1°C during the meas- 
urements. CrKq radiation monochromated elec- 
tronically with the use of a scintillation counter and 
pulse height analyzer was utilized. Specimens con- 
taining 47.5 and 50.0 at. pct Cd were prepared by 
sintering filings obtained from homogenized ingots of 
the proper alloy composition. (Gold of 99.999 pct 
purity and cadmium of 99.98 pct purity were used). 
All heat treatments were carried out with the speci- 
mens capsulated in vacuum (<10™~ mm Hg) or ina 
He-H gas mixture. The quenching technique used in 
these experiments was to drop the pyrex capsule 
which contained the specimen from the annealing 
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furnace into water, the temperature of which was 
controlled. The pyrex capsule shattered on contact- 
ing the water resulting in a relatively rapid quench. 
After the heat treatment, the specimens were 
mounted in the diffractometer and were left undis- 
turbed in the diffractometer specimen holder during 
each Sequence of measurements. 


EXPERIMENTAL RESULTS 


A) Low-Temperature Annealing—The transforma- 
tions which were considered ‘‘normal’’ for these 
alloys were those obtained athermally during furnace 
cooling at approximately 50°C per hr after an ele- 
vated temperature anneal. Under these experimental 
conditions, the specimens were observed to trans- 
form to phases having structures whose diffraction 
patterns could be indexed as the 8’ orthorhombic 
structure for the 47.5 at. pct Cd and as the §” tetra- 
gonal structure for the 50.0 at. pct Cd alloys. The 
transformation temperatures on cooling were ap- 
proximately 60° and 30°C, respectively. Under the 
‘normal’’ conditions both transformations were ob- 
served to go to completion, 7.e., the entire volume of 
the 8 phase was transformed to the product phase. 
In some specimens an extremely weak £ 110 reflec- 
tion was observed at 20°C indicating that a small 
amount of retained 8 was present. 

The effect of low-temperature annealing on the 
nature of the diffusionless transformations was 
examined for the 47.5 and 50.0 at. pct Cd alloy. The 
Specimens were annealed in evacuated capsules at 
temperatures in the vicinity of 600°C (as specified - 
in Table I) for 24 hr and were then cooled to 100°C 
at a rate of 50°C per hr. The specimens were then 
removed from the capsules and mounted in the 
diffractometer without allowing the specimen tem- 
perature to drop below 80°C. Annealing at the low 
temperatures was accomplished in the diffracto- 
meter by means of the cryostat which was mounted 
around the specimen. During the low-temperature 
anneals the lattice parameter, integral breadth of the 
reflections, and ratios of the integrated intensities 
of the fundamental and superlattice reflections for 
the 6 cubic phase were periodically determined. 
After annealing for the required time, the specimens 
were Slowly cooled in the diffractometer and the 
diffraction patterns were recorded as a function of 
temperature. The specimens were cooled until the 
phase transformations were completed, following 
which the specimens were heated and diffraction 
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Table |. Effect of Heat Treatment on the Transformation 


Transformations 
Allo 
y Heat Treatment Cooling Heating 
oe nealed 600°C, F.C.* to 20°C B > B' (60°C), B > B (80°C) 
‘Annealed 600°C, F.C. to 100°C and annealed 100°C, 19 days B > B' (> 23°C), B'>B 
B > B"(< 23°C), B">B 
Annealed 586°C, F.C. to 88°C and annealed 88°C for 7 days B > B' (30°C) B'>B(~ 40°C) 
B > B"C0°C), B">B (~ 15°C) 
Annealed 586°C, F.C. to 88°C and annealed 88°C, 14 days B- B' (15°C), B'> B (40°C) 
B > (°C), B"> B (15°C) 
Annealed 600°C, F.C. to 75°C and annealed 75°C, 14 days B > B", B">B 
Annealed 572°C, F.C. to 73°C and annealed 73°C, 18 days B > B" (26°C), B">B 
Annealed 600°C, F.C. to 68°C and annealed 68°C, 11 days B = B" (26°C), B" > B (85°C) 
50.0 at. Annealed 600°C, F.C. “(30° Ze 
oe B > B (30°C), B > B (40°C) 
Annealed 600°C, F.C. to 75°C and annealed 75°C, 9 days B > B” (28°C), B" > B @5°C) 


*F.C. denotes furnace cooling at about 50°C per hr. 


patterns were obtained as a function of temperature 
while heating to 100°C. The results of these heat 
treatments are summarized in Table I. The trans- 
formation temperatures on cooling and heating are 
given in brackets. 

The transformation behavior of the 47.5 at. pct Cd 
alloy depended sensitively on the prior heat treat- 
ment as shown in Table I. Annealing at 100° and 
88°C for 19 and 14 days, respectively, after furnace 
cooling from an elevated temperature had the effect 
of decreasing the 6 =f’ transformation temperatures 
to temperatures of the order of 15°C on cooling and 
40°C on heating. In addition it was observed that the 
B — f' transformation did not occur in the entire 
volume of the 8 phase. After the 6 — #’ transforma- 
tion occurred on cooling, a substantial volume of the 
8 phase had not transformed and the diffraction 
patterns showed reflections from phases having the 
B and £’ structures. On continuing to cool, the re- 
tained 6 transformed to a phase which had the 6” 
tetragonal structure at about 0°C. Below 0°C the 
specimen consisted of a mixed f’ orthorhombic and 
B” tetragonal product. On heating, the B” — B 
transformation occurred at about 15°C. As shown in 
Table I annealing for 7 days at 88°C depressed the 
6 — p' transformation temperature to 30°C, while a 
14-day anneal at 88°C depressed the 8 — #’ trans- 
formation temperature to 15°C, indicating that the 
effect was dependent on the time the specimen was 
held at the temperature of the stabilization anneal. 

Annealing at 75°C, 73°C, and 68°C for 14, 18, and 
11 days, respectively, after furnace cooling, re- 
sulted in a transformation of the £ phase to a phase 
which had the 8” tetragonal structure at about 26°C. 
No appreciable amount of retained 6 was observed 
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after this transformation had further cooling to 
-196°C did not cause any change in the transforma- 
tion product. On-heating, the 6” transformation 
occurred at about 55°C. 

On the basis of these results, it appears that 
annealing at temperatures just above the ‘‘normal’’ 
6B = # transformation temperature range after 
furnace cooling from an elevated temperature had the 
effect of: 1) decreasing the B = 6 transformation 
temperature, 2) altering.the transformation to one 
involving a B= 6" transformation. The temperatures 
of both the 6 = #’ and B = 8” transformations were 
decreased by a stabilization anneal which produced a 
mixed transformation product on cooling. Diffrac- 
tion patterns obtained from the ” tetragonal struc- 
ture in the 47.5 at. pct Cd alloy were identical with 
those obtained from the 8” tetragonal transformation 
product in the 50.0 at. pct Cd alloy. 

The variation of the B-phase lattice parameter, the 
relative intensity of the superlattice reflections and 
the integral breadth of the reflections from the 6 
phase were measured during the stabilization an- 
neals. The diffraction patterns of the B cubic phase 
were recorded during the various anneals by con- 
tinuous-scanning and step-scanning techniques. The 
variation of the lattice parameter was measured 
using the center of gravity of the various lines. Since 
the specimens were untouched during the sequence 
of measurements and since the relative change in 
lattice parameter was determined, a precision of 
+ 0.01 pct was estimated for 6a/a). The variation of 
the integral breadth of the diffraction lines during 
the anneals was measured by the ratios of the in- 
tegrated intensities under the diffraction line pro- 
files to the peak intensities. The ratios of the in- 
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Fig. 1—Lattice parameter variation during stabilization 
anneal at 68°C. 47.5 at. pet Cd. a) js the lattice 
parameter 


tegrated intensities of the 6 100 reflection to that 
of the 8 110 reflection were used to measure the 
variation of long-range order during the anneals. 

For the 47.5 at. pct Cd alloy, the results may be 
summarized as follows: The lattice parameter of 
the 8 phase, Fig. 1, was observed to increase as 
the specimen was held at constant temperature. 

The ratio of the integrated intensity of the 6 100 
superlattice reflection to that of the 6 110 reflec- 
tion,i.e., Al100/A110, Fig. 2, decreased. The integral 
breadth of the reflections, 5,, Fig. 3, exhibited a 
marked increase after an incubation period in which 
little change was observed. This initial incubation 
period in which no change was observed was also 
noted in the variation of the lattice parameter dur- 
ing the stabilization anneal, Fig. 1. The observed 
incubation period was longer during an anneal at 
68°C than at 13°C, 7.e., 4 X.10° min at 73°C. and 

8 X 10° min at 68°C. As shown in Table II, the in- 
crease in integral breadth was not proportional to 
(cos @)* or tan @ for different orders of reflection 
and therefore could not be accounted for on the 
basis of either particle size or strain broadening 
alone. 

An asymmetry in the tails of the 6 110 reflection 
was noted during the stabilization anneals of the 
47.5 at. pct Cd alloy. Fig. 4 shows the characteristic 
8B 110 profile for a specimen which had undergone a 
stabilization anneal. The maximum in the tail inten- 
sity corresponded with the diffraction angle for the 
B” 011 reflection. 
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Fig. 2—Variation of the long-range order during stabi- 
lization anneal at 68°C. 47.5 at. pct Cd. 


The transformation behavior of the 50.0 at. pct Cd 
alloy after a stabilization anneal of 1.3 x 10* min at 
75°C may be characterized as ‘‘normal.’’ No signifi- 
cant change in integral breadth, long-range order, or 
lattice parameter was observed during the stabiliza- 
tion anneal. On cooling, the transformation was to the 
‘‘normal’’ 6” tetragonal phase at 28°C. 

B) Quenching Effects—The effect of quenching 
from elevated temperatures on the transformation 
behavior of these alloys is summarized in Table III. 
The specimens were quenched in the manner pre- 
viously described. Two types of quenches were uti- 
lized: a) the specimens were quenched from the 
elevated temperatures to a temperature which was 
below the ‘‘normal’’ transformation temperature for 
the particular alloy and the diffraction pattern was 
recorded, b) the specimens were quenched from the 
elevated temperature to a temperature which was 
above the ‘‘normal’’ transformation temperature for 
the alloy. The specimens were then mounted in the 
diffractometer and held at a temperature above the 
‘normal’’ transformation temperature for a time 
which was sufficient to anneal out the defects intro- 
duced by the quench.® The specimen was then cooled 
and the transformation studied by means of the dif- 
fraction patterns at various temperatures. 

The 50.0 at. pct Cd alloy transformed to the p” 
tetragonal structure by a ‘‘normal’’ transformation 
after quenching from 551° to 20°C. After annealing 
in the 6-phase range (at 50°C) following a quench 
from 551° to 50°C, the transformation was again ob- 
served to be a ‘‘normal’’ one. 


Table Il. Effect of a Stabilization Anneal at 73°C on the Integral Breadth of the Fundamental Reflections in the 47.5 At. Pct Cd Alloy 


Line bo, °20 bi 20 Ab, °20 (7) Ab cos @ Ab cot 8 
110 0.156 0.364 0.208 29.197 0.182 0.372 
220 0.635 1.84 12 


77.017 0.271 0.278 


bo= initial integral breadth 
6; = integral breadth after time ¢ 


@ =diffraction angle 
Ab = b;—bo 
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Fig. 3—Variation of the integral breadth during stabi- 
lization anneal at 73°C. 47.5 at. pet Cd. Solid curve: 
110 reflection. Dashed curve: 220 reflection. 5.: In- 
tegral breadth at 


As shown in Table III, the retention of a nonequi- 
librium number of lattice defects was not of itself 
sufficient to cause the 47.5 at. pct Cd alloy to trans- 
form to the 6” phase. Quenching from 575° to 29°C 
resulted in a B — B’ transformation during the 
quench. Quenching from 551° to 75°C followed im- 
mediately by air cooling to 20°C produced a B — 8’ 
transformation during the air cooling. After both of 
these quenches, the transformation occurred in 
specimens which contained a large number of 
quenched-in defects.° The transformations, however, 
were to a “‘normal’’ product, i.e., the 6’ orthorhom- 
bic phase. On annealing in the 6 cubic phase after 
quenching from an elevated temperature, the dif- 
fusionless transformation was affected in a manner 
similar to that described for the specimens which 
were given a ‘‘stabilization’’ anneal after furnace 
cooling. Thus, annealing at 80°C for 17 hr after a 
water quench from 551° to 100°C produced a B — f’ 
transformation at 35°C on subsequent cooling. Al- 
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Fig. 4—110 8 phase reflection line profile after a stabi- 
lization anneal at 73°C for 14 days. 47.5 at. pct Cd. 


though the transformation was to the ‘“‘normal’’ B’ 
orthorhombic phase, it occurred at a reduced tem- 
perature. Annealing at 60°C for 21 hr following a 
water quench from 551° to 70°C resulted in a 
transformation to the 8” tetragonal structure on 
subsequent cooling. The structure of the 6” phase 
produced after quenching appeared to be identical 
with the 6” tetragonal structure which occurs after 
the ‘‘normal’’ transformation in the 50.0 at. pct Cd 
alloy. 

On the basis of these results it appears that a 
stabilization anneal in the 8 phase was required to 
change the type of transformation. The rate at 
which the stabilization occurred in the 8 phase was 
increased by the quench treatment, z.e., the B” 
phase formed after a 21-hr anneal at 60°C following 
a quench from 551°C as compared to a required 
anneal of the order of 200 hr in the absence of a 


prior quench. 


C) Additional Observations—A series of step- 
annealing treatments was undertaken to determine 
the temperature at which the previous stabilization 
effects annealed out. The 47.5 at. pct Cd specimens 
were annealed at 586°C, furnace cooled to 88°C, and 
annealed at 88°C for 14 days. Following this treat- 
ment the diffusionless transformations on cooling 
were to a mixed §’ orthorhomic and 6” tetragonal 
product. The specimens were then annealed at 100°C 
for 24 hr and at 200°C for 12 hr. Following each of 


Table III. Effect of Quenching on the Transformation 
Transformation 
Alloy Heat Treatment Cooling Heating 
47.5 at. Annealed 575°C and W. Q.* to 29°C B > B' (during quench) B'> B (65°C) 
pet Cd 
Annealed 551°C and W. Q to 75°C and air cooled to 20°C 6 > B' (during air cooling) B' > B 
~ Annealed 551°C, W. Q. to 100°C, and annealed at 80°C 17 hr B > B'(35°C) B' > B (72C) 
Annealed 551°C, W. Q. to 70°C, and annealed at 60°C 21 hr B > B" © 25°C) B" > B (K 60°C) 
50.0 at. Annealed 551°C, W. Q. to 50°C, and annealed at 50°C 24 hr BB" (28°C) B" >6 
Annealed 551°C and W. Q. to 20°C 6B > B" (during quench) 6° > B (40°C) 


*W. Q. denotes water quenching 
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these anneals the transformation was examined and 
no change was noted as compared to the transforma- 
tions observed after the 88°C stabilization anneal. 
The specimens were then annealed at 300°C for 18 
hr and furnace cooled to 20°C. The transformation 
following this anneal was ‘‘normal’’,7.e., B > B’, 
indicating that the effect of stabilization at 88°C had 
been removed. 

In contrast to the behavior of specimens which 
have been stabilized after furnace cooling from 
elevated temperatures, it has been reported by a 
previous investigation’’ and confirmed by the author 
that the stabilization effects produced in a 47.5 at. 
pet Cd specimen after quenching from an elevated 
temperature are removed by 24-hr anneals at tem- 
peratures of the order of 100°C. 

The rate at which the stabilization occurred in 
the 47.5 at. pct Cd alloy during an anneal in the 6 
cubic phase region was decreased by a prior anneal 
in the 8B’ orthorhombic phase region. A 47.5 at. pct 
Cd specimen was annealed at 600°C and furnace 
cooled to 20°C. During the furnace cooling the 
‘mormal’’? B’ transformation occurred. The 
Specimen was then annealed at 25°C for 7 months. 
Following this treatment the specimen was heated 
to 100°C to allow the 8’ — 8 transformation to occur 
and then was annealed in the 6-phase region at 70°C 
for 14 days. On subsequent cooling, transformation 
to the 8’ orthorhombic phase occurred at 53°C. The 
transformation was to the ‘‘normal’’ product struc- 
ture at a slightly reduced transformation tempera- 
ture. The same stabilization anneal at 70°C in the 
absence of the prior anneal at 25°C was observed to 
result in complete stabilization and transformation 
to the 6” tetragonal phase on cooling. 


DISCUSSION 


The behavior of the 8-phase alloys will be dis- 
cussed on the basis of a proposed phase diagram 
shown in Fig. 5(@) for the composition range of the 
B-phase field. Above approximately 100°C, the 6 
region is a single-phase field. Below this tempera- 
ture a phase separation occurs into an ordered £, 
phase of the Au-Cd stoichiometric composition and a 
phase with a lower Cd content, denoted £,, both hav- 
ing the CsCl structure. The order is restricted in 
the 62 phase because of the nonstoichiometric com- 
position. 

On cooling the 50.0 at. pct Cd alloy from elevated 
temperatures, no change should be observed since 
the stoichiometric Au-Cd structure is present at the 
elevated temperatures. Since the 50.0 at. pct Cd 
composition is the limit of the proposed two-phase 
region, a Stabilization anneal in the range of 100° 
to 30°C or a quench from an elevated temperature to 
this temperature range should not alter the 50.0 at. 
pet Cd 8, phase and should not alter the transfor- 
mation, which is to the 8” tetragonal phase. This is 
in agreement with the observed behavior. 

In the case of the 47.5 at. pct Cd alloy, furnace 
cooling at the rate of 50°C per hr from an elevated 
temperature to temperatures in the vicinity of 80°C 
should result in the retention of a 6 phase having a 
composition which lies in the interior of the two- 
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phase 6, + 62 region. Annealing in this tempera- 
ture range would cause a phase separation. This may 
proceed by two paths, 7.e., continuous or discontinu- 
ous phase separation. If the phase separation is 


discontinuous, the 8, and the 6, phases are formed ~ 


having the compositions of the equilibrium phases 

surrounded by a matrix of the original 8 composi- 
tion. For the case of continuous phase separation, 

the 8, and £2 phases change composition continu- 
ously during growth from that of the original B to 

the final equilibrium values. 

A phase separation of either type would be ex- 
pected to have the following effects on the X-ray dif- 
fraction pattern: 

1) Broadening of the reflections from the non- 
equilibrium £ phase as a result of coherency strains. 
The phases may be expected to be coherent since 
they would have the same structure as the original B 
and have only slightly different lattice parameters. 
The broadening caused by coherency strains would 
increase with the average size of the 6, and £, 
regions. 

2) The reflections from the £6, and £2 phases 
should be broadened because of the small particle 
size of the separating phases in addition to the co- 
herency strain broadening. 

3) Using the data on the variation of the # lattice 
parameter with composition given by Zirinsky,” the 
separation of the reflections from the various phases 
can be estimated to be of the order of 0.3° 4 for the 
high-angle reflections. As the observed broadening 
is of the order of 0.6° 6 for these reflections, the 
lines from the various phases would not be resolved. 
This is particularly true in the case of continuous 
phase separation since the composition variations 
should result in an additional broadening of the re- 


_ flections from the various phases. The various re- 


flections would form a single profile and give rise to 
an additional source of broadening. This line broad- 
ening should increase with the total volume of the 
6, and B, phases and should be most prominent at 
the high diffraction angles. 

The integral breadth of the X-ray reflections 
have been observed to broaden during the stabiliza- 
tion anneals, Fig. 3, in a manner described by the 
following relation: 


b, = Bo for t < to 


where 6, is the original integral breadth and t, is the 
incubation period observed. The temperature depen- 
dence of the broadening effect is contained in the 
parameter f,. Experimentally mis observed to be 
0.78 for the 022 reflection and 0.65 for the 011 re- 
flection. Zener’s analysis of the growth of spherical 
precipitates indicates that the precipitate radius is 
at'/? and the volume at %. If the broadening due to 
coherency strains is assumed proportional to the 
lineal dimension of the separating phases and the 
broadening due to the f, and 8, phase reflections is 
assumed proportional to the volume of the phases, 
the observed behavior of the integral breadth may be 
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Fig. 5(2)—Proposed phase diagram in B-phase region. 
(b) Proposed transformation temperature dependence on 
the cadmium content. 


interpreted as resulting from the nucleation and 
growth of spherical regions of the 8, and £8, phases. 
The effect of strain broadening alone would result in 
a growth exponent of 1/2. The broadening due to the 
reflections from the £, and 8, phases should in- 
crease the growth exponent towards 3/2; the effect 
being larger for the high-angle reflections. This is 
in accord with the observed values of m. 

4) The contribution of the 6, and 62 phase X-ray 
reflections to the total diffraction profile should 
produce a line shift whose magnitude and direction 
depend on the relative amounts of the two phases. 
The lattice parameter, as deduced from the center 
of gravity of the diffraction profiles, was observed 
to increase as the postulated phase separation oc- 
curred. 

5) The experimental observations indicate that th 
proposed phase separation during the stabilization 
anneal is accompanied by a decrease in the degree of 
order in the specimen as deduced from the intensity 
of the superlattice reflections. This is consistent 
with the formation of a low cadmium-content phase 
which would have a lower degree of maximum order. 
The problem of the total measured order from a 
phase mixture of the sort postulated above has not 


been treated. 
Unfortunately, no information is available on the 


variation of the transformation temperatures with 
alloy composition. The results of the present inves- 
tigation are consistent with a transformation tem- 
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perature variation of the type shown in Fig. 5(d). 

It is proposed that both the B = 8’ and B = 8” trans- 
formation temperatures decrease as the cadmium 
content of the alloy is decreased. For the nonequi- 
librium 47.5 at. pct Cd 6 phase, T, 4g exceeds Tg _, g 
so the 8’ orthorhombic phase is formed on cooling. 
If the phase separation occurs by the continuous 
path, the 7, ., for the 8, phase decreases and the 
Tz _,g" for the 6; phase increases. After sufficient 
phase separation, the tetragonal 8” phase should be 
nucleated in the 8; phase on cooling and may grow 
throughout the entire volume. During the course of 
the continuous phase separation a range of 6; and 

Bz phase compositions would be present and the 
transformations would be nucleated in those regions 
which have the highest transformation temperatures. 
Under these conditions both transformations could 
be nucleated at reduced temperatures. 

The data given in Table I indicate that the rate of 
stabilization and therefore the rate of phase separa- 
tion was greater at 73° than at 100°C. The incuba- 
tion time to, as determined from the variation of the 
integral breadth during the stabilization anneal, was 
observed to be greater at 68° than at 73°C. These 
results indicate that the rate of phase separation 
followed a ‘‘C’’ curve behavior with a maximum rate 
at about 75°C. This type of behavior is typical of a 
nucleation and growth phenomenon. 

The experimental observation that the rates of the 
stabilization phenomena are increased by the pres- 
ence of quenched-in defects is consistent with the 
expected effect of an excess of vacancies on the rates 
of diffusion. The increased rates of diffusion caused 
by a quench from 550°C apparently cause significant 
phase separation to occur in times of the order of 
1500 min at 60°C. Annealing at 25°C for long periods 
of time should tend to decrease the excess vacancy 
concentration which may have been retained during 
cooling from an elevated temperature. The resultant 
decrease in the rates of diffusion should decrease 


_ the rate at which stabilization occurs. This is in 


agreement with the experimental results. 

The increase in intensity in the high-angle tail of 
the 6110 reflection at a position corresponding to the 
6” 011 reflection during the stabilization anneal may 
result from some isothermal cubic to tetragonal 
transformation concurrently with the phase separa- 
tion. 

Very little information is available concerning the 
positions of the postulated phase boundaries. On the 
basis of the proposed mechanism for the stabiliza- 
tion, it is expected that the effects of a stabilization 
anneal would be removed by a subsequent higher- 
temperature anneal during which a single phase was 
produced from the mixture of the £; and B, phases. 
The experimental results indicate that the single- 
phase 8 was achieved by an anneal of 18 hr at 300°C 
for the specimens in which the stabilization was 
established by annealing at low temperatures after 
furnace cooling and by a 24-hr anneal at 100°C for 
the specimens in which the stabilization was estab- 
lished after quenching. The difference in these two 
temperatures may be the result of different rates of 
attaining equilibrium after the two types of treat- 
ment. This can result from a higher diffusion rate 
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in the specimens which had been quenched, due to 
the retention of an excess concentration of lattice 
vacancies. It may also be the result of a difference 
in the distribution of the 8, and B, phases after the 
two types of stabilization treatments. Accordingly, 
the top of the two-phase region has been tentatively 
placed at 100°C. Previous observations in this 
temperature range have been contradictory. Olander“ 
deduced a phase transformation in the 6 phase at 
267°C from electrolytic cell measurements. How- 
ever, electrical resistivity measurements’ in this 
temperature range did not indicate a phase change. 


SUMMARY AND CONCLUSIONS 


The stabilization phenomena associated with the 
diffusionless phase transformations in the 47.5 and 
50.0 at. pet Cd 6 Au-Cd alloys were studied. It was 
observed that: 

1) ‘‘Normal’’ transformation of the 8 phase (CsCl 
structure) to the orthorhombic f’ (47.5 at. pet Cd) 
and to the tetragonal 6” (50.0 at. pet Cd) phases oc- 
curred, after cooling from elevated temperatures at 
moderate rates, at about 60° and 30°C respectively. 

2) Annealing the 47.5 at. pet Cd alloy above the 
‘“normal’’ transformation temperature stabilized the 
B phase relative to the 8’ and eventually caused 
transformation to the 6” phase on cooling. The 
structure of the pn formed in this manner was the 
same as the @” structure formed in the 50.0 at. pct 
Cd alloy. 

3) During the stabilization anneal, the lattice 
parameter of the 8 phase increased, the long-range 
order decreased, and the integral breadth of the dif- 
fraction lines increased. 

4) The rates of the stabilization phenomena were 


a maximum at approximately 75°C. The kinetics of 
stabilization were those of the nucleation and growth 
of spherical particles. 

5) Quenching from elevated temperatures in- 
creased the rate at which the stabilization occurred. 

6) The transformation in the 50.0 at. pct Cd alloy 
was ‘‘normal’’ under all conditions. 

A separation of the 8 phase into a 8, phase of 50.0 
at. pct Cd and a £, phase of lower Cd content during 
the stabilization anneal was proposed to account for 
these effects. The effects of the proposed phase 
separation on the diffraction pattern was shown to be 
consistent with the experimental results. 
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The Effect of Plastic Deformation on the Resistivity 


of Copper-Palladium Alloys 


The resistivity of Cu-Pd alloys of 9.6 to 29 pct Pd alloys was 
measured after plastic deformation in tension. For all composi- 
tions a continuing decrease in resistivity with increasing plastic 


strain was observed. By comparison with the results of Damask on 
a brass and Cu3Au, it was deduced that these anomalous decreases 


Erik Klokholm 


in resistivity are due to the decrease in short-range order caused by 


cold work. 


An anomalous decrease in the resistivity of cold- 
worked Cu-Pd alloys was first reported by Jaumot 
and Sawatzky.* They observed decreases in the 
electrical resistivity when disordered Cu-Pd alloys 
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(6.4 to 29 pct Pd)* were plastically deformed by wire 
*All alloy compositions are specified as atomic percentages. 


drawing at room temperature. Recently, a similar 
anomaly was reported by Aarts and Houston- Mac- 
Millan’ in Ag-Pd alloys containing 10 to 45 pct Pd. 
The plastic deformation in this case was produced 
by tensile strain at liquid-nitrogen temperatures. 
For Ag-Pd alloys the relative resistivity change 
becomes positive for tensile strains of about 20 pet. 
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In the Cu-Pd alloys, the changes induced by wire 
drawing remained less than the initial value of the 
resistivity. 

The present work was initiated in order to deter- 
mine if plastic deformation by tensile strains would 
produce the same effect in disordered Cu- Pd alloys 
as had the deformation by wire drawing. Further- 
more, the data obtained in this case could be then 
compared to the data published for Ag-Pd alloys. 


The specimens used by Jaumot and Sawatzky were 


still available in this laboratory. Wires of 9.6 to 


29 pet Pd were annealed at 600°C and quenched in an 


ice bath. In this condition the structures of all the 
alloys were disordered face-centered cubic. The 


wires were deformed in tension in an Instron Tensile_ 


Tester. After each increment of plastic strain, the 
load was reduced to zero and the resistance of the 
specimen measured potentiometrically at room 
temperature. The strain was in all cases uniform, 
and the change in cross-section area was deter- 
mined from the measured strain increments. The 
overall experimental error was about 3 pct. 


RESULTS 


Fig. 1 illustrates the data obtained for alloys of 
9.6 to 29 pct Pd. Strains greater than about 25 pct 
produced nonuniform strain, and hence this value 
represents the maximum plastic strain. A continu- 
ing decrease in resistivity with increasing tensile 
strain was observed. The magnitude of the decrease 
in resistivity is less than that obtained by wire 
drawing. With increasing Pd content the effect in- 
creased until about 12.5 pct Pd, then decreased un- 
til about 20.9 pct Pd and then again increased. 
Greater decreases in resistivity were observed 
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Fig. 1—The relative change in electric resistivity as a 
function of plastic strain in Cu-Pd alloys of 9.6 to.29 pet 
Pd. 
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for the same amount of deformation in Cu-Pd alloys 
than those reported for analogous compositions in 
Ag-Pd alloys. It seems obvious from the curves in 
Fig. 1 that in addition to the usual increase in re- 
sistivity caused by plastic deformation there is 
mechanism operating simultaneously which pro- 
duces a net decrease in resistivity. This decrease 
is large enough in Cu-Pd alloys* (9.6 to 29 pct Pd) 
*In discussing the data the general use of the term Cu-Pd alloys is 
to be restricted to the compositions 6.4 to 29 pct Pd. 
so that the relative changes in resistivity with in- 
creasing plastic strain are always negative. Ap- 
parently this is not so in Ag-Pd alloys (10 to 50 
pet Pd)? because the relative resistivity change 
eventually becomes positive. 


DISCUSSION 


There are no theoretical or experimental indi- 
cations that the usual lattice defects (j.e., vacan- 
cies, interstitials, stacking faults, or dislocations) 
induced by plastic deformation can cause a decrease 
in electrical resistivity. Changes in crystal struc- 
ture can be accomplished by cold work, and in these 
cases the resistivity often decreases. X-ray dif- 
fraction patterns of Cu-Pd alloys before and after 
deformation showed no gross structural changes. 
No attempt, however, was made to determine the 
changes in the lattice short-range order by X-ray 
diffraction techniques. In alloy systems the re- 
sistivity is a function of the degree of long- or 
short-range order. The effect of long-range order 
is well known while the effect of short-range order 
has been investigated fully only recently. In this 
respect Damask* has shown experimentally and 
Gibson’ theoretically, that it is possible to have 
alloy systems in which the resistivity can either 
decrease or increase with increasing short-range 
order. 

The data illustrated in Fig. 1 indicate that as 
the cold work increases, the resistivity decreases. 
The destruction of short-range order by cold work 
is well known, and it has been reasonable to assume 
from the work of Damask and others in the field of 
radiation damage that the pile irradiation of alloys 
can cause an increase in short-range order. The 
resistivity of pile irradiated Cu-Pd alloys of 6.4 and 
9.6 pct Pd increased a few percent as shown in 


Table I. These compositions were chosen for pile 
irradiation because they are outside of the com- 
position region which exhibits long-range order. 
Therefore any changes in these alloys as far as 
ordering effects are concerned could only be due 
to changes in short-range order. Damask’s con- 


‘ Table |. Resistivity of Irradiated Cu-Pd Alloys* 


Pct Pd Before Irradiation After Irradiation Ap/p 
6.4 7.414 micro-ohm cm 7.560 micro-ohm cm 0.0197 
9.6 9,982 micro-ohm cm 10.214 micro-ohm cm 0.0232 


*We are indebted to Mr. Robert H Kernohan of the Oak Ridge Na- 
tional Laboratory for making the measurements on the pile irradiated 
specimens for us. The specimens were irradiated for 1 month in the 
ORNL graphite reactor. 
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clusions concerning the changes in resistivity by 
cold work or pile irradiation are based on the fol- 
lowing observations. The resistivity of pile ir- 
radiated a brass decreases and presumably this 
was due to an irradiation induced increase in short- 
range order. Cold working a@ brass increases its 
resistivity; from this and the previous deduction 
Damask concluded that for a brass the quantity 
Ap/Ao is negative. Similar reasoning led to the 
conclusion that for Cu,Au the quantity Ap/Ao is 
positive.® The ratio Ap/Ao is defined by the in- 
cremental change, Ap, in the resistivity caused 

by an incremental change, Ao,in short-range order 
where o is Bethe’s short-range order parameter. 
In the present case cold work decreased the re- 
sistivity, and pile irradiation caused an increase in 
resistivity. This behavior is analogous to that for 
Cu,Au and therefore it seems that Ap/Ao for Cu-Pd 
alloys is positive. The same conclusion probably 
also applies to the Ag-Pd alloys. 

Gibson* has shown quasiquantitatively that short- 
range order should decrease the residual resistivity 
of a binary solid solution, whose constituents have 
different valence, when the Fermi surface passes 
close to a Brillouin zone boundary for the random 
lattice. An increase should occur when the Fermi 


surface is close to the zone boundary in the super- 
lattice. These results are essentially corroborated 
by the above experimental observations. In con- 
sidering the overall aspects of this phenomenon, it 
seems plausible to assume that the anomalous 
changes in resistivity as reported here are due to 
the influence on the Fermi surface of the variations 
of lattice short-range order in binary solid solution 
alloys. 

Further experiments are planned to determine the 
dependence of the resistivity on short-range order in 
the Cu-Pd alloy system. 
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The Cyclic Straining and Fatigue of Metals 


The deformation and fracture characteristics of eight metals 
subjected to fully reversed cyclic strain ranging from 0.2 to 50 pct 
were investigated at room temperature. Strain-hardening characier- 
istics unique to the internal structure of a particular metal were 
found. Complete removal of the strain-hardening effects resulting 


from prior deformation was brought about by subsequent cyclic 
strain. Further support for the validity of the inverse relationship 


F. Coffin, Jr 


between the plastic strain range and the square root of the number 


of cycles for failure is given. 


Tue resistance of materials to cyclic plastic strain 
is of interest both from a fundamental and practical 
point of view. It is now a well-accepted fact that 
fatigue failure in metals is a consequence of the 
localized slip deformation which occurs within the 
individual crystals of metal.*~’ Hence the failure 
process should be strongly dependent upon the mag- 
nitude of the gross cyclic plastic deformation of the 
metal under conditions where this is a measurable 
quantity. Therefore, an experimental investigation of 
metals in which the cyclic plastic strain is the in- 
dependent variable should shed new light on some of 
the basic aspects of the problem. From the practical 
point of view, there are many uses for information 
relating to the cyclic strain resistance of metals. 
One is the case of thermal stress fatigue where 
fatigue failure can occur as a consequence of a com- 
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paratively few cycles of thermally induced mechani- 
cal deformation. Another is the mechanical working 
of metals where large cyclic strains are employed. 

In recent years several publications have ap- 
peared relating to the cyclic-strain resistance of 
metals, ae dealing mostly with the fracture aspects 
where the temperature is cycled simultaneously with 
the mechanical strain. Some work has been reported 
on the cyclic-strain resistance of metals at constant 
temperature, again oriented more toward the frac- 
ture aspects of the problem than the deformation 
aspects. 

The present research investigation was undertaken 
to obtain information regarding the deformation 
characteristics of several metals whose structure- 
property relationships were simple and straightfor- 
ward under conditions of both cyclic and monotonic 
strain. It has been shown for example that under 
cyclic-strain conditions some materials will strain 
harden, while other materials, particularly cold- 
worked structures, strain soften and these effects 
required further clarification.® ‘-'* It was also de- 
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Dia = 
— 4 
0 Radius strain—low- 
cycle specimen. 
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sired to extend the available information on the 
failure of metals under cyclic-strain conditions. It 
has been shown that a simple linear relationship 
exists between the plastic-strain range applied to a 
metal and the inverse one-half power of the cycles 
to failure.®’ ** °° This relationship was found to be 
valid in the region from 1000 cycles to 100,000 
cycles of strain. In addition, it has been found that 
this relationship could be extrapolated to the simple 
tension case. There was, however, a broad gap 
between one-quarter cycle and 1000 cycles where no 
information existed. 


TEST METHOD AND EQUIPMENT 


The tests conducted in this investigation were all 
performed at room temperature with cyclic strain 
as the independent variable. The levels of strain 
chosen were those which would produce failure in 
from 1 to 20,000 cycles. Longitudinal test speci- 
mens were stressed uniaxially by the slow cyclic 
motion of the end grips of the test bar to produce 
the required longitudinal strain. 

The problem of lateral buckling of the test speci- 
men as a consequence of severe cyclic strain was 
overcome by designing the test specimen with a 
nonuniform cross section in the form of a large 
radius notched bar, and by rigid gripping of the 
specimen ends to permit a carefully aligned axial 
motion only. 

The specimen employed for this type of testing is 
shown in Fig. 1. The radius of curvature and the 
minimum section of the diameter for each material 
tested were selected by the load limitations of the 
equipment and the degree of buckling encountered 
during a particular test. With a nonuniform gage 
length, complexities regarding the measurement of 
the longitudinal strain were resolved by measuring 
the change in the minimum diameter of the test 
specimen and converting this diameter change to 
longitudinal strain. An analysis of how this may be 
done is included as Appendix I. 

Because of the magnitude of the strain required 
to produce failure in from 1 cycle to 20,000 cycles, 
it was found necessary to divide the test program 
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Fig. 2—Small-strain—high-cycle specimen. 


into two parts using two distinct pieces of testing 
equipment. For failures ranging from 1 cycle to 
200 cycles, a constant rate of head motion, push-pull 
testing machine was adopted for these tests. The 
existing machine was designed originally to apply 
only a tensile load, but was converted to tension- 
compression by preloading the machine with the aid 
of two 4500-1b capacity coil springs. The rate of 
loading was set at 0.111 in. per min and the machine 
was reversed manually as desired. 

The load was obtained with a Baldwin-Lima- 
Hamilton SR-4 load cell mounted in a rigid frame 
and coupled to an Instron load recorder whose zero 
load position was set at the chart center so as to 
record both tensile and compressive loads. 

The dial indicator was counterbalanced and pivoted 
on a point fulcrum, enabling it to move freely so as 
to follow the changing diameter as the specimen 
moved vertically during the cycling process. The 
opposing knife edges of the dial indicator were 
rounded so as to minimize marking of the specimen 
surface. A 0.001 in. or 0.0001 in. per division indi- 
cator was used depending upon the amplitude of the 
strain being investigated. A photograph of this equip- 
ment is shown in Fig. 3. 

For the tests conducted in the range of from 200 
cycles to 20,000 cycles, another test apparatus was 
used which permitted a maximum longitudinal strain 
range of 2 pct. This machine was similar to that 
reported earlier” with certain modifications. As 
above the specimen was rigidly clamped at each end 
so as to permit motion only in an axial direction and 
a cyclic strain was imposed on the test specimen by 
the relative cyclic motion of the specimen grips. 
Loads were obtained by means of a weigh bar con- 
sisting of an accurately machined heat-treated steel 
tube upon which were mounted resistance-type wire 
strain’ gages. The signal from these gages was fed 
into an Instron load recorder to give a direct reading 
of the load on the specimen at any time during the 
cycling. 

The test specimen as above was machined in the 
shape of a large-radius notched bar as shown in Fig. 
2. The longitudinal strain was determined from the 
deformation of the minimum diameter by the use of a 
dial indicator, counterbalanced and pivoted on a point 
fulcrum. 

The frequency of cycling was varied from a mini- 
mum frequency of approximately 400 cycles per hr to 
a maximum frequency of approximately. 1000 cycles 
per hr. All tests were begun at the minimum fre- 
quency for the first 1000 cycles. For those tests 
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Fig. 3—Test equipment—large cyclic strains. 


whose fatigue life exceeded 5000 cycles, the upper 
frequency was used beyond the first 1000 cycles. A 
photograph of the apparatus is shown in Fig. 4. 

Careful surface treatment was given to the test 
specimens used in this investigation. The notched 
region of each specimen was polished longitudinally 
with fine emergy paper and polishing compound. 
This procedure removed all transverse machining 
marks and left a surface whose remaining defects 
were parallel with the axis. 


MATERIALS AND HEAT TREATMENT 


All metals used in this investigation were com- 
mercially available and were procured in the form of 
3/4-in.-diam rod. The metals tested included 2S 
aluminum, OFHC copper, SAE 1018 carbon steel, 
nickel-A, AISI type 347 stainless steel, 24ST alumi- 
num alloy, 75ST aluminum alloy, and commercially 
pure titanium. Specimens were machined to the de- 
sired type and minimum diameter as described in 
Table I. Following this the surface finish was pre- 
pared and the specimens were then heat treated as 
indicated again in Table I. This procedure insured a 
strain-free surface for test purposes. 


RECORDED AND CALCULATED DATA 


The data obtained during these tests include the 
diametral-strain amplitude, €3, the stress range per 
cycle, Ao, and the number of cycles to failure, N. 
The diametral-strain amplitude is determined from 
the relationship 


796—-VOLUME 215, OCTOBER 1959 


Fig. 4—Test equipment—small cyclic strains. 


d 
log, [1] 


where d and d, are the limiting and initial diameters. 
The stress range per cycle is determined from the 
algebraic difference between the true stress obtained 
at the peak of a tensile strain and the true stress ob- 
tained at the next compressive strain peak. The 
number of cycles corresponding to this stress range 
is taken to be the number of cycles found occurring 
at the zero strain point between the tension and com- 
pression part of the cycle in question. 

The calculation of the longitudinal plastic-strain 
range from the diametral-strain amplitude is de- 
scribed in Appendix I. It should be pointed out here, 
however, that regardless of the direction of strain, 
we are concerned here primarily with the strain 
range which represents the difference between the 
peak to peak values in the cycling process. The 
strain range is further broken down into its separate 
elastic and plastic components as given by 


Ace = Ae, + AE, [2] 


where: Ae = total strain range 
Ae, plastic-strain range 
Ae, = elastic-strain range 


The elastic-strain range can be calculated by the re- 
lationship 


[3] 


where E is the modulus of elasticity. Values used 


Ae 
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Table | 


Material dy Radius Heat Treatment 
2S Aluminum (A led i i 
(Annealed) 0.250 + 0.002 in. 1¥ in. 350°C for 1% hr in salt bath, air cooled. 
2S Aluminum (As received) 0.250 + 0.002 in. 1 ¥ in. None 
25 Alumi : 
: aa 0.250 + 0.002 in. 1% in. 350°C for 1% hr in salt bath and air cooled prior to pre- 
P , 30; straining and no further heat treatment. 
OFHC Copper (Annealed) 0.187 + 0.002 in. Y% in, 400°C for 1 hr in vacuum and slow furnace cooled 
OFHC Copper (As received) 0.187 + 0.002 in. Y% in. None 
*OFHC Copper (33 % pct re- 0.187 + 0.002 in. % in, None 
duction in diameter) 
Low-carb i i i 
Toa steel 0.156 + 0.002 in. % in. 1000 to 1350°F for 1hr in vacuum and slow furnace cooled. 
Nickel A (Annealed) 0.156 + 0.002 in. Y% in, 700 to 750°C for 1 hr in vacuum and slow furnace cooled. 
ce steel 0.141 + 0.002 in. % in. 2000°F in dry H, for 1 hr and air cooled in H, chamber. 
Aluminum alloy 24ST 0.250 + 0.002 in. 1% in. Stress relieved at 350°C for 15 min in salt bath and air 
cooled. 
Titanium 0.154 % in. 570°C for 15 min in vacuum and slow furnace cool. 
ZoST 0.185 Y% in (1) solution heat treatment — 475°C for 1 hr in salt bath 


and cold-water quench. 
(2) precipitation heat treatment — 120°C for 24 hr and air 
cooled 


*/f in. diam by 2 3/16 in long with % to 20 threads for use with adapters. 


for the modulus of elasticity are based on accepted 
values with the exception of 24ST, 75ST aluminum 
and OFHC copper, where the elastic modulus was 
determined using resistance-wire strain gages ce- 


mented longitudinally at the minimum diameter of the 


test specimen. 

Monotonic tension tests were also conducted on 
each material used and from the data both the true 
stress and true strain corresponding to that stress 
were calculated. 

The cyclic strain data were presented graphically 
in two ways. First, with respect to the deformation 
aspects of the work, the resistance of a particular 
material to strain cycling was determined from the 
variations in its stress range with the number of 
cycles of strain. The fracture data were obtained 
by noting the number of cycles required to produce 
failure for a particular diametral strain amplitude 
of the test in question. The number of cycles for 
fracture was determined both from the careful ob- 
servation for first appearance of a fatigue crack 
and any possible indication of a decrease in the 
tensile load-carrying capacity of the specimen. The 
earliest observation of either of these effects was 
used as the indication of failure. The data so ob- 
tained was plotted on a log-log representation of the 
_plastic-strain range versus cycles to failure. Cer- 
tain generalizations can be made with respect to the 
curves showing the deformation resistance of the 
various metals studied. 

In all cases the diametral strain range is used as 
a parameter. Note also that the beginning portion 
of each curve is a dashed line. This is because the 
first value of the stress range corresponding to one- 
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quarter of a cycle is not truly a stress range but 
Simply the stress obtained at one-quarter of a 

cycle multiplied by two. In all other cases both the 
stress range and cycles to failure values are as de- 
scribed above. The value of the stress range at one- 
quarter of cycle serves as a base from which the 
subsequent hardening or softening can be measured 
for the particular cyclic strain in question. In fact 
the monotonic stress-strain curve can be obtained 
merely by plotting the stress range at one-quarter 
of a cycle against the diametral strain range. The 
flow stress is then one-half the stress range while 
the monotonic longitudinal strain is equivalent to the 
diametral strain range. Further the short vertical 
line at the end of each curve represents the point 
where the deformation curve is interrupted by fatigue 
fracture. 


TEST RESULTS 


a) 2S Aluminum—The cyclic-strain and fatigue 
studies on 2S aluminum were performed on the 
material in the annealed state and with various de- 
grees of prestrain as indicated in Table I. The 
cyclic-strain characteristics of annealed 2S alumi- 
num are given in Fig. 5. It will be observed that in 
this material progressive hardening occurs which is 
approximately linear with the logarithm of the cycles 
of strain. Further the rate of increase of the stress 
range with strain cycles increases with increasing 
diametral strain range. An indication of the degree 
of strain hardening that occurs can be obtained by 
observing the stress range at N = 1/4 cycles and 
the stress range at failure as a function of the 
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Fig. 5—Stress range vs strain cycles—2S aluminum. 
Annealed. 


parameter Aeg. Thus, for 2S aluminum in the 
annealed state at room temperature, most of the 
strain hardening occurs as a result of the monotonic 
deformation during the first 1/4 of a cycle, anda 
much smaller amount of hardening takes place as a 
result of the repeated cycling of this strain. 

No tests were conducted at strain levels which 
would produce fatigue failures above 200 cycles for 
this material in the present program. This is be- 
cause of certain instabilities that develop in the 
material as a consequence of longitudinal strain 
cycling, a study of which will be reported elsewhere.” 

Figs. 6 through 9 were obtained for 2S aluminum 
subjected to various amounts of tensile or compres- 
sive prestrain. Examination of these figures shows 
that either strain hardening or strain softening can 
occur, depending both upon the degree of prior 
strain and the amplitude of the diametral strain 
range used in cycling. The characteristic shape of 
the softening curves reveals a reversed curvature 
such that the curves all havé a slope which is in- 
creasing at the point of failure. A more detailed 
examination of Fig. 6 indicates that a prior diametral 
strain of 10 pct has had no effect on the strain- 
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Fig. 7—Stress range vs strain cycles—2S aluminum. 
Prestrained 20 pct €, in compression. 
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Fig. 6—Stress range vs strain cycles—2S aluminum. 
Prestrained 10 pet €, in tension. 


hardening characteristics of the material when sub- 


jected to a 30 pct diametral strain range, while a 
small effect is observed for a 20 pct strain range. 
On the other hand, at 4 and 10 pct the effects of 
the prestrain are particularly marked. The cross- 
ing of the curves in the low-cycle region may be in 
part a result of scatter but also in part reflects an 
interesting characteristic of the cyclic stress- 
strain behavior of this material. Keeping in mind 
the fact that this material has been subjected to a 
prior tensile strain of 10 pct, the stress range re- 
ported at 1/4 cycle is the resistance obtained by a 
subsequent compressive strain equal to 1/2 the 
diametral-strain range, since all the cycling tests 
were conducted with the compression stroke first. 
It was found that a softening effect was character- 
istic of the hysteresis loop for this material when 
tension preceded compression as one proceeds 
around the hysteresis loop. After unloading from 
the prior tensile stress, a higher compressive 
stress is encountered first than subsequently fol- 
lows, until eventually hardening does take place in 
compression. The appearance of what is similar to 
an upper and lower yield point is quite apparent in 
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Fig. 8—Stress range vs strain cycles—2S aluminum. 
Prestrained 30 pct €, in tension, 
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Fig. 9—Stress range vs strain cycles—2S aluminum. 
Prestrained 40 pct €, in tension. 


these hysteresis loops. 

In Fig. 7 the initial crossing is not obtained. This 
is because the prestrain was in compression and 
the subsequent initial cyclic strain was in the same 
direction. Note also in this figure that the 30 pct 
diametral-strain range curve is now considerably 
altered from that of Figs. 5 and 6. This is a con- 
sequence of the fact that the cyclic strain is now 
beginning to override the effect of the prior strain- 
ing. With a prior strain of 30 pct tension, Fig. 8, 
the most significant effect appears to be found in 
the low-cycle region where the initial stress-range 
values are less than that for a 20 pct prestrain in 
compression. This effect is a consequence of the 
yield-point phenomenon described above. As the 
prestrain is increased in value to 40 pct, Fig. 9, the 
softening tendencies of the cycling process become 
more pronounced for all strain ranges. 

The cyclic-strain behavior of 2S aluminum as in- 
fluenced by prior cold-work is of particular interest. 
This is seen in Figs. 10, 11, and 12 for three dif- 
ferent diametral-strain ranges. One observes a most 
interesting effect in close examination of these 
figures. Initially the resistance to cyclic strain for 
annealed and cold-worked materials are quite dis- 
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Fig. 10—Stress range vs strain cycles—2S aluminum. 
3 pet 


tinct, but as cycling proceeds it becomes evident that 
the annealed structure gradually undergoes some 
strain hardening while the material given a prior 
cold-work softens until the two curves coincide. With 
continued cycling presumably the cyclic resistance of 
two materials will then follow in a single curve. 
However, it is apparent that fatigue fracture inter- 
rupts this latter behavior except in the case of the 
larger cyclic strain, Fig. 12. In this case both the 
annealed and the prestrained curves show strain 
hardening, this being due to the rather small amount 
of prior strain. 

The fatigue resistance of 2S aluminum for various 
amounts of prior strain is shown in Figs. 13 and 14. 
As described above the results are represented by 
the log-log representation of plastic strain range 
against cycles to failure. One of the purposes of this 
study was to determine, for the range of diametral 
strains selected, how well the simple relationship 


ni? Ae, =C 
is substantiated. The exponent 1/2 means that on a 
log-log representation a slope of -1/2 should be ob- 


tained. In this figure and in fact in all the subsequent 
figures involving plastic-strain range and cycles to 
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Fig. 12—Stress range vs strain cycles—2S aluminum. 
24 pet Ae,. 
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Fig. 13—Plastic strain range vs cycles to failure—25S 
aluminum. Annealed. 


failure, straight lines having slopes of -1/2 are 
drawn through the various test points. It has also 
been shown that if one extrapolates this relationship 
to the simple tension case, N = 1/4 cycle, the true 
strain at fracture can be used as the plastic strain 
range. Thus, one measure of the validity of Eq. [4] 
is the degree of agreement between the test points 
and the straight line having a slope of —1/2, the 
second measure of agreement is the degree to which 
the true-strain values at fracture in monotonic ten- 
sion fit the curves at N = 1/4. These factors should 
be kept in mind in examining the fatigue failure re- 
sults. 

In Figs. 13 and 14 the agreement between the ana- 
lytical relationship and the test results can be ob- 
served. Data from an earlier investigation carried 
out by one of the authors while at the Knolls Atomic 
Power Laboratory is also included in these figures. 
There appears to be some Scatter in the results, 
which is more pronounced for those materials with 
prestrain. 

b) OFHC Copper—Curves of the cyclic strain re- 
sistance of OFHC copper in the annealed state form 
a smooth family when plotted with the diametral 
strain range as parameter. That the hardening ef- 
fects are considerably more evident can be seen by 
the coarse scale used for the stress range. A signif- 
icant difference in character of the curves shown in 
Fig. 15 is revealed when compared with those ob- 
tained for annealed 2S aluminum. Here it is observed 
that rapid hardening occurs during the early cycles 
of the process and saturates during the later stages. 
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Fig. 15—Stress range vs strain cycles—OFHC copper. 
Annealed. 
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Fig. 14—Plastic strain range vs cycles to failure—2S 
aluminum. Annealed and prestrained. 


The cyclic-strain resistance of prestrained OFHC 
copper with two distinct types of cold work is shown 
in Figs. 16 and 17. The material in the as-received 
state has some unknown amount and kind of cold- 
work which appears to be more severe than the 
33/3 pet diameter reduction obtained by swaging. 
These curves reveal a similar behavior, however, 
and in general show the same effect of cyclic strain 
on stress range as is found for 2S aluminum. Soften- 
ing of the cold-worked material very definitely oc- 
curs but the degree of softening is not as pronounced 
as is found for aluminum. 

It is of interest to compare the cyclic-strain re- 
sistance of OFHC copper for different degrees of 
prior cold work at the same diametral-strain range, 
Fig. 18. In contrast to the behavior of 2S aluminum, 
it will be noted here that the annealed material 
hardens rather significantly while the prestrained 
material undergoes only a slight softening. Despite 
the distinct differences in the initial resistance of the 
material, cycling with the same strain range brings 
the deformation resistance of the two materials to- 
gether. As in the case of 2S aluminum, the cyclic 
Strain to which the OFHC copper is subjected com- 
pletely wipes out the strengthening effects of pre- 
strain. Fig. 19 shows the resistance of annealed and 
cold-worked OFHC copper to fracture as a conse- 
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Fig. 16—Stress range vs strain cycles—OFHC copper. 
As received. 
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Fig. 17—Stress range vs strain cycles—cold-worked 
copper (33 1/3 pet reduction diam). 


quence of cyclic strain. There are several points of 
interest with respect to the figure. For the annealed 
material the straight-line relationship is quite well 
supported from the range of about 1/4 cycle to ap- 
proximately 100 cycles, however, in the higher cycle 


region there appears to be a fading of the experimen- 


tal points from the values predicted from Eq. [4]. 
The prestrained material is particularly interesting 
in view of the fact that although the prior cold work 
has reduced substantially the fracture ductility, this 
loss of ductility does not appear to have a significant 
effect on its resistance to cyclic strain. In fact, in 
the range of 10 cycles for failure the plastic strain 
required to produce failure is greater for the as- 
received material than that of the annealed material. 
The dashed line shown in Fig. 19 is felt to be repre- 
sentative of an average of the fracture values for the 
cold-worked material, although there is considerable 
scatter in the data as one may observe. 

c) SAE 1018 Carbon Steel—The cyclic-strain re- 
sistance of annealed SAE 1018 carbon steel is shown 


in Fig. 20. Strain hardening occurs for this material; 
however, the effect is somewhat irregular with strain 


amplitude particularly during the first 10 cycles. 
For very low diametral-strain ranges (0.32 to 0.56 
pet), there is no evidence of strain hardening. Ata 
strain of 6 pct, however, the stress range is essen- 
tially doubled during the test. At still higher dia- 
metral strain ranges the amount of strain hardening 
is again reduced such that at a diametral strain 
range of 24 pct the increase in stress range is about 
20 pct from start to failure. This effect is probably 
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Fig. 19—Plastic strain range vs cycles to failure—OF HC 
Copper. Annealed and cold-worked. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


3% Meg ANNEALED OFHG 
OPPER 
O0000-O 


° 
T 


3%, Aey AS RECEIVED 
OFHC COPPER 


T 


STRESS RANGE X 10 “psi 
T 


T 


| | 10 100 105 
STRAIN CYCLES 


Fig. 18—Stress range vs strain cycles—OFHC copper. 
3 pet 


a reflection of the peculiar characteristics of the 
stress-strain resistance of annealed low-carbon 
steels in monotonic tension, where an upper and 
lower yield point and the discontinuous yielding that 
produces the lower yield point is observed. It would 
appear that when the diametral strain range is suf- 
ficiently low the resistance to cycling is governed 
primarily by the strain-aging effects responsible for 
the discontinuous yielding region. For intermediate 
cyclic strain (3 to 6 pct) the material is strained 
initially in the discontinuous region where the re- 
sistance is at first a result of strain aging but where 
the cyclic strain is now sufficiently large to produce 
hardening characteristics more representative of 
the material in the high strain-hardening region of 
the stress-strain curve. For larger strains the 
initial strain is sufficiently great to completely 
override the continuous-yield region of the stress- 
strain curve and the strain-hardening effects char- 
acteristic of other materials studied here is ob- 
served. 

The fatigue resistance of annealed SAE 1018 
carbon steel subjected to cyclic strain is shown in 
Fig. 21. Here a very good fit to the straight-line 
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Fig. 20—Stress range vs strain cycles—1018 carbon steel. 
Annealed. 


VOLUME 215, OCTOBER 1959-801 


100 
120 
10 
/ 
10% 
100 
6% 
5% 
We 4% 
3% 
2% 
80 
1.5% 
1% 
70 
40 
4 
30% 
14% 
210 
4/ 
8% 
SS 
~S on 
oo 
a 
SS 
° 
° 110 
44 
44% 
° 


350,-— 


4 
0% 
wy 
= 
ae a 
S200d_ 
a 
= 
8 
21 
<= 
% 
51 00 
= 1 
\ 10 10 50|— 
CYCLES TO FAILURE 
Fig. 21—Plastic strain range vs cycles to failure—1018 108 04 


carbon steel. Annealed. 


STRAIN CYCLES 


Fig. 22—Stress range vs strain cycles—titanium. Annealed. 


relationship of Eq. [4] is indicated with slight 
deviations occurring at either end of the curve. 


Note that if the true strain at fracture in monotonic istics of annealed nickel A under cyclic strain 
tension was used to construct the solid line, most conditions as seen in Fig. 24. There is a slight 

of the test points would fall somewhat above this but definite hardening even at the lowest diametral- 
curve although the slope would be in agreement strain range while at a value of 30 pct diametral- 
with the test data. strain range the stress range is almost doubled. 

d) Commercially Pure Titanium--The strain- Except for the magnitude of the stress range 
hardening characteristics of commercially pure these curves are quite similar to those obtained 
titanium in the annealed state are quite unique as for OFHC copper. 
seen in Fig. 22. There appears to be an absence of As shown in Fig. 25 the fatigue resistance agrees 
any strain hardening due to strain cycling for quite well with the empirical relation of Eq. [4] over 
diametral strain ranges to 1.5 pct. On the other the entire range from N = 0.25 to N = 10%. 
hand, at a strain range of 10 pct the effect of cyclic f) AISI Type-347 Stainless Steel—As revealed in 
strain is to double the stress range before failure. Fig. 26, a wide difference in the strain-hardening 
is reached. In fact, several of the curves show a characteristics of solution treated AISI Type-347 
hardening effect whose rate increases with the stainless steel is found depending upon the diametral 
logarithm of the number of strain cycles in con- strain range used in the test. At 0.4 pct strain range 
trast to the general decreasing slope found for the hardening effects are not detectable while at a 
other metals. diametral strain range of 20 pct, the hardening ef- 

The fatigue resistance of commercially pure fect is such as to double the stress range during the 
titanium subjected to cyclic strain, Fig. 23, agrees course of the test. One interesting effect of the 
very well with the relationship given in Eq. [4]. cyclic-strain hardening of this material is the in- 
Extrapolation of the data to 1/4 cycle shows how- creasing slope of the hardening curves (stress range 
ever some difference between the plastic strain vs the logarithm of the strain cycles) during the 
range predicted at this value and that determined latter part of each test for strain levels of 2 pct and 
from the true fracture strain of the material. above. This is further evidence that the strain- 

e) Nickel A--A rather regular family of curves hardening characteristics of each material subjected 


is obtained for the strain-hardening character- 
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Fig. 23—Plastic strain range vs cycles to failure— 
titanium. Annealed, 
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Fig. 24—Stress range vs strain cycles—nickel-A. Annealed. 
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Fig. 25—Plastic strain range vs cycles to failure— 
nickel-A. Annealed. 


to cyclic strain is unique to that material. 
Agreement between the empirical relationship of 

Eq. [4] and the experimental results for AISI type- 

347 stainless steel is found in Fig. 27 over the entire 


range of N = 0.25 to N = 2 x 10° cycles. The data in | 


this figure were optained from two different sources 
as indicated by the reference on the figure. The two 
series of tests appear to be in very good agreement 
over the range in which they overlap. 

g) 24ST Aluminum—The cyclic-strain behavior of 
a solution-treated and age-hardened alloy, 24ST 
aluminum is shown in Fig. 28. This material again 
shows a unique resistance to deformation under 
cyclie strain. It will be seen that there is a com- 
plete absence of any strain hardening for this alloy 
and in fact at most levels of the diametral strain 
range the material actually undergoes softening. The 
data does not show as smooth a family of curves for 
the diametral strain-range parameter as for other 
metals; this is presumably due to the variations re- 
sulting from the individual solution treatment 
carried out on each specimen. The variations in 
stress range with cycling are also exaggerated be- 
cause of the fine scale chosen for the stress range. 

The fracture resistance to cyclic plastic strain is 
shown in Fig. 29. When compared with Eq. [4], it is 
apparent that the agreement is not as good as for 
some other metals tested. In particular at N = 1/4, 
extrapolation of the test data predicts a consider- 
ably higher value of the plastic-strain range than 
that given by the true strain at fracture. For values 
of the plastic-strain range below that required to 
produce failure in 100 cycles there is a gradually 
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Fig. 27—Plastic strain range vs cycles to failure—347 
stainless steel (solution treated). 
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Fig. 26—Stress range vs strain cycles—347 stainless 
stell (solution treated). 


increasing departure from the predicted curve. 
Whether this departure is real or not is subject to 
some question which will be discussed at a later 
point in this report. 

h) Aluminum Alloy 75ST—Another aluminum 
alloy of higher strength and lower ductility alloy 
75ST, was also investigated. Fig. 30 reveals the 
deformation resistance of the material under the 
cyclic strain. The character of these curves is 
such as to indicate some Slight hardening for all 
strains examined, followed by a softening during 
the later stages of the cyclic process. Because of 
the rather fine scale chosen for the stress range, 
the change in strength with cycling is not as striking 
as the figure indicates. 

In Fig. 31 is shown the fatigue resistance of 
aluminum alloy 75ST when subjected to cyclic plastic 
strain. The behavior shown here is somewhat simi- 
lar to that of 24ST aluminum. Although the bulk of 
the test data supports the relationship of Eq. [4], 
nevertheless, the extrapolated value at N = 1/4 does 
not agree too well with the value for the true strain 
at fracture. One other interesting effect is the 
sudden change in the value of the plastic-strain range 
at about 1000 cycles. The data suggest a complica- 
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Fig. 28—Stress range vs strain cycles—24 ST aluminum 
alloy. 
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Fig. 29—Plastic strain range vs cycles to failure—24 ST 
aluminum alloy. 


tion in the fracture behavior of this material not 
observed generally. 

i) Monotonic Stress-Strain Curves—In addition to 
the cyclic data reported above, monotonic true 
stress-strain curves were obtained for all the 


material as shown in Fig. 32. This data was obtained 


on specimens of the same geometry and with the 
same equipment and measuring methods as were 
used in the strain cycling experiments. It is of 
interest to compare the level of stress and the 
strain hardening for each metal under monotonic 


conditions with those obtained by cyclic strain. This 


will be done in the following section. 


DISCUSSION OF RESULTS 


The above test results have been obtained for a 
wide variety of materials and no one metal was 
examined in great detail. The intent of the investi- 
gation has been to study the cyclic strain behavior 
of metals more from a phenomenological point of 
view rather than from that of the detailed physical 
mechanism. It is evident from the results obtained 
that much further work needs to be done to study 
in detail the nature of the influence of cyclic strain 
on metals. One may conclude that, as in all other 
mechanical properties of metals, the structure of 
the metal has a profound influence on cyclic strain 
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Fig. 31—Plastic strain range vs cycles to failure—75 ST 
aluminum alloy. 
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Fig. 30—Stress range vs strain cycles—75 ST aluminum 
alloy. 


behavior, this being particularly true for the re- 
sistance to cyclic deformation and markedly less 
for fracture. 

In discussing the variation of stress range with 
cycling for the various metals examined, it is 
of interest to compare the results obtained with 


- the monotonic tension values of Fig. 32. In this 


comparison the various metals tested can be di- 
vided into groups. Consider first, the face-cen- 
tered-cubic structures, 2S aluminum, OFHC copper, 
Nickel A, and the solid solution AISI type-347 
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Fig.32—Simple tension tests. 
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stainless steel. For a particular true strain, the 


flow stresses for the various metals are in the order 


—aluminum, copper, nickel, and steel. Examination 
of Figs. 5, 15, 24, and 26 indicates that the cyclic 
strain-hardening behavior of these four metals is 
in the same order as their flow-stress character- 
istics. However, the shape of the monotonic and 


cyclic hardening curves are not necessarily similar. 


For copper and nickel monotonic and cyclic stress- 
strain curves are parabolic, while the hardening 
curves of aluminum reveal an inverse curvature as 
do those of stainless steel for cyclic conditions. 
Hence the internal structural changes occurring in 
cyclic straining produce effects which may or may 


not be similar to those in monotonic straining. For _ 


example, in the case of AISI type-347 stainless 
Steel, Fig. 26, the sharp increase in strain harden- 
ing obtained after many cycles may be the result 
of partial transformation of austenite to ferrite, an 
effect which could be quite different for the two 
types of strain. 

In this connection it is of interest to examine 
qualitatively the relative hardening effects pro- 
duced in the face-centered cubic metals for mono- 
tonic and cyclic deformation. In the cyclic tests 
deformation can be measured in terms of the total 
plastic strain, that is.the total strain absorbed by 
the metal regardless of the deformation. Thus, the 
quantity 2NAe 
for annealed OFHC copper an increase in the dia- 
metral strain for monotonic deformation (N = 1/4) 
from 4 to 24 pct increases the stress range from 
40,000 to 90,000 lb per sq in. On the other hand, 


cycling with a diametral-strain range of 4 pct for 100 


cycles also increases the stress range from 40,000 
to 90,000 psi and produces a total plastic strain of 
about 800 pet. Thus to produce similar hardening 
effects, a six-fold increase in monotonic strain and 
a 400-fold increase in the total plastic strain is 
required. This difference between monotonic and 
cyclic strain hardening becomes more pronounced 
as the strain level decreases. 

It is not possible to make generalizations with 
respect to the other metals studied, since their be- 
havior depends strongly upon the effects of alloying 
agents (with the exception of titanium). In the case 
of SAE 1018 steel, the monotonic flow stress be- 
havior can be used to explain the rather irregular 


characteristics of the cyclic deformation character- 


istics of the metal. As described above it seems 
evident that the strain-aging effects produced by 
carbon and nitrogen have a strong influence on the 
cyclic behavior of this material. 

With respect to the cyclic deformation character- 
istics of titanium, the lack of strain hardening for 
diametral strains of 1 pct and less perhaps can be 
attributed to the single basal-plane slip system 


available to the hexagonal grain structure of titanium. 


This reduces the tendency for cross slip, a mechan- 
ism thought to produce hardening effects in cyclic 
deformation.** At larger strains the pronounced 
hardening observed may be due to the difficulty of 
accommodation at grain boundaries because of the 
limited slip systems of hexagonal metals. 

The cyclic deformation behavior of the aluminum 
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is this quantity. Referring to Fig. 15, 


alloys indicates the hardening effects produced by 
the aging heat treatment override the cyclic harden- 
ing processes operating in the single-phase sys- 
tems. The small but noticeable decrease in stress 
range of the 24ST alloy and the rise and fall of the 
stress range for the 75ST aluminum alloy suggests 
the possibility that some overaging might occur as 
a consequence of the cyclic strain.** 7° However, 
the effect is not particularly marked at the levels of 
strain studied. 

One point of interest with respect to the compara- 
tive hardening in monotonic and cyclic deformation 
is a comparision of the maximum flow stress and 
stress range reached by the two processes for the 
metals tested. With the exception of titanium and 
SAE 1018 steel, the stress range achieved at any 
cyclic-strain level never exceeds twice the maxi- 
mum flow stress developed in the monotonic tension 
curve. For titanium and SAE 1018, however, cyclic 
straining can produce hardening effects which ex- 
ceed that achieved by monotonic deformation. Re- 
ferring to Figs. 20, 22, and 32 for 1018 steel the 
maximum stress range reached was 230,000 psi at 
a diametral strain range of 24 pct while the cor- 
responding monotonic value was about 195,000 psi 
(2X flow stress). This is more noticeable in the 
case of titanium where, for a 10 pct diametral 
strain range, the maximum Stress range achieved 
was 300,000 psi while the maximum double flow 
stress value produced was of the order of 225,000 
psi. 

With respect to the strain-softening effects ob- 
served for prestrained OFHC copper and 2S 
aluminum, it is of particular interest to observe 
the extent to which the resistance of these pre- 
strained metals can be relaxed by cyclic straining. 
It appears that the degree of relaxation of the 
hardening effects introduced by cold work is such 
that all effects of the prior deformation can be re- 
moved. This does not mean, of course, that the 
material can be restored to its initial state but 
rather'to some equilibrium condition typical of an 
annealed material subjected to the same cyclic 
Strain. Failure by fatigue may, of course, occur 
prior to this. Thus cyclic straining provides a 
mechanism for relaxation of those effects which 
cause dislocation pileup and strain hardening in 
monotonic deformation. This microstructural in- 
fluence is not unlike that which is observed on a 
macrostructural scale. Morrow and Sinclair™ 
have studied the relaxation of mean stresses in 
heat-treated SAE 4340 steels when subjected to 
cyclic strain. Recent observations on creep ef- 
fects produced by very small steady stresses ac- 
companying cyclic strain have also been made.”* 
Thus there appears to be analogous macro- and 
microstructural behaviors in metals insofar as 
cyclic-strain-induced relations are concerned. 

The consistency with which metal after metal 
follows the relationship expressed in Eq. [4] gives 
considerable weight to the importance of cyclic- 
plastic strain in predicting the fatigue behavior 
of metals. Of particular interest are Figs. 14 and 
27 in which the relationship is found to hold over 
six decades of cycles of strain and three decades of 
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the plastic strain range for aluminum and AISI 
type-347 stainless steel. The fracture ductility 
defined as the true strain at fracture fits very well 
to the fatigue curves at N. = 1/4, with perhaps the 
exception of SAE 1018 steel and the two aluminum 
alloys. The aluminum alloys appeared to be the 
chief exception in this instance. However, since 
there is no understanding as to why a monotonic 
tensile ductility should agree with the cyclic strain 
behavior of metals, reasons for the exceptions 
produced by the aluminum alloy do not appear to 
be justified. 

The fact that certain metals do show some devi- 
ation from the straight-line relationship predicted 
by Eq. [4] is of interest. OFHC copper in the an- 
nealed state reveals a deviation at comparatively low 
plastic strain. Several possible explanations may be 
offered for this. One of the most plausible arguments 
is based on observations of Wood” in which he shows 
that fine slip produced by cyclic strain in copper and 
brass produces pronounced step-like defects at the 
surface. It is thus possible that the slip process it- 
self produces surface defects that can accelerate the 
fatigue process. At higher strain levels the slip 
process may be too coarse to produce the type of 
surface defects observed in the case of fine slip. 

It is not known whether Wood’s observations on cop- 
per and brass will apply to other metals to the same 
degree. If so, then Wood’s observation could not be 
applied to explain the behavior since the deviation of 
copper is an exception rather than the rule. 

The rather substantial deviations that occur for 
both of the aluminum alloys suggest a rather unusual 
effect not obtained for other metals and may be the 
result of overaging as observed by Hanstock™ and 
Forsyth.” 


SUMMARY 


The deformation and fracture characteristics of 


these metals has been studied and it has been ob- 
served that cyclic strain tends to remove the effect 
of prior deformation and restores the metal to that 


state which it would have achieved for the equivalent . 


amount of cyclic strain in the absence of prior de- 
formation. Fatigue failure most often limits this 
process from achieving the equilibrium state. The 
inverse relationship between the plastic strain 
range and the square root of the number of cycles 
to failure has been verified in the case of 2S alumi- 
num and 347 stainless steel over six decades of 
cycles of strain, ranging from 1/4 to2x 10° cycles. 
Other metals tested support this relationship al- 
though some deviation is found in the case of OFHC 
copper at low strain. An abrupt deviation from this 
relationship is observed for the two aluminum alloys 
examined. 
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APPENDIX I 


During the conduct of strain-fatigue tests certain 
data were obtained, including: 


€ --Diametral-strain amplitude 
Ao—Stress range per cycle 
N —Number of cycles to failure. 


Knowing the diametral-strain amplitude, the longi- 
tudinal plastic-strain range can be calculated as fol- 
lows: 


eight metals subjected to fully reversed cyclic 

strain have been investigated. It is found that the 2E 

strain-hardening characteristics of these metals Ae = 

can in part be predicted from monotonic stress- 2vAo0 

strain behavior but that many of the effects ob- Aep= 4€4 — E 

served are unique to cyclic strain. With respect to ; , 

the deformation resistance of metals under cyclic where v = Poisson’s ratio (0.3) 

strain, each metal exhibits its own peculiar harden- E = Elastic modulus 

ing characteristic associated with the effect of the D ; : i 

cyclic-straining process on the internal structure €; = Plastic-diametral-strain amplitude 

of that metal. The strain softening of certain of 4e, = Plastic-strain range, longitudinal. 
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Alloying Behavior of Ni,Al (V’ Phase) 


The influence of a number of alloying additions on the struc- 
ture and hardness of Ni3Al (y’) has been studied. Three general 
effects have been observed: solid-solution hardening, strain aging, 
and defect hardening arising from deviations from stoichiometry. 
The solid-solution hardening phenomena are complicated relative 
to binary terminal solid solutions due to the possibility of virtu- 
ally independent substitution for the component elements and to 
the concomitant effects of strain aging. 


R. W. Guard 
J. H. Westbrook 


In many superior nickel-base high-temperature 
alloys the elevated temperature strength is attribut- 
able to the presence of a dispersion of Ni,Al (y’) in 
a solid-solution matrix. Examples of such alloys 
are Inconel X-550, Inco 713, Waspalloy, and Nimonic 
80. It is, therefore, appropriate to seek a further 
understanding of the properties and alloying be- 
havior of this compound. 

Ni,Al, the compound most rich in nickel in the 
nickel-aluminum binary system, was first detected 
by litaka* but not established with certainty until the 
much later studies of Bradley and Taylor’ and 
Alexander and Vaughan.*® More recently the mechan- 
ism of formation was clarified by Floyd* who showed 
that Ni,Al is the product of a peritectic reaction at 
1395°C between the melt and the compound NiAl in 
agreement with the original suggestion of Alexander 
and Vaughan.° Ni,Al has the ordered face-centered- 
cubic or Cu;Au structure in which the nickel atoms 
occupy the face centers and the aluminum atoms the 
cube corners, @ = 3.570A. Despite earlier reports 
to the contrary, the compound apparently remains 
ordered at least to 1000°C.° It exists over a narrow 
range of compositions (~3 pct wide) whose limits and 
temperature dependencies thereof have been re- 
viewed recently by Taylor and Floyd.° 

Most previous workers have found Ni;Al to be both 
hard and brittle” ® although Maxwell and Grala® ob- 
tained 2.5 to 6 pct tensile elongation at room tem- 
perature and Alexander and Vaughan’® described the 
material as ‘‘hard and tough’’ on the basis of ob- 
servations made while preparing metallographic 
specimens. In a recent study one of the present 
authors found that although considerable intergranu- 
lar brittleness was evident, individual grains of a 


coarse-grained inert atmosphere arc-melted speci- 
men were readily deformable.*° The same study al- 
so showed Ni,Al to have an anomalous temperature 
dependence of hardness in that such a curve exhibits 
a number of peaks between room temperature and 
800°C which could not be associated with any micro- 
scopically observable precipitation reactions or 
polymorphic transformations. 

It was, therefore, proposed in the present study to 
elucidate the anomalous high-temperature strength 
behavior and to examine the solid-solution alloying 
of this compound and the effects of such alloying on 
hardness. 

Sample Preparation and Experimental Procedure— 
Samples, both of pure Ni,Al and of various alloyed 
solid solutions based on Ni,Al, were prepared by arc 
melting 100-g buttons in an inert atmosphere arc 
furnace. All buttons were heat treated for 4 hr at 
1275°C and examined metallographically for homo- 
geneity. Microstructures were typically homogene- 
ous and single phase with ASTM grain size about 1 
and unusually clean grain boundaries. Chemical 
analyses showed good correspondence (within a few 
tenths of a percent) with intended compositions. 

Microindentation hardness data were obtained 
from room temperature to 800°C in vacuo using a 
balanced-beam type loading system in an instru- 
ment to be described in detail elsewhere.” In 
general a 100-g load, a loading rate of 1 mm per min 
and an indentation time of 15 sec were used. Various 
indenter materials were used according to the ma- 
terials being tested because of specimen-indenter 
interaction."’ Measurements of the Vickers-type 
indentations were made at room temperature. 
Hardness-temperature curves were run at least 
twice on each sample to ensure that surface work- 
hardening effects had been eliminated.” 

Precision lattice-parameter measurements were 
made on powder samples using a back-reflection 
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Fig. 1—Temperature dependence of hardness of unalloyed, 
near stoichiometric Ni; Al. (Ref. 10) 


camera. The precision obtained is estimated at 
+ 0.0005A. 

Properties of Unalloyed Ni,Al—The anomalous 
hardness-temperature curve for unalloyed Ni, Al 
found in a previous study and alluded to above, is 
reproduced in Fig. 1. The room-temperature hard- 
ness value obtained is compared with values re- 
ported by other workers in Table I. 

In considering the source of the observed increase 
in hardness with increasing temperature, four pos- 
sibilities present themselves; precipitation harden- 
ing, defect hardening, domain hardening, and strain 
aging. 

Precipitation Hardening— The homogeneity range 
of the compound even at low temperatures is several 
times the maximum composition error to be ex- 
pected from the melting procedure. In addition the 
component elements used in preparing the alloy 
sample were of such purity that it was considered 
unlikely that the inadvertent heat treatments caused 
by the hardness testing could have produced a pre- 
cipitate which would account for the high-tempera- 
ture hardness. Furthermore, one would have to 
postulate that a resolution or agglomeration effect 
at or near the maximum test temperature nullified 
the assumed precipitation. Despite the foregoing 
considerations, a careful metallographic check was 
made on a hardness test specimen of near stoichio- 
metric Ni,Al following several runs to 800°C and on 
another set of specimens heat treated for 1 hr in 
hydrogen at temperatures of 400°, 500°, 600°, and 
700°C and quenched in ice water. No evidence of 
precipitation was found in any case and it was, 
therefore, concluded that this possibility must be 
rejected. 

Thermal Defect Hardening—Recent studies have 
shown that lattice defects of either composition” 
or thermal’® origin can cause pronounced strength- 
ening in ordered compounds, at least at low homolog- 
ous temperatures. Accordingly we wish to consider 
the probability that sufficient numbers of defects 
are introduced on heating Ni, Al to more than com- 
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pensate for the presumed normal decrease in hard- 
ness with increasing temperature. No direct study of 
this point has been made in the present research. 
However, aside from the initial claim of Bradley and 
Taylor’ (unsubstantiated by later studies) that the 
compound undergoes an order-disorder transforma- 
tion at a temperature close to its melting point, no 
evidence has ever been found to indicate that the 
compound is anything but completely ordered. 
Furthermore, detailed X-ray and dilatometric 
studies over a considerable temperature range” 
failed to show any substantial disordering with in- 
creasing temperature. It must, therefore, be con- 
cluded that the thermally induced defect hardening 
mechanism is highly unlikely on the basis of the 
available evidence. The effects of compositional de- 
fects will be considered below. 

Domain Hardening—Since Ni,Al is an ordered com- 
pound, a hardening contribution from antiphase 
domains is a definite possibility. No means is ap- 
parent however by which such domains could give 
rise to hardness peaks which persist through various 
thermal cycles as observed. However, the changes in 
room-temperature hardness (with no concomitant 
change in microstructure) observed by both Alex- 
ander and Vaughan® and Schramm” may perhaps re- 
sult from domain hardening. Such effects have not 
been studied in the present research. 

Strain Aging—Many nominally pure metals, e.g., 
Fe, Cu, Al, and Ta have been found to be subject to 
a hardening phenomenon known as strain aging, the 
best documented case being that of iron.” More re- 
cently, Ardley has demonstrated similar effects in 
intermetallic compounds: 8 brass” and Cu,Au.** A 
prominent characteristic of the strain-aging phe- 
nomenon is the presence of peaks on the semilog- 
arithmic plots of strength-temperature data very 
Similar to those observed on Ni,Al as shown in Fig. 
1. It is also characteristic that, in spite of these 
rather pronounced mechanical effects of the strain- 
aging phenomenon, little if any associated change can 
be observed within the microstructure. This obser- 
vation is accounted for by dislocation theory which 
predicts that significant mechanical effects would 
result from the interaction of extremely small 
amounts of impurity atoms with dislocations. As 
noted above, no detectable change was observed 
microstructurally in the case of Ni,Al. 

In the case of pure metals, the strain-aging ef- 
fects can be eliminated by removing the responsible 
impurity by chemical purification or by putting it in 
an innocuous from, e.g., removing it from solution by 
forming a stable compound. On the other hand, it is 
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Fig. 2—Strain-aging effects as revealed by hardness-tem- 
perature curves for “doped” Ni, Al. (Here and elsewhere 
the symbol A/o indicates atomic percent.) 


frequently possible to identify the elements re- 
sponsible for the effect by ‘‘doping’’ the sample with 
additions of a suspect element. The results of ex- 
periments along these lines are shown in Fig. 2. 
The observed accentuation or removal of hardness 
peaks by the various addition elements studied leads 
to two conclusions: 

1) strain aging by the interstitials, C, O, and N, is 
probably responsible for the observed hardness 
peaks; 

2) location and magnitude of peaks are dependent 
on the identity and amount of interstitial present. 

The experiments reported are insufficient to iden- 
tify unambiguously particular peaks with particular 
interstitials or combinations of interstitials. 

Compositional Defects— Although the homogeneity 
range of Ni,Al is not wide, it is finite and one can, 
therefore, prepare single-phase alloys with excess of 
either nickel or aluminum. No explicit determination 
was made of the nature of the defects present but in- 
asmuch as nickel and aluminum differ considerably 
in atom size, it is not unlikely that the situation is 
the same as with NiAl; 7.e., substitutions with excess 
nickel, vacancies with excess aluminum. Several al- 
loys were prepared with varying amounts of nickel 
and aluminum, whose compositions all fell within the 
homogeneity range. Exact compositions of the sam- 
ples were determined by chemical analysis. The re- 
sults of hardness measurements at -—195°C, room 
temperature, and 800°C are shown in Fig. 3. The 
—195°C temperature was chosen as well as room 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


300 


- 195°C 
250+ 
R.T. 
N 
i= 
£ 
o 
2 200}- =| 
[> 
4 
a 
800°C 
150+ 4 
APPROXIMATE SOLUBILITY LIMITS 
100 | 1 | 
2I 22 23 26 27 28 


24 25 
ALUMINUM 
Fig. 3—Hardness isotherms showing the effect of defect 
structure in unalloyed Ni, Al. 


temperature so as to eliminate any possible com- 
plexities imparted by strain-aging phenomena which 
might begin as low as room temperature. It may be 
observed that the results are in accord with previous 
findings.**s Defects are hardening at low tempera- 
tures since they interfere with regular crystallo- 
graphic glide; they are softening at high temperature 
since they enhance diffusion which controls one or 
more of the high-temperature deformation proc- 
esses. No significance is attributed to the fact that 
the maximum and the minima of the curves as drawn 
through the relatively small number of data points 
fail to coincide exactly with the stoichiometric com- 
positions. The role of defects in the ternary solid 
solutions was not examined. It is entirely possible 
that some of the differences in behavior of different 
elements can be explained on the basis of their ef- 
fects on the equilibrium defect structure. 

Solid Solutions of Ni,Al—Many intermetallic com- 
pounds show extensive solid solubility either for ele- 
ments other than their own components or for 
isomorphous compounds. Laves” has recently re- 
viewed some examples of this. As with pure metals, 
a necessary condition for appreciable solid solu- 
bility appears to be the so-called 15 pct rule of 
relative atomic size. The subject has been discussed 
more fully by Kornilov.*”** From such considera- 
tions as well as from some of the available ternary 
diagrams, it is certain that many of the alloying ele- 
ments normally present in high-temperature alloys 
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dissolve extensively in the compound phase Ni,Al 
as well as in the matrix solid solution. The solute 
elements considered in the present work comprise 
one transition series (Ti-Ni), representatives of a 
second transition series (Mo and Zr), and two non- 
transition elements (Si and Cu). In addition the 
ratios of the atomic radii of the solutes with re- 
spect to nickel vary from 0.94 for Si to 1.28 for Zr. 

A survey of the existing ternary phase diagrams 
was made to determine the extent and nature of solid 
solubility for each of ten solute elements chosen. 
Available data for the systems with Cr,” Cu,” Ti,° 
and Co™ were satisfactory for our purpose. Those 
for Fe,” Mn,*° and Mo~”’ turned out to be inadequate 
and no published information could be found for the 
Si, V, and Zr systems. For the latter two groups, 
the region near Ni,Al was explored in an auxiliary 
study, the results of which are to be reported in de- 
tail elsewhere. The findings of this auxiliary in- 
vestigation and the phase-equilibrium data from the 
published literature are summarized schematically 
in Fig. 4 for a temperature of about 1150°C.* 


*It is realized that in nearly all cases a marked temperature depend- 
ence of solubility exists and that the nature of this dependence varies 
from element to element among the solutes. For the general considera- 
tions of the following discussion, this has been ignored. 


Zirconium and molybdenum were found to show 
little solubility in Ni,Al and will not be discussed 
further. For other solutes the results show that a 
specific element will substitute either for nickel, 
for aluminum, or for both depending on its nature. 
Elements similar to nickel in radius and electronic 
configuration such as Co and Cu substitute primarily 
for nickel, as is shown by a y’-phase field extending 
parallel to the Ni-X axis of the ternary. In this case 
the deviations from stoichiometry decrease with in- 
creasing substitution for nickel. The total substitu- 
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tion may amount to as much as 40 pct of the second 
element. 

As the element added is chosen farther along the 
lst transition series toward titanium, we find that 
substitution occurs to a lesser extent for nickel. For 
example, in the case of chromium the y’-phase re- 
gion extends in a direction almost bisecting the 
quasi-binary sections Ni,;Al-Ni,;X and Ni,Al-X,Al. In 
addition, the permissible lateral spread of the y’ 
region is larger in the case of chromium than for 
copper and cobalt. Iron is similar in behavior to 
chromium. However, manganese is peculiar and 
shows little of the expected tendency for nickel sub- 
stitution, preferring instead to form a phase field 
lying along the quasi-binary Ni; Al-Ni;X. 

A third group comprises those elements which 
substitute primarily for aluminum and have a y’ - 
phase region lying in the direction parallel to the 
Al-X axis. Examples of such additions are Ti, V, and 
Si. As for the case of Cu and Co, where the substitu- 
tion is primarily for nickel, the width of the y’ field 
decreases with increasing addition. Even though 
Ni,Si forms a structure analogous to Ni,Al, the two 
compounds are not completely miscible presumably 
because of the marked size difference between the 
Si and Al atoms. The substitution for aluminum ap- 
parently occurs in amounts from 40 to 60 pct. As 
previously mentioned, Mn also falls in this class al- 
though this behavior appears anomalous. From the 
data available it appears that for all three types of 
substitutions the solubility of the added element in- 
creases with decreasing temperature. 

It would also be expected that the extent of the y’ 
region should be affected by the stability of the 
phases with which it is in equilibrium in various 
regions. On the high-aluminum side, the presence 
of very high melting NiAl limits any change in that 
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Fig. 5—Hardness-temperature curves for Ni; Al alloys. 


direction. Likewise in the systems of Cr and Mo, 
due to the refractory nature of the added metals, 
these elements appear in equilibrium with Ni,Al 
and tend to decrease the extent of solubility, 
markedly so in the case of Mo. 

In the case of V, Ti, Si, Mn, and possibly Cr the 
presence of structurally related compounds of the 
type Ni; X affects the solubility. Since most of the 
compounds are less stable (or lower melting) than 
Ni;Al, the effect is shown primarily in the direction 
taken by the y’ region rather than by its extent. In 
addition, for the case of Ti and Si the presence of 
ternary compounds toward the nickel-poor compo- 
sitions also tends to limit the extent of substitution 
possible for nickel. 

From observation of these results it is evident 
that electronic (or chemical) factors as well as 
atomic size factors govern the extent and nature of 
the solubility of alloy additions in Ni,Al. The 
general rules for binary alloys seem to apply with 
the further provision that in the compound alloying 
can take place by substitution for either or both of 
the component elements. The rules appear to be as 
follows: 

1) Elements nearest in size to either nickel or 
aluminum have the greatest solubility. 

2) Elements most like nickel in electronic con- 

‘figuration will substitute for nickel; those like 
aluminum, for aluminum. 

3) Elements substituting for both nickel and 
aluminum generally show the broadest phase field 
but only moderate solubility. 
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Fig. 6-—Hardness-temperature curves for Ni; Al alloys. 


4) The solubility of alloying elements in Ni,Al 
in general increases with decreasing temperature. 

5) Elements in the second transition series are 
almost insoluble in Ni,Al. 

6) Because of the possibility of separate sub- 
stitution for two components, the maximum sub- 
stitution is not governed by the usual Hume-Rothery 
size rules and may reach 40 to 60 pct substitution 
for the given atom. 

Properties of Ni,Al Solid-Solution Alloys—For 
studying the effects of solid-solution alloying on the 
properties of Ni,Al, several alloys were made up in 
most of the ternary systems discussed above. The 
compositions were chosen to lie along a line con- 
necting the stoichiometric Ni,Al base with the point 
of maximum solid solubility. In effect this method 
considers a quasi-binary section based upon the 
manner in which the third element substitutes for 
the two component elements, nickel and aluminum. 
This arbitrary choice was made because it allows a 
direct treatment of those cases where the major 
substitution is for one element alone, and further 
permits comparison of elements which behave dif- 
ferently. 

Samples were prepared as previously described 
and annealed at and quenched from 900°C or higher 
depending on whether there was extensive retro- 
grade solubility. As was noted above, the solubility 
limits of the y’ region often decrease with increas- 
ing temperature so that high annealing tempera- 
tures could not be used for all alloys since they lead 
to two-phase structures. Hardness measurements 
were carried out on all samples at temperatures up 
to 800°C. Precision lattice parameters were also 
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Fig. 7—Hardness-temperature curves for Ni, Al alloys. 


determined on powder samples using a back-reflec- 
tion camera. 

' The results of the hardness studies are shown in 
Figs. 5 to 8 and are cross-plotted against compo- 
sition for room temperature in Fig. 9. Data at 
elevated temperatures could not be described in 
terms of solution hardening because of concomitant 
strain-aging effects. Even at room temperature, 
hardness-composition curves were not always linear, 
as is common for dilute terminal solid solutions in 
binary alloys. The softening observed with initial 
additions of Mn, Co, and V-is attributed to removal 
of impurity elements from solution. In the case of 
Mn, however, larger additions result in significant 
hardening and, therefore, the curve was drawn 
through the high concentration point. The result for 
Cr additions is anomalous in that both of the addi- 
tions cause the same degree of hardening. This ef- 
fect may be related to differences in the number of 
lattice defects present. No positive evidence for any 
such cause is available although the lattice-parameter 
changes in the y’ region™ suggest that the changes in 
composition do not involve simple substitution. The 
hardness-concentration curve for chromium has, 
therefore, been drawn conservatively. (See further 
below.) In addition to these departures from the 
usual linear hardness-composition relations the 
slope of the hardness isotherm is not a regular 
function of the solubility as holds for binary solu- 
tions. For example, silicon shows a greater harden- 
ing effect than either manganese or vanadium even 
though it is considerably more soluble. As men- 
tioned above, the hardness data at high temperatures 
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could not be analyzed in detail. Nevertheless it is 
clear that only titanium results in hardening of 
practical significance at 800°C. 

In the case of binary solutions lattice strain, as 
indicated by lattice-parameter change, has been 
found to be the most important factor in solid-solu- 
tion hardening, although in some cases a correction 
for electronic factors on solute strengthening must 
also be included. The lattice-parameter data ob- 
tained for the Ni,Al solutions are plotted against 
concentration in Fig. 10. The parameter effects are 
not related in a simple manner to atomic-size dif- 
ference as in binary alloys since the different sub- 
stitution behavior of different elements must be con- 
sidered. For example. compare the effects of Ti 
(a large atom substituting for aluminum) with Si 
(a small atom substituting for aluminum) and Co 
(an average atom substituting for nickel). Silicon 
produces a negative change in lattice parameter, 
while both cobalt and titanium produce an increase. 
If no factors other than size and nature of sub- 
stitution are important, the change in hardness 
should be a single-valued function of the lattice- 
parameter change. The data in Fig. 11 showa 
test of this hypothesis. The position of the points for 
Cr and Mo suggest that electronic or chemical 
factors may be operative. On the other hand, this 
behavior may result from the dual nature of their 
substitution. 


SUMMARY 


Elements which dissolve substitutionally in Ni,Al 
can be divided into three groups: those which sub- 
stitute for nickel—Co and Cu; those which substitute 
for aluminum—Si, Ti, Mn, and V; and those which 
substitute for both constituent elements--Fe, Cr, and 
Mo. Interstitial solutes were not considered in this 
study. 

The present investigation has revealed a hitherto 
unsuspected aspect of the mechanical behavior of 
Ni,Al, namely strain aging. The presence of this 
phenomenon has in part confounded the observations 
on solid-solution hardening although certain conclu- 
sions seem clear: 

1) Only silicon and titanium impart significant 
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hardening at either room or elevated temperatures. 

2) As with terminal solid solutions, lattice strain 
plays a major role in solid-solution hardening of a 
compound. 

3) Defect hardening (or softening at high tempera- 
ture) can be of the same order of importance as 
solid-solution hardening. 

4) Solid-solution hardening of compounds such as 
Ni,Al is complicated relative to binary terminal 
solid solutions due to the possibility of virtually in- 
dependent substitution for component elements. 

There are at least three unanswered questions with 
regard to these data. The problem of defects (vacan- 
cies or wrong atoms) in the ternary solutions is un- 
resolved. Certain of the observations might be ex- 
plained on the basis of variations in defect structure 
apart from the normal substitution of the solute 
atoms. A rather detailed study of the entire y’ field 
for each system would be required to establish the 
effect. Secondly, the simple fact there are two com- 
ponent elements introduces the possibility of inter- 
action effects. If substitutional alloying is carried 
out separately for each component, the effect could 
be much greater than for single additions. It is not 
known whether such a ‘‘complexity’’ effect exists or 
what its nature is. Finally, nowhere in the present 
work is any attempt made to separate out strictly 
chemical effects (valence, and so forth). The vari- 
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able valence states of the transition metals such as 
Mn make such a task on Ni;Al formidable. It might 
be possible to answer this question for other systems 
such as Cu,Au. The reason for the anomalously 
large AH/Aa, for Cr and Mo may be such a ‘‘chemical 
effect. A more detailed study of these systems might 
throw light on this problem. 
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Yield Phenomena in Magnesium Single Crystals 


Containing Nitrogen 


Single crystals were grown from high-purity magnesium con- 
taining known amounts of nitrogen in the range 0.0008 to 0.0048 wt 
pct. Crystals of known orientation were tested in tension in an 
Instron machine to determine the yield strength and to observe 
whether a yield point occurred. Slowly cooled crystals or those 
given a solution heat treatment did not show a yield point. Howevey, 


crystals that were aged following a solution treatment showed a 


D. Geiselman 


yield point for all of the nitrogen contents studied. It was concluded 


that nitrogen caused the yield point by the Cottrell mechanism. 


Nitrocen has been shown to produce sharp yield 
points in single crystals of cadmium,’ zinc,”’* 
B-brass,* and iron,”’® as well as in polycrystalline 
iron’ and molybdenum.®° Since magnesium has a 
structure similar to zinc and cadmium, it seemed 
reasonable that magnesium should also exhibit a 
sharp yield point provided it contained sufficient 
nitrogen. Bobalek and Shrader’® reported a total 
nitrogen content of 0.002 to 0.0065 wt pct in com- 
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mercial magnesium alloys, an amount well in ex- 
cess of that required by theory. However, mag- 
nesium differs from cadmium and zinc in that it 
forms a stable nitride, Mg,N,, which has a stan- 
dard free energy of formation of —95,480 cal per 
mole at 25°C." If rather than being in solid solu- 
tion, the nitrogen were predominantly combined as 
the nitride, it could not act to produce a yield point. 
This type of behavior is the basis for the elimina- 
tion of strain aging and a yield point in steel by the 
addition of strong nitride formers such as titanium,” 
columbium,** aluminum, vanadium,” and boron. 
Thus, there appeared to be factors both favorable and 
unfavorable to the production by nitrogen of a sharp 
yield point in magnesium, and the purpose of this 
investigation was to determine the actual behavior of 


magnesium crystals containing known amounts of 
nitrogen. 
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Table 1. Summary of Alloy Melts 


Magnesium 
Melt No. Melting Stock | Temp., °C Atmosphere Flux Pct N Remarks 
11 triple sublimed 750 Argon None 0.0008 
4 triple sublimed 735 50 pet Ar and 50 pct N None 0.0035 
6 3/4 rod As-received = - 0.0048 
7 3/4 rod 750 Argon None 0.0047 Add Mg,N, to make 
0.010 pct N 
8 3/4 rod 750 Argon None 0.0048 
9 3/4 rod 740 Argon Dow 310 0.0017 Stirred 5 min 
13 3/4 rod .750 Argon Dow 310 0.0011 Stirred 10 min 
16 3/4 rod Thermocouple ~ Argon None 0.0049 Argon bubbled through 
Failure bath for 10 min 
17 3/4 rod 750 Argon Dow 310 0.0009 Argon bubbled through 
bath for 15 min 
Bee 1/4 rod 700-760 50 pet Ar and 50 pct N None - 0.0048 Crystals were coated 


with Mg,N, 


EXPERIMENTAL PROCEDURE 


Preparation of Alloys—The alloys were melted ina 


graphite crucible in an argon atmosphere (except 
where noted otherwise) and were bottom poured into 
a graphite mold. It was found that the nitrogen con- 
tent of crystals of sublimed magnesium increased 
from an initial value of 0.0008 wt pct N,* to 0.0035 
*Analyses for nitrogen were made using the micro-Kjeldahl tech- 
nique reported by Bobalek and Shrader!®.'8 with two modifications; 
1) a 30 pct NaOH solution was used instead of 50 pct KOH, and 2) a 
0.005 N sodium thiosulfate solution was used for titration instead of a 


0.01 N solution. The error in the determination of nitrogen was es- 
timated to be less than 0.0005 pct. 


pet during melting under an atmosphere of 50 pct Ar 
and 50 Pct N,, Table I. Also, sublimed magnesium 
that had been remelted and extruded as 3/4-in. rod 
by the Dow Chemical Co. was found to contain 0.0048 
pet N,. The latter value could not be increased by 
melting under an argon-nitrogen atmosphere nor by 
adding nitrogen in the form of magnesium chips con- 
taining Mg,N,. Since it appeared that the 3/4-in. rod 
contained a maximum amount of nitrogen, it then be- 
’ came necessary to try to remove nitrogen. Removal 
was effected by melting the magnesium in an argon 
atmosphere under a cover of Dow flux number 310. 


Table Il. Spectrographic Analyses of Magnesium 


Sublimed 
Wt Pct 3/4-In. Rod Crystals Melt No. 13 

Aluminum = < 0.001 < 0.001 < 0.001 
Calcium < 0.01 < 0.01 < 0.01 
Copper < 0.001 < 0.001 < 0.001 
Iron 0.0015 0.0014 0.0016 
Manganese < 0.001 < 0.001 < 0.001 
Nickel < 0.0005 < 0.0005 < 0.0005 
Lead < 0.001 < 0.001 < 0.001 
Silicon < 0.01 < 0.01 < 0.01 
Tin < 0.01 < 0.01 < 0.01 
Zinc 0.006 0.003 0.005 
*Nitrogen 0.0045-0.0050 0.0012 0.0011 


*Nitrogen was determined by the micro-Kjeldahl method. 
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These results are shown in the lower half of Table I. 
A spectrographic analysis of melt No. 13 showed that 
the fluxing treatment did not change the amounts of 
the metallic impurities, Table II. 


Growth Preparation, and Orientation of Crystals— 
The cast ingots were extruded at 325°C as 1/4-in. 
diam rod. Rods of suitable length were placed ina 
split mold made of grade PG3A graphite obtained 
from the Stackpole Carbon Co. The mold cavity was 
1/4 in. in diam and 5 in. long with a 1/8-in. diam 
hole 1/4 in. deep at the bottom. The mold was placed 
in a crystal-growing furnace’ having a gradient of 
12°C per in.; the alloy was melted, and it was then 
cooled at a controlled rate of 10°C per hr. There- 
fore the rate of crystal growth was 0.83 in. per hr. 
The resulting single crystals were removed from 
the furnace, smoothed with 3/0 emery paper, and 
etched by rolling in a tray of dilute hydrochloric 
acid. Then they were polished by rubbing with a 
cotton swab wet with the dilute acid. 

The orientation of each crystal was determined by 
a Laue back-reflection technique. Since the crystals 
were not seeded a random distribution of orienta- 
tions was obtained. To limit the mode of deformation 
to basal slip, only crystals having the basal plane 
more than 6 and less than 72 deg from the crystal 
axis were chosen for study.”° A list of the crystals 


is given in Table III. 


Testing Technique— A table-model Instron ma- 
chine was used for tensile testing. A cage was at- 
tached to the bottom of the moving crosshead to 
allow the specimen to be immersed in either a heat- 
ing or a cooling bath. The center loading rod was 
aligned parallel to the lead screws of the testing 
machine using a vernier caliper and a rigid rod to 
replace the crystal so that the center-line of the 
rod was displaced from the center-line of the testing: 
machine by less than 0.002 in. Lubricating oil was 
used for the heating bath up to 200°C, and Arochlor 
1260 (Monsanto Chemical Co.) was used for the 
300°C bath. The Arochlor, however, decomposed 
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quite rapidly so that few tests were made at this 
temperature. The temperatures of the oil baths 
were controlled to + 1°C with Fenwal thermo- 
switches. The baths changed less than 5°C when 
they were placed around the cold specimen, and this 
temperature difference was recovered in approxi- 
mately 5 min. 

Polished crystals of known orientation and di- 
mensions were cemented in aluminum holders for 
testing. During the cementing operation, the crys- 
tals were held in a fixture to assure axial alignment. 
In later tests on Solution-treated crystals, the heat- 
ing and quenching caused the cement to crack away 
from the crystals. Therefore, to prevent failure of 
the cement bond the inside of the aluminum holder 
was threaded with a 5/16 to 24 tap. Also, a 1/16-in. 
wide groove was etched about 1/8 in. from each end 
of the crystal by masking all but the 1/16-in. strip 
with Scotch electrical tape and dipping the ends of 
the crystal in dilute hydrochloric acid. 

The testing machine had special lead screws that 
gave a constant crosshead speed of 0.02 in. per min. 
Since the crystals were 2 3/4 in. long between the 
holders, the strain rate for homogeneous deforma- 
tion was 1.2 X 10°* sec’. The strain sensitivity was 
approximately 5 X 10~° with a chart speed of 2 in. 
per min. 


EXPERIMENTAL RESULTS 


The results of the tensile tests are best pre- 
sented for crystals of various nitrogen contents in 
the following three conditions: 1) slowly cooled 
crystals; 2) solution-treated and quenched crys- 
tals; 3) solution-treated, quenched, and aged crys- 
tals. 

Slowly Cooled Crystals—The designation ‘‘slowly 
cooled’’ describes those crystals that underwent 
solidification and subsequent cooling to room tem- 
perature at a cooling rate of 10°C per hr. No sharp 
yield point was observed in any of the slowly cooled 
crystals regardless of their nitrogen contents. Also 
there was no detectable effect of nitrogen content on 
the critical resolved shear stress. Tests of twelve 
crystals gave an average value of 42.7 g per sq mm 
with a range from 30.4 to 59.6 g per sq mm. The 
scatter is probably attributable to random variation 
caused by crystal growth, although effects caused 
by handling may have been present in a few crystals. 

Tests were performed on some slowly cooled 
crystals to determine a reasonable temperature and 
time for complete recovery. These tests showed that 
for basal slip 100 pct recovery was produced by heat- 
ing at 200°C for 30 min. At room temperature, how- 
ever, recovery was virtually absent, as reported by 
Burke and Hibbard.” For example, crystal 20 showed 
no recovery after 7 days at room temperature, while 
crystal 39 showed only 20 pct recovery after 71 days. 

It has been reported that the yield stress of mag- 
nesium above —23°C (250°K) is nearly constant.”? 
Since this is not normal behavior for metals, some 
experiments were performed to investigate this 
question. In carrying out this study use was made 
of the fact that a crystal deformed by basal slip 
recovered completely in a reasonable time at a 
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Table III. List of Crystals 


Initial Criti- 


cal Resolved Wt Pct 


Crystal No. xe X, Shear Stress Nitrogen x 10 
4 57 61 4.8 
9 26 28 70.0 0.8 

10 733 23 38.6 0.8 
12 32 33% 40.3 isa 
14 45 47 49.7 355 
20 16 17 36:3 Go 
23, 50 50 41.5 4.8 
24 8% 19 36.2 4.8 
35 35 36 30.4 4.8 
46 55 57 50.6 0.9 
47 50 50 59.6 0.9 
48 10 14 82.4 0.9 
49 67 We 56.5 4.8 


suitable temperature. Therefore, the same crys- 
tals could be used for repeated tests at several 
temperatures. The order of testing at higher or 
lower temperatures was chosen at random in an ef- 
fort to eliminate any possible cumulative effects. 
The results of tests on crystals 4 and 10 are plotted 
in Fig. 1 and are compared with the corresponding 
data of Conrad and Robertson.~’ The present results 
show a small decrease in strength for temperatures 
above 250°K. For example, upon going from room 
temperature to 473°K the decrease for crystal 10 
was 7.5 g per sq mm. The decrease in strength for 
a given crystal was much less than the difference 

in strength between crystals. 

Solution-Treated Crystals—As described above, 
crystals were solution treated by being heated at 
200° to 600°C and then being quenched in oleum 
spirits. The heating times were 5 hr at 200°C, 1 hr 
at 300°, 400°, and 500°C, and 1/2 hr at 600°C. A 
crystal could be held at 600°C for only 30 min be- 
cause partial melting tended to occur within the 
holder for longer times, probably because of local 
reaction with the Sauereisen cement that was used 
to hold the crystals in the aluminum holders. 

No sharp yield point was observed for any of the 
solution-treated crystals. However, Fig. 2 shows 
that the critical resolved shear stress, Sy, increased 
with an increase in solution temperature up to 500°C, 
then the strength decreased at 600°C. At the higher 
solution temperatures, especially at 500°C, there 
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Fig. 1—Critical resolved shear stress as a function of 
temperature. 
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Fig. 2—Critical resolved shear stress as a function of 
solution temperature. 


was considerable variation in the amount of strength- 
ening. Fig. 3 shows the relationship that was found 
to exist between the critical resolved shear stress 
for 500°C solution treatment and the nitrogen con- 
tent of the crystal. A statistical analysis of these 
data gave a correlation coefficient of 0.974 between 
resolved shear stress and nitrogen content. This 
value is highly significant at the 1 pct significance 
level for the Sample size in question so there ap- 
pears to be a definite correlation between the two 
variables. 

Solution-Treated and Aged Crystals—The solution- 
treated and aged crystals were given the treatment 
outlined previously. The aging treatment was 30 min 
at 200°C (except where noted) and should have given 
complete recovery of any shear hardening caused by 
basal slip. In contrast to the results of tests on 
slowly cooled or solution-treated crystals, all of the 
solution-treated and aged crystals regardless of 
nitrogen content displayed sharp yield points. These 
results would indicate that even the purest mag- 
nesium had enough nitrogen in it to produce a yield 
point. - : 

A sequence of tests is shown in Fig. 4 for crystal 
49 which contained 0.0048 pct N,. The number under 
each curve corresponds to the number of the test 
performed on the crystal. The first test, which is 
not shown, was the initial test on the ‘‘as-grown”’ - 
crystal. After solution-treatment, test 2, no yield 
point occurred, but after aging, test 3, a definite 
yield point can be seen. A second aging treatment, 
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Fig. 3—Strength of crystals solution treated at 500°C, 
compared with initial strengths, as a function of nitrogen 
content. 


test 4, caused the yield point to disappear. The re- 
maining tests in this figure demonstrate how the 
yield point can be restored by resolution-treating 
and aging, and they also show the effects of various 
aging times. 

Crystal 46, which contained only 0.0009 pct Na, 
showed similar curves. However, the yield points 
were much more persistent than those for crystal 
49. For example it required three aging treatments 
of 30 min each at 200°C with intermediate tests to 
eliminate the yield point. Crystals 41 and 47, con- 
taining 0.0048 and 0.0009 pct N., respectively, were 
tested at 300°C to see if a yield point still existed at 
that temperature. Both crystals showed sharp yield 
points although the yield point for crystal 41 was less 
prominent than that for crystal 47. 

In considering the effect of aging on the strength of 
the crystals, it is convenient to refer the value of 
critical resolved shear stress after aging, Sy, to the 
value for the solution-treated crystal, Ss. The dif- 
ference S, — Sc will be called the aging index. Thus, 
the data in Fig. 5 were obtained by subtracting the 
resolved shear stress for the crystals solution 
treated at 500°C for 1 hr from the resolved shear 
stress for the crystals after they were aged at 200°C 
for 30 min immediately following the previous test. 
The specimens were tested at various temperatures 
after the aging treatment. For the tests at 300°C the 
aging temperature was also 300°C. The scatter at 
each temperature was caused largely by differences 
among the crystals, and the data for a given crystal 
were far more regular. For example, the upper 
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Fig. 4—Tensile test curves for crystal 49, containing 
0.0048 pet Ny. Test 2. Solution treated at 500°C for 30 min 
and tested at room temperature. Test 3. Aged at 200°C 
for 30 min and tested at 200°C. Test 4. Aged at 200°C for 
30 min and tested at 200°C. Test 5. Solution treated at 
500°C for 30 min and tested at room temperature. Test 6. 
Aged at 200°C for 120 min and tested at 200°C. Test 7. 
Aged at 200°C for 30 min and tested at 200°C. Test 8. So- 
lution treated at 500°C for 30 min and tested-at room tem- 
perature. Test 9. Aged at 200°C for 6 3/4 hr and tested at 
200°C. Test 10. Aged at 200°C for 11 1/2 hr and tested at 
200°C. Test 11. Solution treated at 500°C for 30 min and 
tested at room temperature. Test 12. Aged at 200°C for 
22 1/2 hr and tested at 200°C. Test 13. Aged at 200°C for 
30 min and tested at 200°C. 


points at 30, 130, 200, and 300°C through which a 
dashed line is drawn are all for crystal 47. The data 
can be interpreted as suggesting a linear dependence 
of S4 — Ss on temperature for this range of test tem- 
peratures. For the tests above room temperature, 
part of the deviation from the room temperature 
value might be attributed to the change in strength 
with temperature of a slowly cooled crystal, as was 
shown in Fig. 1. This correction was made in Fig. 6, 
although not in Fig. 5. Subsequent tests were run 
only at room temperature and 200°C, and it was 
assumed on the basis of Fig. 5 thatS, ~— Ss was 
linearly dependent on test temperature. The values 
for the 200°C test temperatures were corrected to 
room temperature by the addition of 7.5 g per sq 
mm, a correction obtained from the data for slowly 
cooled crystal 10 in Fig. 1. 

The changes in S4 — Ss with solution temperature 
for tests at room temperature are shown in Fig. 6. 
S4- Ss decreased with solution temperature in the 
range from 200° to 300°C, then it increased rapidly 
with an increase in solution temperature. Sharp 
yield points occurred only after solution treating at 
400°C or above for 1 hr. The same general phe- 
nomena were observed when the tensile tests were 
performed at 200°C. 


DISCUSSION OF RESULTS 


The observed occurrence of a yield point in mag- 
nesium crystals containing nitrogen can be explained 
in terms of the accepted mechanism of ‘‘locking”’ of 
dislocations by Cottrell atmospheres of nitrogen 
atoms. In the slowly cooled crystals there were in- 
sufficient nitrogen atoms in solution to adequately 
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Fig. 5—Aging index, S4 — Ss as a function of test tem- 
perature for crystals solution treated at 500°C. 


lock the dislocations because the nitrogen was al- 
most completely combined as Mg3Nz2. Solution treat- 


ing at 400°C or higher followed by quenching pro- 
vided the necessary concentration of nitrogen atoms 
to produce a yield point. However, in the case of the 
as-solution-treated crystals it is believed that the 
presence of quenching strains masked the yield 
point and a brief heating at 200°C was sufficient to 
eliminate the quenching strains thus permitting the 
occurrence of sharp yield points in the solution- 
treated-and-aged crystals. 

The lower strength after solution treatment at 
600°C compared to the value for 500°C can be ex- 
plained as the difference in strengthening caused by 
the nitrogen being in random solution in the former 
case and in ‘‘locked’’ positions in the latter case. 
This would mean that the critical temperature for 
the separation of the nitrogen atoms from the dis- 
locations would be between 500° and 600°C. 

Repeated testing and aging caused a decrease in 
the concentration of dissolved nitrogen as a result 
of the approach toward the equilibrium concentra- 
tion of Mg,;N,. The yield point disappeared more 
rapidly when the crystals were repeatedly tested and 
aged than when they were aged without testing during 
the aging treatment, Fig. 4. This observation agrees 
with the fact that the rate of precipitation from solid 
solution is generally increased by mechanical work- 
ing for if nitrogen atoms associated with disloca- 
tions are separated from them by the mechanical 
working, the atoms are then in more favorable po- 
sitions for reacting to form magnesium nitride. 

The quenching operation involved in solution treat- 
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Fig. 6—Aging index, $4 —S., as a function of solution 
temperature for room-temperature tests. 


ing the crystals produced strengthening effects that 
complicated the interpretation of the aging index 

S4 —Ss, which was employed in presenting the data 
of Fig. 6. In a solution-treated and aged crystal, part 
of its strength came from the quenching effects and 
part from the effect of locking the dislocations with 
nitrogen atoms. Aging at 200°C would have annealed 
out the shear hardening which took place during test- 
ing after the solution treatment, but some of the 
quenching effects probably were not annealed out and 
so the level of yield strength of the aged crystal 
would have been dependent on the level of the solu- 
tion-treated crystals. Thus, the difference between 
the solution-treated value, S,, and aged values, S,, 
‘gave the effect of the aging minus any effects which 
were annealed out during the aging treatment. Up to 
a solution temperature of 300°C there would have 
been very little nitrogen in solid solution, and, there- 
fore, any strengthening caused by the migration of 
nitrogen to the dislocations would have been small. 
The annealing of defects from quenching was practi- 
cally complete so the index, S4 — Ss, decreased up to 
300°C. However, above 300°C where more nitrogen 
was in solution, the formation of atmospheres of 


nitrogen at the dislocations would have been the pre- 
dominant strengthening effect as the index increased 
with an increase in solution temperature. The sharp 
yield appeared after solution treating at 400°C and 
above for 1 hr followed by aging at 200°C for 30 min. 
According to Cottrell’s theory, this would mean that 
400°C was the lowest temperature at which there was 
ee nitrogen at dislocation sites to lock them in 
place. 


SUMMARY OF RESULTS 


1) The maximum solubility of nitrogen in mag- 
nesium was estimated to be 0.0048 wt pct, from the 
cases where the melt was in equilibrium with mag- 
nesium nitride. 

2) The strength of magnesium single crystals de- 
creased with an increase in temperature. 

3) The crystals recovered completely from shear 
hardening caused by basal slip in 30 min at 200°C, 
therefore this was the time and temperature used for 
the majority of the tests. 

4) No yield points were observed in slowly cooled 
crystals or immediately after solution treating and 
quenching. 

5) The strength of solution-treated and quenched 
crystals increased with an increase in nitrogen con- 
tent but the strength of the slowly cooled crystals 
remained constant with an increase in nitrogen con- 
tent. 

6) All slowly cooled crystals that were Subse- 
quently solution-treated above 400°C and aged at 
200°C had a sharp yield point whether or not there 
was any prior straining. 

7) The yield point disappeared with further aging 
and straining, and more rapidly than with just aging 
for a comparable period. 

8) The aging index, S4 — Ss, showed a roughly 
linear dependence on test temperature, decreasing 
with an increase in temperature. 

9) The aging index, Sy -— Ss, decreased with solu- 
tion temperature up to 300°C, then it increased 
rapidly. This coincided with the appearance of the 
yield point and was believed to be caused by Cottrell 
locking. 
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Temperature Dependence of Grain Migration 
in High-Purity Lead Containing 


Small Additions of Tin 


The temperature dependence of the rate of grain boundary 
migration was measured in bicrystals of zone-refined lead con- 
taining from 20 to less than 1 ppm by weight of tin. The appar- 
ent activation energy in the temperature range from 320° to 
200°C is markedly dependent upon the solute tin concentration 


and upon the orientation relationship of the grains adjacent to 
the grain boundary. The quantitative experimental observa- 


K. T. Aust 


tions are compared with the predictions of various theories of 


gvain boundary migration. 


In previous work,’ the mobility of individual grain 
boundaries was studied as a function of impurity 
concentration and type of boundary. Grain boundary 
migration occurred at the expense of dislocation ar- 
rays which were introduced into the specimen during 
solidification. Boundary mobility in zone-refined 
lead at 300°C was markedly decreased by small 
additions of tin, 0.004 wt pct being sufficient to de- 
crease the rate of grain boundary migration by a 
factor of 1000. The mobility of grain boundaries 
having polar orientation relationships near 38 and 
22 deg about <111>, and 28 deg about <100>, was 
much less sensitive to tin concentration in the range 
studied. As a result, these boundaries have rela- 
tively high mobilities. 

The present paper is a continuation of the above 
study. Data are now presented on the temperature 
dependence of the motion of individual grain bound- 
aries in zone-refined lead as a function of solute tin 
concentration and orientation relationship of adjacent 
grains at the grain boundary. The experimental ob- 
servations are compared with the predictions of a 
number of theories of grain boundary migration*° 
which, prior to the present experimental investiga- 
tion, could not be critically evaluated. 


EXPERIMENTAL PROCEDURE 


The striation or lineage structure of melt-grown 
single crystals of zone-refined lead, containing 
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various additions of tin, was utilized to provide a 
driving force for grain boundary migration, as pre- 
viously described.’’? Each grain boundary under 
study separated the striated single crystal from 
another grain which was introduced by localized 
plastic deformation and recrystallization of a small 
region of the sample. The speed of migration of 
grain boundaries in dilute alloys of tin in zone- 
refined lead was investigated as a function of 1) tin 
concentration from < 0.0001 to 0.002 wt pct, 2) tem- 
perature in the range of 200° to 320°C, and 3) ori- 
entation relationship of the adjacent grains at the 
grain boundary. The substructure driving energy 
available for grain boundary migration was esti- 
mated to be about 4000 ergs per cu cm, within a 
factor of two, from specimen to specimen.” The 
specimen dimensions, and growth and alloying pro- 
cedures for the preparation of striated single crys- 
tals of lead of known tin composition, were as 
described previously.” 

Each bicrystal was carefully wrapped in aluminum 
foil, and annealed in a well-stirred salt bath con- 
sisting of 50 pct NaNO, and 50 pct KNO,, for known 
periods of time at a series of constant temperatures 
(42°C). The grain boundary positions, before and 
after each anneal, were determined by etching 
lightly in a solution of 5 pct nitric acid in methyl 
alcohol, in order to follow the motion ofthe bound- 
ary and determine its rate of migration. Thus, the 
rate of motion of the grain boundary in a single 
specimen was measured at various temperatures. 
The above procedure was carried out for each grain 


boundary in seventeen different bicrystal specimens. 
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‘Fig. 1—Orientation relationships for the seventeen bicrys- 
tals studied. 


The orientation of the starting, melt-grown stri- 
ated single crystal was identical in each case, 
zZ.e., <100> approximately parallel to the specimen 
axis or growth direction, and a <100> nearly normal 
to the top surface of the crystal (e.g., see Fig. 2 of 
Ref. 2, orientation ‘‘E’’). The orientation of the 
striation-free recrystallized grain was also deter- 
mined from X-ray back-reflection photographs; the 
single rotation necessary to bring its orientation 
into coincidence with the starting striated crystal 
is given in Fig. 1 for each of the seventeen bicrys- 
tals. The rotation angle around the appropriate 
axis, describing the orientation relationship be- 
tween the striated single crystal and each new grain, 
is also given in Fig. 1. Grain boundaries of the 
types shown in Figs. 1(a), 1(b), and 1(c) will be re- 
ferred to as ‘‘random,’’ ‘‘special,’’ and ‘‘interme- 
diate boundaries,’’ respectively, based on their ob- 
served kinetic behavior in the presence of impurity 
atoms. 

There are two advantages to the present technique 
for studying grain boundary migration. First, the 
striation structure is thermally stable, z.e., it is 
not altered by prolonged heating near the melting 
point of the metal. Therefore, the driving force for 
grain boundary migration remains constant as the 
sample is annealed, except for comparatively small 
variations in the striation structure from place to 
place in the sample. This is in contrast to the case 
of usual grain growth studies, where the driving 
force decreases as the area of grain boundary pres- 
ent decreases, and also to the case of a strain- 
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Fig. 2—Distance vs time relationship at various tempera- 
tures for two “random” grain boundaries in specimens 
with varying tin content. 


energy driving force where processes such as re- 
covery (which is temperature dependent) may 
decrease the driving force when the sample is 
annealed. Second, the present method permits the 
study of the motion of individual, known grain bound- 
aries as a function of temperature and solute con- 
centration. 


EXPERIMENTAL RESULTS 


Measurements of the migration of a single grain 
boundary at various temperatures gave displacement 
vs time data of the type shown in Figs. 2 and 3. The 
difference in kinetic behavior shown in Fig. 2 for a 
zone-refined lead bicrystal with no tin addition 
(specimen No. 1), and one with a 0.0001 wt pct Sn 
addition (specimen No. 2), suggests that the impurity 
content of the starting material is not more than a 
few parts per million. The results shown in Fig. 3, 
for specimens of similar purity, clearly demon- 
strate that grain boundaries separating grains with 
orientation relationships of 38 deg near <111>, and 
28 deg about <100>, have greater mobility than a 
random high-angle boundary. 

Data of the type given in Figs. 2 and 3 were ob- 
tained for the various bicrystals studied; specimen 
designations and tin contents are listed in Table I. 
Results for random high-angle boundaries in bicrys- 
tals with tin concentrations from < 0.0001 to 0.0013 
wt pet are given in Fig. 4 in the form of log rate of 
boundary migration vs 1/T (T = °K). The orienta- 
tion relationships for these random boundaries 
[specimen Nos. 1 to 7 inclusive, Fig. 1(a)] are char- 
acterized by angular rotations of 15 deg or greater 
about high-index rotation axes. It is evident from 
Fig. 4 that generally an increase in tin concentra- 
tion not only decreases the rate of boundary migra- 
tion, but also increases the temperature dependence 
of the rate. 

A similar plot of log rate vs 1/T for a number of 
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Fig. 3—Distance vs time relationship at various tempera- 
tures for two “special” and one “random” grain boundary 
in specimens having similar tin contents. 


special boundaries is shown in Fig. 5. The orienta- 
tion relationships for these special boundaries are 
given in Fig. 1(b) (specimen Nos. 8 to 12 inclusive) 
and are characterized by 36 to 42 deg and 23 deg 
rotations about axes within 10 deg of <111>, and by 
27 deg about <100>. Again, the rate of migration is 
generally decreased by an increase in tin content 
although to a lesser extent than for the random 
boundaries, as was also evident in the previous 
study at 300°C.” However, the temperature depend- 
ence for the special boundaries is much less than is 
the case for random boundaries. In addition, the 
temperature dependence of the special boundaries 
is independent of tin concentration over the range 
investigated, z.e., 0.0006 to 0.0020 wt pct. This 
marked difference in kinetic behavior between ran- 
dom and special boundaries, Figs. 4 and 5, indicates 
that differences in structure must exist between the 
two types of boundaries. The different kinetics ob- 
served for different boundaries may be attributed to 
differences in the amount of solute segregation to 
them; this, in turn, must depend upon the structure 
of the boundary. 

The scatter shown in some of the experimental 
points, especially in Fig. 4, is probably due to slight 
variations in the substructure driving force along 
the same specimen. Also, the anomaly in the lower 
rates of migration for specimen 6 compared to 
specimen 7, Fig. 4, despite the apparent lower tin 
content of the former specimen, may be due to a 
variation in driving force between the two samples. 
A similar explanation is possible in the case of 
specimen 8, Fig. 5, where the absolute boundary- 
migration rates appear to be lower than expected 
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Fig. 4—Log rate of boundary migration vs 1/T for “ran- 
dom” grain boundaries in specimens (1 to 7 inclusive) 
with tin content from <0.0001 to 0.0013 wt pct. 


on the basis of the tin content. In fact, variations 
in driving force by less than a factor of two from 
specimen to specimen, in these cases, would ac- 
count for the disparities noted above. 

The results of Figs. 4 and 5, together with some 
additional data which will be discussed shortly, are 
summarized in Fig. 6 in the form of measured acti- 
vation energies, Q, derived from the slopes of the 
log rate vs 1/T plots vs composition. The upper 
curve pertains to the random boundaries while the 
lower one refers to the special boundaries. The 
random boundaries show an apparent activation 
energy which is dependent on tin concentration, 
varying from about 15 to 43 kcal per g atom. How- 
ever, the special boundaries show an activation 
energy of only 6 kcal per g atom, which is inde- 
pendent of composition in the range studied. 

During the course of the work on temperature 
dependence, several boundaries were observed 
which did not fit either the random or special cate- 
gories. These gave intermediate values of activa- 
tion energy, Fig. 6, and, consequently, they have 
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Fig. 5—Log rate of boundary migration vs 1/T for “spe- 
cial” grain boundaries in specimens (8 to 12 inclusive) 
with tin content from 0.0006 to 0.0020 wt pct. 


been arbitrarily termed intermediate boundaries. 
The log rate vs 1/7 data for these latter bound- 
aries are given in Fig. 7, and their orientation re- 
lationships depicted in Fig. 1(c) (specimen Nos. 13 
to 17 inclusive). It is evident from the orientation 
data obtained by X-ray analysis that these inter- 


= 
S 50K 
= " RANDOM" 
= BOUNDARIES 
lo 
= 
= % 
/ 
> 
© Sf 
lJ 
z 
7 A 
= / A 
"SPECIAL" 
BOUNDARIES 
=) 
= | | | | | | 


° 0.0001 0.0005 0.0010 0.0015 0.0020 0.0025 


TIN CONCENTRATION (WT. PCT) 


Fig. 6—Measured activation energies (Q) vs tin content for 


‘various grain boundaries in zone-refined lead. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


mediate boundaries fall into two classes: 1) border- 
line cases between special and random boundaries 
with respect to axis or angle or rotation, or both 
(e.g., Specimen Nos. 13, 14, and 15); 2) rotations 
about axes of higher crystallographic index than 
those observed for special boundaries. Rotations _ 
about <120> and <123> axes have been observed, 
with the angle of rotation being about 32 to 33 deg | 
(e.g., specimen Nos. 16 and 17). The existence of 
intermediate boundaries with regard to migration 
kinetics suggests that boundary structures with 
varying degrees of good and bad fit must exist. © 

Table I shows the results obtained for the meas- 
ured activation energies (Q), together with the cor- 
responding values for the frequency factor (V,), the 
entropy of activation (AS,), and the free energy 
activation (AF ,) for boundary migration. V, was 
obtained from: 


Vie [1] 
where V is the measured velocity of grain boundary 
10 300°C 250°C 200°C 
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Fig. 7—Log rate of boundary migration vs 1/T for “inter- 
mediate” grain boundaries in specimens (13 to 17 inclu- 
sive) with varying tin concentrations. 
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Table |. Data on Frequency Factor (V9) and Various Activation Energies (Q, AS,, 


AF ag) for Grain Boundaries Studied in Present Work 


Kceal V Cal per AF 4 at 300°C 
Tin Content 0 
Specimen No. Wt Pct per G Atom Cm per Sec Deg per G Atom cal per 
4) <0.0001 15.3 7x 103 17.3 4.2 
Dy 0.00011 16.4 8 x 10° 17.6 5.2 
3. 0.00024 22.4 1x 10° 27.2 5.7 
0.00046 25.9 2x 107 33.1 5.8 
Boundaries 
5. 0.00058 27.3 4x 107 35.0 6.1 
6. 0.00095 34.8 1 x 101° 45.3 7.7 
0.0013 42.8 1013 60.2 7.1 
=. 
Sian) 0.00056 6.1 0.7 -0.9 5.5 
9. 0.00090 6.1 13 0.2 4.8 
0.00096 5:2 0.9 -0.4 4.3 
Boundaries 
11. 0.0011 5.6 0.5 = 1.5 5.3 
0.0020 6.0 0.4 6.1 
13) 0.00035 12.2 5 x 10? 11.9 4.2 
14. 2 0.00096 17.0 2x 104 19.8 4.5 
Boundaries 

15) 0.0011 19.6 1x 105 23.1 5.2 
16. 0.00024 11.1 2x 10? 10.1 4.2 
0.00035 15.8 3 x 10% 15.6 5.7 


motion at temperature T, @ is the measured activa- 
tion energy, and R is the universal gas constant. 

The entropy of activation (AS) was derived from 
the following equation, applying the same treatment 
as Turnbull,° based on the formalism of absolute 
reaction-rate theory: 


= R 2 
Vi =er’ [2] 
where 
= Napierian base, 2.72 
= thickness of.the grain boundary; assumed 


2x 107° cm, as in previous studies, for com- 
parison purposes.°’® 


k = Boltzman constant, 0.33 x 10°” g cal per 
degree 
h = Planck’s constant, 1.58 x 10~* g cal-sec 


AF = driving energy, 4000 ergs per cm® or 
0.002 cal per g atom. 


Finally, (AF,) at temperature T is obtained from: 


(AF,) =@ —(TAS,)— RT [3] 


There are several points which should be noted in 
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Table I. The measured activation energy (@) and 
the frequency factor (V,) both increase as the tin 
content increases, for random and intermediate 
boundaries. Consequently, the influence of compo- 
sition on the entropy of activation is great compared 
to its effect on the free energy of activation. The 
(AF, ) values are little influenced by impurity or 
type of grain boundary; values between 4 and 8 kcal 
per g atom at 300°C were obtained in all cases. The 
very low or negative entropies of activation obtained 
for the special boundaries are noteworthy. Bolling 
and Winegard’ also obtained negative entropies of 
activation for grain growth in polycrystalline zone- 
refined lead, with no impurity addition. 


DISCUSSION OF RESULTS AND COMPARISON 
WITH VARIOUS THEORIES OF GRAIN BOUND- 
ARY MIGRATION 


a) Special Boundaries—The special grain bound- 
aries observed here appear to be of the type which 
Kronberg and Wilson™ suggested should exhibit high 
mobility, e.g., 38 and 22 deg about <111> and 28 deg 
about <100>. Their analysis was based on coinci- 
dences of atom sites between two crystallographic 
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Fig. 8—Model of a Kronberg-Wilson grain boundary which 


Separates two grains having an orientation difference of — 


38 or 22 deg about <111> (after Frank'!), 


planes rotated with respect to one another by a given 


amount. A model of a Kronberg-Wilson grain bound- 
ary is shown in Fig. 8 (after Frank.) The grain. 
boundary separates two grains with a common (111) 
plane, in the plane of the page. The two grains are 
related by a 38- or 22-deg rotation about the <111> 
direction normal to the page. In this case, one in 


seven of the atomic sites in one lattice coincide with 


those in the other, as indicated by the white circles, 
so that the atoms at these positions will not be re- 
quired to move at all as the boundary migrates past 
them. As will be discussed in more detail later in 
this paper, segregation of solute to a grain bound- 
ary may be the factor responsible for a very rapid 
decrease in migration speed with increasing im- 
purity concentration and decreasing temperature. 
Since the special boundaries are ones across which 
the lattice matching may be relatively good, it 
would be expected that solute impurity atoms have 
less tendency to segregate to special boundaries. 
As a result, the motion of such boundaries would 
be less influenced by solute additions, than are 
random boundaries with a higher degree of misfit 
and, consequently, a greater tendency for solute 
segregation. The previous results,” together with 
the low and constant value for the measured activa- 
tion energy for special boundaries independent of 
tin additions, e.g., Fig. 5, are in agreement with 
this interpretation. 

The observation that the absolute rates of migra- 
tion of the special boundaries are decreased by a 
factor of three as the tin additions to the specimen 
increase from 0.0009 to 0.002 wt pct, Fig. 5, may 


- pe attributed to one or more of the following factors: 


1) A relatively small amount of solute segregation 
to these boundaries; 2) a decrease in driving en- 
ergy, in the form of striation boundary energy, with 
increasing impurity content; 3) an increasing num- 
ber of obstacles to boundary motion, due to solute 


atoms in the crystal lattice through which the bound-— 
ary moves, as distinct from solute segregated to the 


grain boundary. This third factor may be visualized 
as a ‘frictional force’’ exerted by nonsegregated 
impurities on a moving grain boundary. The second 
factor appears least significant since Bolling and 
Winegard’ found that the addition of as much as 

0.1 at. pct of Ag to zone-refined lead decreased the 
grain boundary energy by less than a factor of two. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


It should be noted that the driving force exerted 
by the subboundaries on the grain boundary results 
in a curved surface for the advancing grain bound- 
ary. In normal grain growth, also, grain boundary 
tension can cause the boundary to migrate only if it 
becomes a curved surface. It appears likely that 
the structure of a boundary constructed according 
to the Kronberg-Wilson model is insensitive to 
curvature. Atoms still appear at coincidence sites 
in the boundary whether it is curved or not, as 
shown in Fig. 8, so that the improved atomic fit in- 
troduced by the coincidence is not influenced by the 
curvature. In the case of a twin boundary, the de- 
gree of good fit is even greater and yet such bound- 
aries are believed to have very low mobility. How- 
ever, a twin boundary cannot develop the curvature 
necessary for migration and still retain its low- 
energy, coherent structure. In fact, one of the basic 
features of the Kronberg-Wilson boundary may be 
the ability of such boundaries to retain their ‘‘high- 
mobility’’ structure to a considerable extent even 
though some curvature is introduced. Barrett*® has 
pointed out this feature, concluding in addition that 
the probable atom movements involved in the migra- 
tion of a Kronberg-Wilson boundary are not incon- 
sistent with the curvature. 

b) Dislocation Model of Grain Boundary Migra- 
tion—One theory of boundary migration is based on 
the dislocation model in which the motion of the 
boundary is analyzed in terms of the motion of ar- 
rays of dislocations.* According to this picture, the 
basic mechanism of motion of a boundary is the 
movement of dislocations rather than the movement 
of individual atoms. Read and Shockley® suggest 
that the movement of a grain boundary of general 
orientation and shape is a sum of two kinds of dis- 
location movement: motion in the slip plane and 


‘motion in a direction perpendicular to the slip plane, 


z.e., dislocation climb. Experimental support was 
obtained for this concept by Bainbridge et al.** They 
determined that the rate of boundary movement for 
low-angle edge-dislocation boundaries in zinc crys- 
tals was strongly temperature dependent in the 
range of 300° to 400°C, with an activation energy 
(Q) of 21.5 kcal per g atom. This value is very near 
that of volume diffusion (parallel to ‘‘c’’ axis of 
zinc), and the migration process was consequently 
interpreted in terms of a dislocation climb mecha- 
nism. However, the measured activation energy 
values given in Table I clearly indicate that the 
rate-controlling process in the motion of large- 
angle grain boundaries in lead is not simply that of 
volume diffusion (Q@,.; for Pb = 26 kcal per g atom). 
It is evident that the dislocation theory of boundary 
migration is apparently satisfactory for small-angle 
boundaries, but not for large-angle boundaries. 

c) Group-Process Theories—Mott* has proposed 
a theory of grain boundary migration in which it is 
suggested that the activation process is the dis- 
ordering or melting of a group of atoms along the 
boundary. This theory is related to a physical 
picture of the grain boundary structure as islands 
of alternate fit and misfit between the crystals. The 
movement of a boundary according to Mott’s model 
can be pictured as a sequence of disordering of a 
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group of ‘‘n’’ atoms of one crystal on one side of 
the boundary, and reordering them according to the 
lattice of the growing crystal on the other side of 
the boundary. The activation energy (Q) for this 
process is given by: 


Q = N20; [4] 


where Q, is the heat of fusion (1190 cal per g atom 
for Pb). Substitution of Q, and the measured value 
of Q for migration of the boundary in question into 
Eq. [4] determines the value of ‘‘n.’’ On this pic- 
ture, the entropy of activation (AS,) is the entropy 
gain in melting ‘‘n’’ atoms, 7.é., 


where AS; is the entropy of fusion (1.98 cal per deg 
for Pb). To test this theory, a comparison is made 
between the entropies of activation predicted by 
Mott (Z.e., nQS with the entropies of activation ob- 
tained from the present experimental data (2.e., 
AS,). In order to do this in conformity with Mott’s 
theory, it is necessary to modify the calculated 
values of (AS,) shown in Table I, by substituting 
nAF for AF in Eq. [2], obtaining AS;, since ‘‘n’’ 
atoms are presumably transported in the elementary 
process.® The comparison is given in Fig. 9, where 
it is seen that the predicted values of Mott (x AS;) 
are consistently higher by about 15 cal per deg per g 
atom than the values calculated from the present 
data (AS,).* 

*This disagreement is reduced to about 10 cal per deg per g atom if 


the (AS,) values given in Table I are directly compared with the 
values of Mott. 


The group theory of Mott gives the following 
theoretical estimate of the rate of boundary mi- 
gration (V): 

2y b BOS 


where y is the frequency of atomic vibration, d is 

the distance by which the boundary is moved locally 

as a result of the transfer of a group of ‘‘n’’ atoms 

from one grain to the other, T7,, is the absolute 

melting point of the metal, and the other terms are 

as described before. Values used in the calcula- 

tion of absolute rates of grain boundary migration 

were: 

y = 10'’ per sec 

b = 3.5 x cm (assume the group of atoms 

is a disc 1 atom thick) 
AF = 4000 ergs per cc = 1.7x 10°*® ergs per atom 
= 1.38 x 10° ergs per °C 

(300~C) 

= measured activation energies shown in 
Table I. The value of m is determined from 
Eq. [4] as noted above, see Table II. 

The predicted values of boundary-migration rates, 

based on Mott’s theory, are compared with the ob- 

served migration rates, all at 300°C, in Table II. 

The theoretical velocities, Eq. [6], are 10° to 10° 

higher than the experimental values. A similar 

conclusion is reached if the velocities are com- 
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Fig. 9—A comparison of the entropies of activation for 
grain boundary migration predicted by Mott (AS; ) with 
those calculated from the present experimental data (AS,’). 


pared at other temperatures in the range in- 
vestigated. 

Smoluchowski*® modified Mott’s theory slightly, 
attempting to take into account the dependence of 
grain boundary mobility on orientation. However, 
if a comparison is made between the predicted 
velocities using this modified treatment and the 
observed velocities, the divergence is somewhat 
greater; i.e., calculated speeds are 10’ to 10* 
higher than the experimental ones. 

The necessity in the group theories of Mott and 
Smoluchowski for assuming that the activation 
process consists in disordering a group of ‘‘n’’ 
atoms, rather than only one atom, arises from the 
high activation energies observed in usual grain- 
growth experiments. The activation energies for 
grain growth are sometimes as high as twice that 
for the activation energy of volume diffusion.® The 
group theories do not take into account explicitly 
any effect of sample composition on the rate of 
boundary migration, whereas the experimental re- 
sults of the present study show, in general, a very 
strong composition dependence. As demonstrated 
here for zone-refined lead with tin additions, the 
high ‘‘apparent’’ activation energies are related to 
the presence of solute impurity atoms. 

It should be noted that the failure of Mott’s theory 
to successfully predict the entropies of activation 
and velocities for boundary migration does not 
necessarily invalidate his description of the struc- 
ture of the grain boundary as regions of good and 
bad fit. The present results simply do not support 
the concept that the activation process is the dis- 
ordering or melting of a group of ‘“‘n’’ atoms along 
the boundary. A consideration of the alternative 
process, in which the atoms are activated singly 
during transfer across the grain boundary, will be 
deferred until after the following discussion con- 
cerning the meaning of the activation energy meas- 


ured as the temperature dependence of the migra- 
tion rate. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


40 

20 

AS, =nAS, [5] 


Table Il. Comparison of Observed Grain Boundary Velocities with Theoretical Estimated Velocities, 300°C 


Group-Process Theory Single-Process 


Theory 
Observed (n = 1) Calculated 
Specimen No, Speed Cm per Sec n (Eq. [4]) Cm per Sec speed Cm sei see 
< 
1, 10 x 1073 13 1.0 2.1x 1077 
2. 4.3 x 10° 14 108 
2.8 x 10-3 19 1.2 4,2 x 10° 1° 
4, 2.3 x 10°3 
oundaries 22 1.9x 1071! 
5. 1.7 x 103 23 11 5.6 x 10°}? 
6. 0.5 x 1073 29 7.6 x 10°15 
ve J 0.77 x 1073 36 1.0 6.8 x 10°19 
8 | 3.3 x 1073 5 0.6 0.70 x 10°3 | 
9, Bou dares 6.0 x 1073 5 0.6 0.70 x 
10. Special 5.2 x 1073 4 0.5 100° 
3.8 x 109 5 0.6 
| 2:2 «10° 5 0.6 0.76 x 
13, y 10 x 1073 10 0.9 3.5 x 10° 
14. 8 x 1073 14 4.8 x 10° 
15. 4.5 x 10° 16 11 4.9 x 10° 
16. 9 0.9 8.7. 5610-2 
17 J 13 11 1.4 x 107 


d) ‘‘Apparent”’ and ‘‘Real’’ Activation Energies 
for Boundary Migration—Turnbull® has proposed 
that the activation energy measured in recrystalli- 
zation and grain-growth experiments may some- 
times appear abnormally high as a result of the 
influence of inclusions, in retarding grain boundary 
motion. His proposed explanation is illustrated 
schematically in Fig. 10, where log rate of bound- 
ary migration is plotted as a function of 1/7, for 
various degrees of dispersion of inclusions. Each 
degree of dispersion, J,, 7,, and so forth, is char- 
acteristic of a different temperature. Since the 
degree of dispersion is a function of temperature, 
the actual observed relation for log rate vs 1/T - 
will be as shown by the solid line through the 
circles. The experimentally measured activation 
energy would then be much larger than that char- 
acteristic of a constant dispersion of inclusions. 
The measured activation energy would, in fact, be 
the result of the simultaneous operation of two 
processes, one the fundamental temperature- 
dependent process of atom transfer across a mov- 
ing grain boundary and the other the precipitation 
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of inclusions with which the moving boundary inter- 
acts, providing a temperature-dependent interaction 
process. Since the present experiments have shown 
that the measured activation energy for grain 
boundary migration is greatly increased by solute 
tin additions, a similar explanation may, in prin- 
ciple, apply equally to the case where solute atoms 
are present. 

A process whereby a temperature-dependent 
interaction is produced between a moving grain 
boundary and impurity atoms in solid solution has 
recently been considered by Lticke and Detert.*® The 
basic premise of this theory is that segregation of 
impurities will occur to a grain boundary and that 
when the boundary moves, this impurity atmos- 
phere will be carried along with it. The rate of 
migration would be reduced at any given tempera- 
ture by the necessity of diffusing impurity atoms 
along with the moving boundary. In addition, the 
amount of solute segregated to the grain boundary 
should be temperature dependent, increasing with 
decreasing temperature and thereby causing a 
more rapid fall in speed with decreasing tempera- 
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ture than would be the case if the amount of segre- 
gation at the boundary were constant. Hence the 
speed of migration in the presence of solute would 
be controlled by two temperature-dependent proc- 
esses, one, that of atom transfer across the bound- 
ary, and the other that of solute segregation to the 
boundary. One would expect, therefore, a more 
rapid decrease of migration rate with temperature 
when impurity is present, and a measured activa- 
tion energy which is larger than that descriptive of 
the actual energy barrier for the atom transfer 
process. 

Since the measured activation energies of the 
random and intermediate boundaries in lead in- 
crease with increasing tin concentration, these are 
considered to be apparent values only, not indica- 
tive of the elementary process of grain boundary 
migration, but rather the resultant of two simulta- 
neous temperature-dependent processes. However, 
since the measured, low activation energy of the 
special boundaries is independent of impurity con- 
centration in the range studied, this value (5.8 
+0.6 kcal per g atom) may then represent a real 
activation energy for the single, fundamental proc- 
ess of atom transfer pertinent to grain boundary 
migration in lead. 

Bolling and Winegard’? determined that the acti- 


vation energy (@) for grain growth in polycrystalline © 


zone-refined lead was 6.7 +0.7 kcal per g atom and 
that this value was increased by solute additions of 
either silver or gold.® The grain-growth behavior 
in the zone-refined lead*® was similar to that for 
growth of cells in a soap foam,*°i.e., the grain- 
growth exponent ‘‘m’’ was near 0.5, in the usual 
erain-growth equation, D = (kt)” where D is the av- 
erage grain diameter at a constant temperature, 

k is a temperature-dependent constant, and ¢ is 
time. This indicates that interfering effects, such 
as impurities or inclusions, were weak or absent 
and, consequently, the value determined by Bolling 
and Winegard may represent a true, single activa- 
tion energy for the process of grain growth. The 
latter value is nearly identical to that observed in 
the present study for the elementary process of 
grain boundary migration. 

e) Single-Process Theory—The velocity of grain 
boundary migration may be estimated from the fol- 
lowing equation, based on the single-process 
theory,”°” which assumes that the elementary 
process consists in activating only one atom (not 


664,99 


n’’ atoms, as in group theories): 


Each atom transfering from one grain to the ad- 
joining grain moves the boundary forward locally 
by a distance 0, and Q is the activation energy for 
this single, elementary process. This theory main- 
tains that the entropy of activation for the elemental 
process is small; accordingly, the entropy term is 
neglected in Eq. [7]. The theoretical velocities, 
calculated from Eq. [7] using the measured activa- 
tion energies and the same values of the parameters 
previously substituted in Eq. [6], are given in 

Table II. It is evident that the calculated velocities 
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Fig. 10—Illustration of effect of inclusions in producing an 
“apparent” activation energy, as suggested by Turnbull.® 


are all much too low for the random and interme- 
diate grain boundaries, due to the high apparent ac- 
tivation energies for these boundaries. However, 
good agreement is obtained between the theoretical 
and observed velocities for the special boundaries, 
where the measured activation energy is believed 
to refer to the operation of only one temperature- 
dependent process, as required by the theory. Since, 
like the group-process theory, the single-process 
theory also does not take into account impurity ef- 
fects, it is significant that agreement is obtained 
between this theory and experiment only in the case 
of the special boundaries, the migration of which is 
least affected by the presence of impurity. This is 
the case to which the theory would be expected to 
apply. 

The fact that the group-process theory gives 
velocities differing by several orders of magni- 
tude from the observed rates, while the single- 
process theory gives agreement where it is ex- 
pected, provides further evidence in contradiction 
to the concept that the atoms are activated in groups. 
It is concluded, therefore, that the elementary proc- 
ess in grain boundary migration consists in activat- 
ing only one atom, and that the activation energy for 
this process in lead is approximately 6 kcal per g 
atom. 

Several workers’»® have suggested that the ele- 
mentary act in grain boundary migration is closely 
related to that in grain boundary self-diffusion. For 
example, Turnbull® has concluded that the free en- 
ergy of activation (AF,) for grain boundary migra- 
tion and grain boundary self-diffusion should be 
nearly identical. Boundary diffusion and grain- 
growth data for silver® support this conclusion. The 
data of Okkerse’*® for grain boundary diffusion in 
lead may be represented by the following equation, 
if a boundary thickness of 2 x 107° cm is assumed: 


— 15700 


D = 4.05 exp Sar [8] 
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Table Ill. Free Energies of Activation for Lead, 300°C 


AF 4 Keal 
per G Atom Source 
Grain boundary Seer OSS Aust & Rutter (1958) 
migration 
Grain growth 6:2 £057. Bolling & Winegard (1958) 
Grain boundary 9 Okkerse (1954) 
diffusion 5-6 Turnbull & Treaftis (1958) 


The free energy of activation for boundary diffusion 
(A F;, ) in lead may then be obtained from: 


Using the same values as before, and an average 
jump distance, a, of 3.5 x 107° cm, the free energy 
of activation for boundary diffusion in lead at 300°C 
is calculated to be about 9 kcal per g atom. (Ifa 
boundary thickness of 5 x 107° cm is assumed, as 

is often done in diffusion experiments,” then, 
AF’ at 300°C is approximately 10 kcal per g atom.) 
However, it should be noted that the lead used in the 
diffusion experiments was relatively impure, com- 
pared to that used in the present work, and in the 


grain-growth studies.” A free energy of activation 
between 5 and 6 kcal per g atom, for boundary dif- 
fusion in lead, is obtained based on the cellular 
precipitation studies of Turnbull and Treaftis.” 

A comparison of the free energies of activation 
for the various grain boundary phenomena is given 
in Table III. The results suggest that the elemen- 
tary process in grain boundary migration (and grain 
growth) may be very similar to that of grain bound- 
ary self-diffusion. However, a more critical test 
would be possible if grain boundary self-diffusion 
data in zone-refined lead were available. 

It is interesting to note that the free energies of 
activation observed for liquid diffusion™’™ have the 
same order of magnitude as those given in Table III 
for grain boundary migration and grain boundary 
diffusion. This similarity may be significant, since 
the departure from crystallinity in the liquid state 
may be closely related to that existing in a high- 
angle grain boundary.” Holmes and Winegard” 
have noted the similarity between values obtained 
for the free energy of activation for grain growth 
in zone-refined lead’® and tin™ and those published 
for liquid self-diffusion in these metals. They sug- 
gest, therefore, that the elementary process may 
be the same in both cases and that this provides 
support to the concept that the structure of a high- 
angle grain boundary may be liquid-like in nature. 

While this similarity does exist, certain other 
properties of high-angle grain boundaries indicate 
that they possess a structure which is substantially 
different from that of a liquid. The work of 
Hoffman” has clearly demonstrated that large- 
angle boundaries exhibit anisotropy of self-diffusion 
and, consequently, must differ in structure from a 
liquid. In addition, the present study, as well as 
that conducted previously,” has shown that the mi- 
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gration behavior of large-angle boundaries is de- 
pendent upon the orientation relationship between 
the adjacent grains and, therefore, that structural 
differences must exist between different high-angle 
grain boundaries. 

If, as the data in Table III suggest, the basic 
process of grain boundary migration is similar to 
that of diffusion in a grain boundary, then the pres- 
ence of a small concentration of impurity would not 
be expected to inhibit the fundamental diffusion-like 
transfer of atoms across the boundary, since diffu- 
sion of an impurity is usually faster than self-dif- 
fusion. On this basis, it must again be concluded 
that the measured ‘‘activation energies” for ran- 
dom and intermediate boundaries do not refer to 
the energy barrier associated with the fundamental 
unit process, but to the resultant effect of this 
process combined with an additional rate-control- 
ling step which is associated with the presence of 
solute at the grain boundary. 

f) Theory of Impurity-Controlled Grain Boundary 
Motion of Liicke and Detert—It is apparent that the 


previous theories of boundary migration do not 
specifically take into account the role of solute im- 
purity atoms. Good agreement between predicted 
and experimental velocities was only obtained when 
the ‘‘single-process’”’ theory, Eq. [7], was applied 
to those boundaries where impurity had the least 
effect. A summary of the observed and theoretical 
velocities, at two different temperatures, is shown 
in Table IV. Lticke and Detert® have attempted to 
take into account the influence of impurities in their 
theory of boundary migration. 

As previously discussed, (section d), their inter- 
pretation may qualitatively explain the apparent 
activation energies observed for random and in- 
termediate boundaries in lead. Also, according to 
their theory, at low concentrations (or high tem- 
peratures), the boundary cannot be held back by 
foreign atoms and breakaway occurs. In this break- 
away state, the rate of boundary motion is deter- 
mined by grain boundary diffusion.’ The critical 
concentration at which this breakaway can occur, 
and the speed of boundary migration required, 
should be less than 107% atomic fraction of tin in 
lead, and greater than 0.02 cm per sec, respectively, 
at 300°C? for the driving force used in the present 
experiments. This degree of purity for the zone- 
refined lead may not have been achieved, and the 
observed velocities were all below 0.02 cm per sec. 
Consequently, the failure to obtain a measured ac- 
tivation energy (Q), which was independent of im- 
purity, for the motion of random and intermediate 
boundaries, may be interpreted in the manner of 
Liticke and Detert, 7.e., ‘‘breakaway’’ was not ob- 
tained for these boundaries. 

In their quantitative predictions of the velocity 
of impurity-controlled boundary motion, Lticke and 
Detert state that at high concentrations (or low tem- 
peratures) the moving boundaries are held back by 
the solute atoms, and the speed of the boundary is 
controlled by the speed of the foreign atom diffusing 
behind the boundary. The activation energy for 
grain boundary migration should then equal that for 
bulk diffusion of the solute atom (e.g., see Eq. [12] 
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of Ref. 8). The above considerations should be valid 
in the present experiments on lead, if the impurity 
concentration is above a certain critical value, 

i.e., 10°" atom fraction of tin, and if the velocity of 
the boundary is below some limiting value, z.e., 0.02 
cm per sec, both at 300°C. However, for tin con- 
centrations up to 107° wt fraction, and for velocities 
as low as 0.0005 cm per sec (at 300°C), the results 
do not support the view that bulk diffusion of tin in 
lead is operative, where @ is approximately 26 kcal 
per g atom.’ ”® Apparent activation energies from 
11 to 43 kcal per g atom are still observed for ran- 
dom and intermediate boundaries, and the disagree- 
ment with the critical concentration and velocity is 
about a factor of 100. It may be concluded, there- 
fore, that the quantitative predictions of Lticke and 
Detert cannot be applied to the present data. A fur- 
ther test of this theory would be to determine if bulk 
impurity diffusion is operative at higher concentra- 
tions and lower temperatures than those investigated 
here, and also the influence of solute atoms other 
than tin in lead. However, as Liicke and Detert point 
out, their theory still does not take into account the 
orientation dependence of the kinetics of boundary 
migration, which was found in the present experi- 
mental work. In addition, Lticke and Detert con- 
sidered only the effects of elastic interaction be- 
tween a moving grain boundary and foreign atoms 

in solid solution, neglecting possible chemical or 
electronic effects. It appears that it will be neces- 
sary to learn much more about the interaction of 
different solute atoms with various grain boundaries 
in order to develop a satisfactory quantitative theory 
of grain boundary migration in the presence of im- 
purities. 


SUMMARY 


The present experimental study of grain boundary 
migration in high-purity lead, with dilute tin addi- 
tions, has revealed the following main points: 

1) The apparent activation energy for migration 
of high-angle random boundaries increased from 15 
to 43 kcal per g atom as the tin concentration in- 
creased from about < 0.0001 to 0.001 wt pct. 

2) The activation energy for migration of high- 
angle boundaries, which separate crystals having 
orientation relationships near 38 and 22 deg about 
<111>, and 28 deg about <100>, was 6 kcal per g 
atom and was independent of tin concentration in 
the range studied, z.e., 0.0005 to 0.002 wt pct. 

3) Several grain boundaries displayed apparent 
activation energies which were intermediate to 
those in 1) and 2) above. This kinetic behavior was 
- rationalized in terms of their orientation relation- 
ships. 

4) The results of 2) above are in qualitative 
agreement with the model proposed by Kronberg 
and Wilson for these boundaries, based on co- 
incidence of atom sites. 

5) The dislocation theory of boundary migration 
is not useful for large-angle grain boundaries. 


Table IV. Speed of Migration, Cm per Sec 


Calculated Calculated 
Grain Group-Proc- Single-Proc- 
Boundaries Observed ess Theory ess Theory 
-18 
“Random” andy 0.510" 10 
} to 1x 10° ie: 
“Intermediate” 10 x 1079 10 
300°C 
2 x 10° 0.7 x 
“Special” to 6x 107! to 
6 x 103 1.5 x 10 
— -20 
“Random” and 3 x 10° 3x 10° 10 
to to 
“Intermediate” 2 1x 107} 10” 
22516 
1 x 10% 0.3 x 10°3 
“Special” to 3x 107! to 
3 0.8 x 


6) The results do not support the ‘‘group- 
process”’ theories of grain boundary migration 
where it is suggested that the activation process 
is the disordering or melting of a group of ‘‘n’’ 
atoms along the boundary. 

7) The data indicate that the abnormally high 
activation energies frequently observed in recrys- 
tallization and grain-growth experiments are due 
to the interfering effect of solute impurity atoms. 

8) The elementary process of grain boundary 
migration involves the activation of only one atom, 
z.e., ‘‘single-process’’ theory, with an activation 
energy for lead of about 5.8 +0.6 kcal per g atom. 
This process appears to be similar to that of grain 
boundary self-diffusion based on available data for 
free energies of activation, as was suggested by 
Turnbull. 

9) The results of the influence of orientation re- 
lationship and of solute impurity on the kinetics of 
grain boundary migration clearly indicate that 
structural differences must exist between various 
high-angle grain boundaries. 

10) The quantitative predictions of the theory of 
“‘impurity-controlled’’ boundary migration, ad- 
vanced by Lticke and Detert, were not verified. 
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Preferred Orientation in Extruded Aluminum Rod 


The preferred orientation developed in extruded aluminum 
rods has been studied as a function of extrusion temperature, ex- 
trusion speed, and position in the rod. Duplex <111>- <001> 
textures were developed for slow extrusion speeds at tempera- 


tures of 75° to 850°F and for fast extrusion speeds at tempera- 
tures of 75° to 450°F. The <001> texture component was shown 
to be primarily due to recrystallization occurring during fabri- 
cation. At fast speeds and billet temperatures of 650° to 850°F, 
complete recrystallization occurred and <115>o0r <118> tex- 


tures were found. 


Tue nature of the structure has proved to be an im- 
portant variable in the production and use of extruded 
products. Data on the flow of aluminum and alumi- 
num alloys summarized by Smith,’ Hardy,” and 
Locke* show that the extruded product may possess a 
deformed, a partially recrystallized, or a completely 
recrystallized structure, and there may be important 
variations in the structure from surface to center 
and from front end to back end of an extrusion. This 
inhomogeneity in grain structure and preferred ori- 
entation affects both the mechanical properties of the 
extruded section and its response to subsequent heat 
treatment. Among the fabrication variables causing 
these differences are temperature, extrusion ratio, 
and extrusion speed. 

Preferred orientation which develops during the 
extrusion of rods is of the fiber-type and, in general, 
has been assumed to be similar to that developed in 
rods or wires fabricated by drawing through dies, 
rolling, or swaging.* Because of the nature of the 
flow of metal being extruded, this assumption may 
be valid for material near the center of the rod but 
probably is not valid for the outer layers. In most 
face-centered-cubic metals a duplex fiber texture 
has commonly been reported in which the grains have 
either <111> or <001> directions parallel to the 
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longitudinal axis. 

Sachs and Schiebold® reported cold-drawn alumi- 
num (99.6 pct pure) to have a single <111> fiber 
texture, and this observation was confirmed by 
Schmid and Wassermann.° Hibbard, on the other 
hand, observed a minor <001> and a major <111> 
texture in 99.994 pct Al cold drawn to 98 pct reduc- 
tion in diam.” He concluded that the <001> compo- 
nent resulted from a small amount of room-tem- 
perature recrystallization. Dayal® concluded that the 
<001> component was an intermediate component 
which disappeared at high reductions in 99.5 pct pure 
Al. Kostron and Schippers” found duplex <111> 
<001> textures in extruded 99.5 pct Al, as did Gow 
and Cahn” and Gow” for extruded rods of com- 
mercial and superpure aluminum. Similar duplex 
fiber textures have been reported for aluminum 
alloys by Kostron,”” Unckel,** and Van Horn.” 

The present paper is concerned with the variation 
in texture with fabricating conditions and with the 
nature of the texture components in extruded alumi- 
num rod’ (99.99 pct pure). 


EXPERIMENTAL PROCEDURE 


Ingots were chill-cast in cast-iron molds and ma- 
chined to 3-in. diam by 6-in. long extrusion billets. 
These billets were upset to 3.125 in. diam and ex- 
truded through a flat-face 0.890-in. diam die. 
Quenching of the rods was accomplished by a water 
spray at the die face. The combinations of fabricat- 
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ing conditions employed are summarized in Table I. 

Sections approximately 18 in. long were cut from 
the front and back end of each rod. Specimens for 
the X-ray and metallographic studies were taken 
from the front, middle, and back of the remaining 
3-ft center section. 

The method for obtaining axis distribution charts 
required 0.190-in. diam spherical X-ray speci- 
mens.*’?° A section of the rod was machined to a 
0.200-in. diam sphere and electropolished to remove 
0.010 in. from the diam. Since all specimens were 
taken at the center of the rods, the textures reported 
are for the central 0.190-in. zone of each rod. 

Specimens for metallographic studies were elec- 
tropolished, treated to produce etch pits on surfaces 
perpendicular to the rod axes and then anodized. The 
etch pits show the orientation of individual grains 
and the anodized film differentiates the grains, sub- 
grains, and deformation bands. An etchant of the 
composition used by Beck and Hu” was found to give 
excellent results for developing the etch pits. Im- 
merSing the etchant in an ice bath was found to re- 
duce the rate of attack and to give better results for 
specimens which had been subjected to large amounts 
of deformation. Electropolishing prior to pitting was 
found to eliminate the difficulties reported by 
Lacombe and Beaujard”™ due to surface material 
worked during mechanical polishing. 


DISCUSSION OF RESULTS 


Variation of Texture with Position--Fiber axis 
distribution charts were prepared for specimens 
taken from the front, middle, and back ends of rods 
extruded at a slow speed at 75°, 450°, and 650°F, and 
at a fast speed at 450°F. In each instance a duplex 
<111>-<001> texture was found. An example of the 
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Table |. Fabricating Conditions for Extruded Aluminum Rods 


Billet Extrusion 
Temperature* Speed (Fpm) 

850°F 738 
850 0.3 
650 659 
650 0.2 
450 615 
450 0.1 
250 670 
250 0.2 

75 490 

1s 0.07 


*Container temperature same as billet temperature. Container— 
3.125 in.-diam., flat-face 0.090 in.-diam. die. All specimens water- 
quenched at the die. 


variation in the texture is given in Fig. 1 for the rod 
extruded at a slow speed at 450°F. Each contour is 
the locus of equal normalized fiber-axis density and 
a value of unity corresponds to a random distribu- 
tion. These charts and the data summarized in Table 
II show that the amount of <001> component in- 
creased from front to back while the amount of <111> 
component showed a corresponding decrease. It can 
be seen that the relative amount of these compon- 
ents may vary by a factor of two or more in the 
same rod. The relative volume of material associ- 
ated with each component was computed from the 
pole distribution charts.*® 

The photomicrographs of Fig. 2 clearly show the 
presence of recrystallized grains as well as bands of 
deformed material. This metallographic specimen 
was taken from a position in the rod adjacent to the 
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Fig. 1—Fiber-axis distribution charts 
for the (a) front, (6) middle, and (c) back 
section of aluminum rod extruded at 
450°F at a speed of 0.1 ipm. 
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Fig. 2—Typical microstructure in middle section of 
aluminum rod extruded at 450°F at a speed of 0.1 fpm. 
(az) Transverse (6) longitudinal. Electropolished and 
photographed in polarized light. X100. Reduced approxi- 
mately 45 pct for reproduction. 


X-ray specimen for which Fig. 1(6) is the axis dis- 
tribution chart. 

Such changes in structure are not unexpected since 
both the amount of deformation and the temperature 
increase from front to back during extrusion. Smith’ 
and Locke? have noted the changes in properties in 
aluminum alloy extrusions as the microstructure 
varied from that of cast metal at the front to that of 
severely worked metal at the back. Mueller” has re- 
ported that the temperature of aluminum billets may 
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Fig. 3—Amount of <001> texture component as a function 
of billet temperature for slow extrusion speeds. 
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Fig. 4—Fiber-axis 
distribution charts 
for specimens 
taken from the 
middle sections 

of fast extrusions 
having billet tem- 
peratures of (a) 
450°F, (6) 650°F, 
and (¢) 850°F. 
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increase by 125° to 150°F during extrusion. The 
faster the extrusion speed, the greater is the tem- 
perature rise Since there is less time for the heat 
generated to be dissipated to the air and container 
and die walls. Therefore, with both temperature and 
the amount of deformation increasing from the front 
end to the back end, the propensity toward recrys- 
tallization likewise increases. 

Variation of Texture with Extrusion Temperature— 
For a given position in the rod and a slow extrusion 
speed, the amount of <001> texture and the amount 
of recrystallization increased with increasing billet 
temperature in the approximately linear manner 
shown in Fig. 3. 

In the rods extruded at fast speeds, there was no 
simple relationship between temperature and texture 
over the entire range. For extrusion temperatures 
up to 450°F, a duplex <111>-<001> texture was 
produced with little variation in the relative amount 
of each component. At 650°F a duplex 3 pct <111>- 
97 pct <115> texture was developed, and at 800°F a 
single <118> texture resulted. A <115> direction is 
5 deg from a <118> direction, thus these components 
are quite similar. Fig. 4 shows the axis distribution 
charts for specimens taken from the middle sections 
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Table I]. Variation of Texture with Position in Extruded Aluminum Rod 


Texture 
Temper- Speed, 

ature, °F Fpm Front Middle Back 
75 0.07 = 76 pet <111> 65 pet <111> 
24 pet <001> 35 pet <001> 
450 0.1 65 pet <111> 48 pct <111> 33 pet <111> 
35 pet <001> 52 pet <001> 67 pct <001> 
450 615.0 88 pct <111> 84 pct <111> 49 pet <11b 
12 pet <001> 16 pct <001> 51 pct <001> 
650 0.2 44 pet <111> 30 pet <111> 22 pet <111> 


56 pet <001> 70 pet <001> pct <001> 


of fast extrusions having billet temperature of 450°, 
650°, and 850°F. 

The <115> and <118> components were shown to 
be recrystallization textures developed at relatively 
high temperatures. It was also found that an alumi- 
num rod containing a 88 pct <111>-12 pct <001> 

‘texture developed a <118> component upon annealing 
for 10 min at 1000°F. The axis distribution chart for 
this specimen is given in Fig. 5. Because of the ex- 
trusion speed, it is not unreasonable for the rod tem- 
perature to have reached 1000°F for billet and con- 
tainer temperatures of 850°F. 

Variation of Texture with Extrusion Speed— The 
effect of extrusion speed is in part a temperature ef- 
fect since the faster the speed the greater is the tem- 
perature rise in the material being deformed. A 
second effect is time at temperature during and just 
after deformation. A third possible effect is strain 
rate; however, nothing is now known regarding its 
relationship to the development of textures, if any. 

The data of Table III summarizes the textures 
found in the middle sections of rods extruded at 
slow and fast speeds in the temperature range of 
75° to 850°F. Deformation below about 450°F de- 
veloped duplex <111>-<001> textures for both 
speeds with more <001> component occurring in 
the slow extrusion. This would be expected because 
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Fig. 5—Fiber-axis distribution chart for extruded 
aluminum rod annealed 10 min at 1000°F. The as- -extruded 
texture is shown in Fig. 4(a). 
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Table II]. Variation of Texture with Extrusion 
Speed in Extruded Aluminum Rod 


Texture 
Temper- 
ature, °F Slow Fast 
75 76 pet <111> + 24 pet <001> 80 pct <111> + 20 pet <001> 

250 65 pet <111> + 35 pet <001> 75 pet <111> + 25 pct <001> 
450 48 pct <111> + 52 pct <001> 84 pct <111> + 16 pct <001> 
650 30 pet <111> + 70 pct <001> 3 pet <111> + 97 pet <115> 
850 22 pct <111> + 78 pct <001> <118> 


of the longer time spent at the deformation tempera- 
ture. For billet temperatures of 650° and 850°F, 
different textures (<115> or <118>) were found in 
the rods fabricated at fast speeds. As stated above 
the actual deformation temperature was probably 
near 1000°F, thus, an exact comparison cannot be 
made with those extruded at slow speeds with these 
billet temperatures. 

Nature of Texture Components—It became ap- 
parent that the amount of <001> texture component 
and the amount of recrystallized grains varied with 
fabricating conditions in the same manner. Because 
of the importance of the <001> component with re- 
gard to deformation texture theory, an intensive 
study of its nature was made using a number of 
metallographic and X-ray techniques. 

Metallographic examination of anodized transverse 
sections taken from the extruded rods adjacent to the 
X-ray specimens clearly showed the existence of 
recrystallized and deformed areas. Fig. 6(2) was 
photographed in sensitive tint illumination and shows 
an area containing deformation bands and an area of 
equiaxed, apparently undistorted grains. The etch- 
pit technique was used to determine the orientation of 
the individual grains. The square etch pits in Fig. 
6(b) occur in grains having <001> directions parallel 
to the rod axis and the triangular pits in those grains 
having <111> directions aligned with the rod axis. In 
every Specimen taken from rods extruded at or above 
room temperature, the square pits (<001> texture) 
were found only in equiaxed grains (recrystallized) 
and the triangular pits (<111> texture) were found 
only in deformed regions. 

In Fig. 6(2) a substructure is clearly seen in the 
deformation bands. The subgrains have an average 
size of about 10. This observation is similar to the 
results reported for hot-rolled aluminum by Tate and 
McLean.” These investigators, as well as others, 
have also reported such a substructure in aluminum 
deformed at room temperature.” In the present 
study no such well-developed substructure was ob- 
served in rods deformed below about 250°F. The 
deformation bands formed at lower temperatures had 
a streaked appearance as if possessing a more or 
less continuous change in orientation, but if there 
was a substructure, it was too small to be noted by 
this relatively insensitive technique. 

Pinhole X-ray photographs indicated the presence 
of recrystallized and deformed grains in specimens 
showing the duplex <111>-<001> texture. Maxima 
caused by grains with a <001> direction parallel to 
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Fig. 6—Typical microstructure of transverse section of 
aluminum rod extruded at 850°F at 0.3 fpm. Electro- 
polished, etch pitted, and anodized. Photographed in (¢) 
sensitive tint illumination and (b) bright field. X500. 
Reduced approximately 46 pct for reproduction. 


the rod axis were spotty and the absence of spotti- 


ness in those grains having a <111> direction aligned 


with this axis was noted. 

The fact that recrystallized grains were present 
was further confirmed by the appearance of Berg- 
Barrett X-ray photographs. Such photographs of a 
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Fig. 7—Axis distribution chart for aluminum rod extruded 
at a low temperature at a speed of 1 fpm. 
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Fig. 8—Typical microstructure of low-temperature ex- 
trusion. Electropolished, etch pitted, and anodized. Bright 
field. X500. Reduced approximately 46 pct for reproduction. 


specimen which contained approximately 50 pct 
<001> and appeared to be approximately 50 pct re- 
crystallized showed the presence of equiaxed strain- 
free grains. 

If the <001> texture is a result of recrystallization 
that occurs during deformation, this texture compo- 
nent would be expected to be absent in material de- 
formed at a sufficiently low temperature. In order to 
investigate this possibility, the axis distribution 
chart was prepared for a specimen taken from a rod 
fabricated at a very low temperature. An extrusion 
billet, die, and follower block were immersed in 
liquid nitrogen for several hours while the die holder 
and billet container were kept full of liquid nitrogen. 
The extrusion was made at a rate of 1 ft per min. 
Although the exact temperature of fabrication is not 
known, the as-extruded rod was observed to remain 
at a temperature below freezing for several minutes. 

The axis distribution chart of this low temperature 
extrusion, Fig. 7, shows a strong <111> texture and 
a weak <001> texture, consisting of 92 pct and 8 pct 


- of these components. Fig. 8 is a typical photomicro- 


graph of the transverse section of the rod. The 
<001> grains (Square etch pits) had a different ap- 
pearance from those observed in specimens fabri- 
cated at higher temperatures inasmuch as they were 
elongated and fragmented rather than equiaxed. 

Other work, which will be reported in detail in 
another paper, has shown that in a rod with an 
initial single <001> texture, up to 10 pct of the 
material can retain this orientation for deforma- 
tion as high as 99 pct reduction in area. Such grains 
are similar in appearance to those <001> grains in 
Fig. 8. Back-reflection Laue photographs showed 
that aluminum castings prepared in the manner used 
for the extrusion billets had a weli-developed <001> 
texture. Thus, it is concluded that the 8 pct of ma- 
terial having the <001> texture in the rod extruded 
at subzero was retained from the initial texture. In 
contrast, there is no doubt that the main part of the 
<001> texture component developed at the center of 
aluminum rods extruded at or above room tempera- 
ture is due to recrystallization occurring during the 
fabricating process. 

The above conclusion supports the argument of 
Hibbard that the minor <001> texture component 
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which he observed in wires of aluminum, silver, and 
lead was due to room temperature recrystalliza- 
tion.” Backofen also suggested that the <001> com- 
ponent which he observed in OFHC copper was due 
to room-temperature recrystallization. 

The conclusion that the <001> component is caused 
by recrystallization and that the <111> component is 
the deformation texture has many implications with 
regard to deformation texture theory. Since the ma- 
jority of face-centered-cubic metals have been re- 
ported to develop duplex <111>-<001> deformation 
fiber textures, most attempts at predicting or ration- 
alizing texture have been aimed at satisfying these 
end orientations. Most of these treatments select as 
end orientations those which have three or more 
equally stressed slip systems symmetrically ar- 
ranged about the major flow direction (fiber axis). 
Thus a major <111> texture and a secondary, less- 
stable <001> texture have been predicted for all 
face-centered-cubic metals. These treatments all 
lead to the same end orientations for face-centered- 
cubic metals. Calnan and Clews” tentatively sug- 
gested that differences in texture might be the re- 
sult of a temperature= -dependent mechanism. Bishop™ 
and Calnan” have developed treatments in which the 
relative hardening of active and latent slip systems 
determines the relative amounts of each texture 
component. Accordingly, Bishop predicts a dominant 
<111> tension texture with a weaker <001> com- 
ponent for aluminum, copper, and nickel, and a <111> 
texture for w-brass and certain other alloys. Calnan 
predicts an intermediate <111>-<001> texture for 
drawn, rolled, or extruded pure face-centered-cubic 
metals which gives way to a <111> texture at heavy 
reductions and eventually for very great reductions, 
a texture between <111> and <112> should obtain. 
For alloys, Calnan predicts only a <111> texture. 

As a result of the present work, it is concluded 
that the deformation fiber texture of face-centered- 
cubic metals, fabricated under the conditions de- 
scribed herein, consists of a single <111> com- 
ponent. The observed <001> component is attributed 
primarily to recrystallization and the ratio of the 
amounts of each texture can be explained in terms of 
the tendency to recrystallize during deformation. Al- 
though there may be little tendency for deformation 
to cause the <001> directions to align with the flow 
direction, once this orientation is obtained (perhaps 
due to recrystallization or prior texture) it may 
persist despite quite high amounts of deformation. 

In addition to the <111> and <001> texture com- 
ponents, two other textures, <115> and <118>, were 
observed in specimens which were essentially com- 
pletely recrystallized in the as-extruded condition, 
see Fig. 9. The only other reported occurrence of 
components similar to the latter appear to be the 
<114> and <115> textures reported for thorium by 
the present authors.*° The older investigations are 
reported to show that the deformation fiber texture is 
retained during primary recrystallization of most 
face-centered-cubic metals.* For aluminum, anneal- 
ing ve to 900° F was said to result in a <111> tex- 
ture,” * whereas annealing at higher temperatures 
caused <112>* or <012>** textures to develop. Gow 
and Cahn reported that annealing extruded aluminum 
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Fig. 9—Typical as-extruded microstructure of aluminum 
rods extruded at fast speeds with billet temperatures of 
(2) 650°F and (6) 850°F. Electropolished and anodized. 
Polarized light. X100. Reduced approximately 46 pct for 
reproduction. 


rods containing <111> + <001> textures caused a 
primary recrystallization texture described as 
<111> plus <113> to <013> to develop.*° Further 
annealing developed a <113> to <013> secondary 
recrystallization texture.** Copper wires have 
been reported to retain the <111>-<001> deforma- 


tion texture at annealing temperatures below 1800°F,” 


although, in some cases, the <001> component ap- 
peared to increase at the expense of the <111> com- 
ponent.*” Grewen and Wassermann™ found that 
a-brass and silver rods extruded so as to com- 
pletely recrystallize during fabrication contained a 
major <001> and a minor <345> texture. Subse- 
quent annealing of the brass developed a single <001> 
component. 

Aluminum and thorium*® behave in a similar man- 
ner in that a texture component which lies on the 
<110> zone 10 to 20 deg from <001> (x114>, <115>, 
or <118>) is found in rods extruded at high speeds 
and relatively high temperatures. Similar compo- 
nents are found after annealing aluminum and thorium 
rods containing a major <111> and a minor <001> 
texture. The annealing temperature in each case was 
near the extrusion temperature which gave such a 
texture. 

In addition to the <118> reerystallization compo- 
nent found in the rod annealed at 1000°F, 35 pct of 
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the volume was found to have a <111> texture, see 
Fig. 5. An examination of the microstructure re- 
vealed that both components, <118> and <11L>, oc- 
curred in recrystallized grains. This is the only 
time that a recrystallized <111> component was 
found in the present study. 

One might speculate as to why a <001> texture is 
observed in aluminum recrystallizing during defor- 
mation below about 850° F whereas a <115> or <118> 
recryStallization texture is developed during defor- 
mation at higher temperatures and a <118>-<111> 
recrystallization texture is developed by annealing at 
1000°F. One possible explanation might be an effect 
of temperature on growth rate—orientation relation- 
ships or on the orientation of nuclei. A second ex- | 
planation is suggested by the fact that a <001> re-. 
crystallization texture apparently occurs in face- 
centered-cubic metals only when recrystallization 
takes place during deformation or when a specimen 
already containing this component is annealed. It is 
possible that the presence of the stress during re- 
crystallization influences either the orientation of 
the nuclei (as suggested by Stadelmaier and Brown 
or the direction of fastest growth rates. The magni- 
tude of the stress and residual stresses would be 
less for the higher temperatures of deformation. 
Thus the results are in agreement with the argument 
of Stadelmaier and Brown who proposed that the 
presence of stress favors the formation of <001> 
nuclei. Nothing is known of the effect of stress on 
the growth rate in different directions, but it is not 
unreasonable to suppose that there is some influence. 


SUMMARY 


Aluminum rods fabricated by extrusion develop 
<111>-<001> duplex textures for slow extrusion 
speeds at temperatures from 75° to 850° F and for 
fast extrusion speeds at temperatures from 75° to 
450°F. At fast speeds and 650°F or 850°F billet 
temperatures, complete recrystallization occurs and 
the texture is <115> or <118>. 

Evidence has been presented which shows the main 
part of the <001> texture componert to be present in 
grains which recrystallize during fabrication. A 
minor amount of the <001> texture may be retained 
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from the <001> texture of the cast-extrusion billet. 
The deformation fiber texture is <11l>. 
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Creep of a Dispersion-Hardened Aluminum Alloy 


The creep behavior of an aluminum alloy hardened with a 
finely dispersed phase of aluminum oxide was investigated. The 


as-extruded alloy shows an approximate steady-state creep in 
which the creep rate depends exponentially on the applied stress. 
The activation energy of creep is approximately 150,000 cal per 
mole. The vecrystallized alloy shows no steady-state creep. 


One method of improving the creep resistance of a 
metal is to introduce a finely dispersed second phase 
into the metal matrix. The improvement of the creep 
resistance has been qualitatively explained by as- 
suming that the dispersed second-phase particles act 
as obstacles to dislocation motion. If the main effect 
of second-phase particles is simply to hinder dislo- 
cation motion then it is possible to derive a high- 
temperature creep equation for a dispersion-hard- 
ened alloy in a straightforward manner. In the Ap- 
pendix of this paper such an equation is derived from 
a creep model which works very well for pure 
metals. 

Recently, F. V. Lenel has fabricated, for the first 
time, powder extrusions of aluminum-aluminum 
oxide in a large-grained recrystallized form. This 
alloy, designated as MD 2100, consists of a fine 
dispersion of aluminum oxide plates in a matrix of 
commercial purity aluminum. A considerable 
amount of investigation has been carried out con- 
cerning the microstructure and physical properties 
of this alloy.” * The aluminum oxide is present in 
the form of flakes 130A units thick and 0.3 py on 
edge. They are dispersed in the aluminum matrix 
with an average spacing of approximately 0.5 yu. 

The spacing varies in the range of 0.05 to 1.5 yp. 
The alloy structure is extremely stable at high 
temperatures. For this reason the alloy offers a 
unique opportunity for a fundamental study of creep 
of a very finely dispersed two-phase alloy. Lenel 
supplied specimens in both the unrecrystallized and 
recrystallized condition. This paper reports high- 
temperature creep experiments carried out on 
these specimens. 

The results obtained were rather unexpected. No 
steady-state creep was observed in the recrys- 
tallized material. In fact, after some transient 
creep which takes place upon loading, the creep 
rate is essentially zero (< 1078 per min). If the 
second-phase particles acted solely as obstacles 
to the motion of dislocations, measurable steady- 
state creep would be expected. Since none is 
observed it appears that the main effect of the 
fine dispersion in the recrystallized material is 
to inactivate the dislocation sources themselves, 
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rather than hinder the motion of dislocation loops 
created at these sources. 


EXPERIMENTAL DETAILS 


Specimens were tested in wire form, 0.087 in. in 
diam for the as-extruded alloy, and 0.035 in. in diam 
for the recrystallized alloy. These samples were 
held in friction-type wire grips; a gage length of 2.5 
cm was used for all the creep tests. The specimens 
were held at 600°C in the test apparatus for at least 
15 hr prior to each test. The tests were run under 
the condition of constant loading and, since the creep 
strains were small, can be considered as constant 
stress tests. The temperature of testing was held 
constant within 3°C. Elongations were measured with 
an optical cathetometer which was capable of meas- 
uring strains as small as 0.00012. This allowed the 
measurement of strain rates as low as 10~*per min. 

In addition to the creep tests optical micrographs 
were made in order to determine both the grain size 
and microstructure of these materials. 


RESULTS 


Fig. 1 shows a few typical creep curves obtained 
from the as-extruded material. The elongations 
were somewhat erratic, but each curve shows a 
region of quasi-steady-state creep from which an 
approximate steady-state creep rate can be ob- 
tained. In general the higher the stress at a given 
temperature, the greater the total elongation before 
fracture. The lower the applied stress, the longer 
is the region where the creep rate is almost con- 
stant. Summary data from the creep tests of the 
as-extruded material are listed in Table I. 

The steady-state creep data of the as-extruded 
material for a range of stresses at a constant 
temperature follow a creep equation of the type 

Bo 
creep rate = K =A exp ees 


[1] 


where A and B are constants, k is Boltzmann’s con- 
stant, T is the absolute temperature, and o the 
stress. The standard error of estimate of the data 
received is less than one order of magnitude. 

As shown in Fig. 2, if one compensates the creep- 
rate data for the effect of temperature over the range 
of test temperature, the steady-state creep data 
roughly follow a creep equation of the type 
Temperature compensated creep rate = K* = A exp 


[2] 
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AS EXTRUDED 


a Table |. MD 2100 As-Extruded Alloy 
020 = 
Temper- Dynes Creep Rate State Ces > Rat 
015 , per Sq Cm (K") Min (K)* Min™ 
: 873 1.40 x 107 < 5 x108 <6.5 x 107)? 
873 3.42 x 107 <2.6 x 101? 
873 5.73 x 107 < 107° 
873 5.73 x 10” 4.5 x 10° 5.8 x 10° 
005 873 6.84 x 10” 3 x10° 3.9 x 10% 
873 7.98 x 107 7.7 x 10> 9.9 x 10° 
873 7.98 x 10” 5.5 x 10° TA 
8.11 x 107 2.7 x 107 3.5 x 10° 
TIME MINUTES 873 1.14 x 108 2.3 x 10° 3 x 107 
Fig. 1—Typical creep curves MD 2100 as-extruded alloy. 873 1.20 x 10° 3.9% 107 7,610" 
Scale 1: A—673°K — 4.56 x 108 dynes per sq cm: B— 
773°K — 2.00 x 108 dynes per sq cm; C—873°K — 7.98 x 773 9.12 x 107 < 
10’ dynes per sqem. Scale 2: D—773°K — 1.2 x 108 dynes 773 1.14 x 108 ~6 
per sq cm; E—773°K — 1.36 x 108 dynes per sq cm; F— une 8 z -8 Saeed ne 
773°K — 1.62 x 108 dynes per sqem;G—673°K —3.00x108 773 
dynes per sq cm. Asterisk denotes point of fracture. 773 1.36 x 10° 5.2 x 107 5.2 x 107 
773 1.62 x 108 3.5 x 107 3.5 x 1077 
where A and B are constants and Q is an activation 773 1.71 x 108 < RAOe SPACE 
energy. This type of equation has been proposed in 773 2.00 x 108 2 x 107° 2 x 107° 
the past by a number of investigators .*~° The value 773 2.05 x 108 6.05 x 107° 6052 10K 
of activation energy of creep which best satisfies this 773 2.85 x 108 2.3 x 10° 2:3 107° 
relationship is 150,000 cal per mole within approxi- 773 2.85 x 108 1.2 x 10% 13.10" 
mately 10,000 cal per mole. 773 3.42 x 108 9.7 x10 9.7 x 104 
Fig. 3 shows some typical creep curves obtained 773 4.56 x 108 2.3 x 103 23 x10 
from the recrystallized material. In contrast with 
the results obtained from the as-extruded material, 673 3.00 x 108 1.29x10°° 45 x10! 
the recrystallized material showed extremely erra- 390 108 : 1074 x 102 
tic and unusual creep behavior. No steady-state 119 x 10 102 
creep region was observed for any of these tests. 673 x x 10° 
For each of the test temperatures and loads used, 


this material crept erratically until the creep rate 
decreased to less than 10~° per min the limit of test 
sensitivity. For each test specimen, after the creep 


*Using Q = 150,000 cal per mole and IT, = 773°K where 


Q 
rate decreased to less than 107° per min, loading OD RF 
was increased until immediate fracture occurred Keak Q 
upon loading, with still no evidence of steady-state ekT, 
creep. As shown in curve A, Fig. 3, a delay time 
10% 
after loading, before any creep occurs, was noted 
= jo L_MD 2100 cd several times. This delay time was not repro- 
a AS EXTRUDED cg z z ducible, nor did it occur in all tests. As shown in 
ti oo curve B, the creep rate decreases and then in- 
0075 
uJ 
0060 
Gz 
ox 
0045 
= CME 14x 108 d/em2 1022 MI 
WW x =673 K 873°K 
Q = 150,000 CAL/MOL 
WJ 1x! om 
102 60:70. (80 . 90. 100 9018 
STRESS /ABSOLUTE TEMPERATURE 
4 4.9 x10'd/cm 3859 MIN 7107 d/em? 
(x10*) 
Fig. 2—Semilog plot of temperature-compensated creep SCALE 2 0 200 400 600 300 (000 (200 (400 
rate of MD 2100 as-extruded alloy vs stress/absolute tem- TIME MINUTES - 


perature. Fig. 3—Typical creep curves MD 2100 recrystallized alloy. 
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Fig. 4—MD 2100 as-extruded alloy, longitudinal section, 
anodized and viewed with polarized light. X200. Reduced 
approximately 33 pct for reproduction. 


creases several times before the sample has a 
creep rate of less than 10~® per min. This eccen- 
tric creep behavior was not reproducible for any 
given stress, but it was observed during many of 
the tests. Summary data for the recrystallized 
material are listed in Table II. 

Fig. 4 is a longitudinal section of the as-extruded 
alloy. The surface has been anodized and viewed with 
polarized light. It is noted that a fine, columnar 
grain structure is evident. Fig. 5 is the transverse 
section of the as-extruded alloy with the same ano- 
dizing treatment as in Fig. 4. The minor axis grain 
size of the as-extruded material is shown to be about 
5 x 10 *mm which is in agreement with X-ray dif- 
fraction measurements done previously. ° This is the 
first metallographic evidence of the grain size of as- 
extruded SAP-type materials. 

Fig. 6 shows the longitudinal section of the re- 
crystallized alloy. The surface has been anodized 


Table Il. MD 2100 Recrystallized Alloy 


Steady-State 


Temper- Stress Dynes Creep Rate (K’) 
ature, °K per Sq Cm Min * 
873 7.0 x 10° less 
873 2.1 x 107 than 
873 3.5 x 107 10°8 
873 4.9 x 107 if 
873 4.9 x 107 at 
873 7.0 x 107 all 
873 9.1x 107 
873 1.1 x 108 
873 1.3 x 10° 
873 1.4 x 108 
873 2.0 x 108 
773 2.1 x 108 
773 2.8 x 108 
673 2.5 x 108 
673 3.5 x 10° 
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Fig. 5—MD 2100 as-extruded alloy, transverse section, 
anodized and viewed with polarized light. X50. Reduced ap- 
proximately 28 pct for reproduction. 


and viewed with polarized light. In this case large 
grains are visible throughout the sample, in confir- 
mation of previous work.’ 


DISCUSSION 


In the Appendix, creep equations have been derived 
for dispersion-hardened, coarse-grained alloys. Fol- 
lowing Schoeck,® it is assumed that the rate-control- 
ling process for steady-state creep is the climb of 
dislocations over second-phase particles. At very 
low stress either a first-power stress dependence or 
no creep is found; at intermediate stresses a fourth- 
power dependance; and at high stresses an exponen- 
tial stress dependance. 

The derivation of the creep-rate equations in the 
Appendix follows in a straightforward manner from 
work previously done.® This derivation assumes that 
there is either a three-dimensional dislocation net- 
work present, which provides Frank-Read disloca- 
tion sources, or that there are short dislocation 
segments present which extend from one oxide plate 


Fig. 6—MD 2100 recrystallized alloy, longitudinal section, 
anodized and viewed with polarized light. X100. Reduced 
approximately 35 pct for reproduction. 
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to a neighboring plate. These segments can also act 
as sources. 

One would not expect the results of the Appendix to 
be applicable to the as-extruded material since the 
grain size seems to be of the order of the particle 
spacing. This grain size is probably smaller than the 
average dimension of the dislocation network of a 
pure metal. One would not expect any dislocation 
sources within the grains for this material. The 
grain boundaries themselves, however, may act as 
sources for dislocations. In fact Hirsch, Horne, 
and Whelan” have found direct evidence that they do 
so in thin aluminum foils. If the grain boundaries 
act as sources then the steady-state creep of the 
as-extruded alloy can be simply explained. With 
the aid of the applied-stress and thermal-stress 
fluctuations, dislocations pop out of a grain boun- 
dary; then they move across the grain where they 
join another grain boundary. The energy required 
to free a dislocation from a boundary is undoubtedly 
stress dependent and decreases with increasing 
stress. Let it be written as Q(a). Then in any narrow 
stress range” ? about any particular stress o, the 
activation energy can be written as 
QA) = + (o = 0). 
Eq. [2] can be derived from this activation energy. 
Then Q is equal to Q(d.) — (dQ/do)o, and B equals 
-dQ/do. The exact value of the experimentally ob- 
served value of Q does not have much significance 
in this interpretation. In order to obtain a measur- 
able creep rate, a stress must be applied which is 
large enough to reduce @ to such a value that Eq. 

[2] will predict creep rates of the order 1077 to 
10°? per min. 

The observed activation energy of creep 150,000 
cal per mole is about five times that of self-diffu- 
sion. Therefore it is very unlikely that dislocation 
climb controls the rate of creep and the above model 
is probably more reasonable. 

The derivation of the creep equations in the Appen- 
dix should be applicable to the recrystallized speci- 
mens if dislocation sources are present. However, 
the data on the recrystallized alloy are in disagree- 
ment with the predictions of this theory. It would 
appear that the fundamental assumption of dislo- 
cation sources is not valid in this material, and that 
one can conclude that there are at most only a few 
active dislocation sources present. 

It is believed that the conclusion that there are no, 
or only very few, active dislocation sources in the 
recrystallized alloy can be justified without recourse 
to a special creep theory. Suppose there are sources 
present in the recrystallized material whose density 
is of the order of that in pure aluminum (10 9/em* is 
The maximum distance a dislocation loop created at 
a source has to climb to be annihilated by a loop 
from another source is thus of the order of 107°cm 
The aluminum oxide flakes offer obstacles which 
can be circumvented by climb of distances of the . 
order of 10-¢cm. Thus the amount of climbing that 
must be performed by the dislocations would be 
about the same for the pure metal as for the alloy 
in establishing a steady-state creep situation. At 
the lower stresses where only a few dislocations 
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are piled up, one can reasonably expect that the 
creep rates of the pure metal and the dispersion- 
hardened alloy should be within four or five orders 
of magnitude from each other. The fact that they 
are not indicates that the density of active disloca- 
tion sources in the alloy must be quite small. 

The origin of the transient creep exhibited by the 
recrystallized alloy can be explained in several ways. 
It may be due to movement of dislocations already 
present in the grains which are swept towards the 
grain boundaries. It may arise from a nucleation of 
dislocation loops Similar to that observed by Gilman 
and Johnston” in lithium fluoride where normal dis- 
location sources are not present. Stress concentra- 


- tors are present in the alloy to aid nucleation; if the 


stress-concentration factor decreases as more and 
more loops are nucleated at any one favorable spot 
only transient creep would occur. 

From the above discussion it would appear evident 
that the large-grained recrystallized alloy should be 
more creep resistant than the as-extruded. This has 
been observed. One might also expect that the re- 
crystallized alloy has the larger tensile strength. 


CONCLUSION 


The aluminum-aluminum oxide powder-extrusion 
alloys investigated in this work have very unusual 
creep properties. It appears that the usual disloca- 
tion sources are not active. The creep of the as- 
extruded alloy can be qualitatively explained if 
grain boundaries act as dislocation sources. The 
recrystallized alloy shows no apparent steady-state 
creep. An experiment on less finely dispersed two- 
phase alloys would be very desirable in order to 
investigate the transition from the creep behavior 
found in the present work to that of a pure metal. 
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APPENDIX 


Creep of Dispersion-Hardened Alloys—The creep 
model we shall use, which is due eres to Mott, 
is the same as one ‘adopted before.” * Dislocation 
loops are considered to be created a) sources under 
the action of an applied stress. The loops expand to 
some maximum radius at which point they-are annihi- 
lated by climbing to dislocations of opposite sign on 
neighboring slip planes. For a dispersion-hardened 
alloy it.is reasonable to assume, as suggested by 
Schoeck,® that the rate-controlling process is the 
climb of dislocations over the second-phase parti- 
cles. 

Another assumption that must be made concerns 
the origin of the dislocations in a dispersion-hard- 
ened matrix. In a single-phase metal it is usually 
assumed that there is a three-dimensional network 
present. If there is, the network provides Frank- 
Read dislocation sources. In a dispersion-hardened 
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matrix the usual dislocation network may not be 
present. Instead short dislocation line segments 
may start at one particle and terminate at a neigh- 
boring particle. At high stresses these short seg- 
ments could act as sources. In developing the equa- 
tions we will consider the case where dislocations 
originate at Frank-Read sources whose lengths are 
much greater than the distance between particles. 
The creep rate that might be expected for the other 
situation is considered briefly later. 

Theory at Low Stresses—We wish to calculate 
first the creep rate in the stress range from a 
stress which would be just sufficient to activate 
a Frank-Read source if no particles were present 
up to a stress which is great enough to force a 
dislocation past the particles by pinching off loops 
around the particles. At low temperatures no 
plastic deformation takes place in this stress range 
because the dislocations cannot be moved past the 
particles. At high temperatures, however, plastic 
deformation can take place because the dislocations 
can climb around the particles. 

In order to make the calculations we need to use 
a number of parameters which are best described 
by means of diagrams. Fig. 7(a) pictures a Frank- 
Read source imbedded in a field of second-phase 
particles. The plane of the paper is the slip plane. 
Fig. 7(b) gives a cross-sectional view of disloca- 
tion loops some time after application of a stress. 
The slip plane is horizontal and perpendicular to 
the plane of the paper. Fig. 7(c) shows a view of 
a length of dislocation line looking down the direc- 
tion of motion of the dislocation. The slip plane is 
again horizontal and perpendicular to the plane of 
the paper. The direction of motion of the dislocation 
is into the paper. Fig. 7(c) illustrates the fact that it 
is equally probable that a segment of dislocation line 
may climb either over or under a particle. In one 
direction of climb vacancies (or interstitials) must 
be absorbed by an edge-type dislocation and in the 
other direction they must be released. 

The creep rate may be calculated from the model 
given in Fig. 7 in the following manner. The creep 
rate is equal to the product of the number of sources 
per unit volume giving off dislocation loops, the 
plastic strain produced by one loop upon expansion to 
its maximum radius, and the rate of production of 
loops at any one source. The creep rate K is there- 
fore equal to 


K = Mr [4] 


Where M = density of sources, £ = maximum radius, 
b = length of the Burgers vector of a dislocation, and 
R = rate of creation of dislocations at one source. 
The maximum radius £ can be calculated from the 
following simple argument. *’ * The probability must 
be essentially one that at the maximum radius £ a 
dislocation loop is blocked from further expansion by 
dislocations on a neighboring slip plane. This con- 
dition means that the value of £ must be such that 


2Mn 3 


or 


Ls V1/2Md [5] 
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(c) 
Fig. 7—Dispersion-hardening model: (a) Frank-Read 
source with slip plane in plane of paper; (b) dislocation 
loops under stress with slip plane horizontal and perpen- 
dicular to paper; (c) view of dislocation line from the 
direction of motion. In (b) the arrows indicate direction of 
climb. 


where d is the distance climbed by a dislocation in 
order to annihilate a dislocation on a neighboring 
slip plane. It is reasonable in the present calcula- 
tions to take a stress-independent value of d equal 
to the dimensions of the particles (d = h). 

The rate R is equal to the rate at which disloca- 
tions surmount barriers in Fig. 7(0). The rate of 
climb over barriers can be calculated in turn from 
the velocity of climb, which is controlled by the dif- 
fusion of vacancies or interstitials. In Ref. 14 the 
velocity of climb was calculated for a dislocation 
which could maintain an equilibrium concentration 
of vacancies in its vicinity. This velocity was 


[6] 
kT 

where o = stress, D = coefficient of self-diffusion, 

K = Boltzmann’s constant, and T = absolute tem- 

perature. The equation is valid for an edge dislo- 

cation which is climbing by itself some distance 

away from other dislocations. The term R in 

Kq. [4] is then 


R= [7] 


By combining Eqs. [4], [5], [6], and [7] we get for the 
creep rate 


K = 8] 
(For unresolved stress and strain rates the right- 


hand side of this equation should be divided by 2 v2.) 
Eq.[8] is valid in the stress range 


ud 


where yp is a shear modulus V1/2c,,(c) 
¢; being the usual elastic constants), L is the length 
of a Frank-Read source, and d is given in Fig. 7. 

Pile-up of dislocations does not occur in the stress 
range where Kq. [8] is valid. 

Creep Rate at High Stvesses—We now develop an 
expression for the creep rate at stresses great 
enough for dislocations to be forced past particles by 
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Fig. 8—Creep processes at high stress; (a) pinching off of 
dislocation loops; () climb of dislocation around particle. 


pinching off loops around the particles. (This expres- 
sion is also valid when sources may be dislocation 
segments between particles). This process is shown 
in Fig. 8(a). The rate-controlling process now is the 
climb of the pinched-off loops around the particles as 
shown in Fig. 8(b). As long as the particles are big 
enough, the climb of these loops will be governed by 
the diffusion of vacancies away from or toward a 
dislocation line. Since the interface between the 
metal and the included particle is probably a good 
source or sink of vacancies, the vacancy flow will 
probably be between this interface and the disloca- 
tion lines. 

The rate at which pinched-off loops are annihilated 
in Fig. 8(b) is easily estimated. The loops are forced 
to climb around the particles because of the inter- 
action forces between the loops and because of the 
interaction forces of the dislocations piled up against 
the particles. The number 7 piled up in the distance 
dX which is indicated in Figs. 7 and 8 is 
202r 
[9] 
The distance a pinched-off loop must climb, A in 
Fig. 8(b), before another loop can be pinched off is 
of the order 


2, 2 
20°" [10] 
The rate of climb of the dislocation loop is that given 
by Eq. [6] with the stress replaced by concentrated 
stress no or 


207bDAD 
[11] 


ns 
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By combining Eqs. [10] and [11] we get for R ap- 
pearing in Eq. [4] the expression 


[12] 


By combing Eqs. [4], [5], and [12] we get for the 
creep rate 


huskT [13] 


which is valid up to stresses where nob*/kT becomes 
greater than one. If unresolved strain rates and 
stresses are used, the right-hand side of this equa- 
tion should be divided by 2*V2. 

At stresses great enough that nob*/kT is greater 
than one the velocity is no longer given by Eq. [11] 
but now is 


The creep rate now becomes 
AD 20°rb? 
URT [15] 


One must assume, of course, in the application of 
Eq. [15] that the included particles are strong enough 
to withstand the stresses exerted by the dislocations 
piled up against them. In the stress range where 

Eq. [15] is valid these stresses are very large and 
the particles may suffer plastic deformation. If they 
do deform, Eq. [15] may merely set a lower limit to 
the creep rate. 
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4, 2 
T 
4.2 
K 270" 


Relation between Beta Grain Size and Ductility 
of High-Strength Alpha-Beta Titanium Alloy 


A study was made of the effect of B grain size on the tensile 
ductility of a-6 titanium alloys haet treated to strengths in the 
vange 165,000 to 180,000 psi. It was concluded that the primary 


cause of B embrittlement is the large grain size which is ob- 


A. J. Griest 


tained so rapidly in many a-f titanium alloys when heated into 


the B field. It was also found that grain-boundary a and acicular 
intragranular a in the microstructure are not necessarily detri- 


A. P. Young 


mental to the tensile ductility if the prior B grain size is suf- 


ficiently fine. 


Bera embrittlement occurs in a-f alloys when the 
finish hot-working or stages of the subsequent heat 
treatment have been done at temperatures in the 

B field. In order to avoid this embrittlement, for- 
gings must be finished at temperatures under the 

8B transus. For better workability, it would be de- 
sirable to forge at temperatures in the f field. For 
this reason, research has been conducted to deter- 
mine the cause of 6 embrittlement. 

Although 6 grain size has been considered as a 
possible contributing factor to B embrittlement, 
only limited research has been done to evaluate its 
effect. The effect of addition elements on 6 grain 
growth in unalloyed titanium has been studied by 
Liu.* Complete mechanical property data, however, 
were not obtained for correlation with grain size. 

Ogden and coworkers” have investigated the effect 
of both a and £8 grain size and grain shape in Ti- 
Cr-Mo alloys. Their data indicated that tensile 
ductility was relatively insensitive to B grain size at 
annealed strength levels (140,000 psi ultimate). No 
study has apparently been made to determine the 
relationship between 8 grain size and £ embrittle- 
ment in a-f alloys heat treated to high strength 
(180,000 psi ultimate). The high-strength condition 
is that in which 8 embrittlement is particularly 
severe. 

Beta grain size is not easily varied through the 
use of a range of annealing times and temperatures 
in the 6 field, because of the rapidity with which 
8 grain growth occurs. Short-time heating tech- 
niques are needed to obtain the smallest £ grains. 


EXPERIMENTAL PROCEDURE 


In this research, the experimental procedure was 
as follows: 
1) Tensile and microimpact specimen blanks were 


resistance heated to produce a range of £ grain sizes. 


2) The tensile and microimpact blanks were then 
solution-treated in the a-f field and aged to produce 
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predetermined ultimate tensile strengths in the range 
165,000 to 180,000 psi. Tensile and impact ductility 
were then correlated with 8 grain size for constant 

strength levels. 

Materials— The alloys Ti-6A1-4V, Ti-4A1-4Mn, 
and Ti-16V-2.5Al are representative of the heat- 
treatable a-8 types in which B embrittlement can be 
severe. The compositions and £ transi of the heats 
studied are given in Table I. The Ti-16V-2.5Al heat 
was melted and fabricated to 1/4 in. round at 
Battelle; the other alloys were obtained as 1/4 in. 
round rolled from commercial heats. The micro- 
structures of the as-rolled alloys were fine a-§ 
mixtures. This structure is typical of titanium 
alloys hot-worked extensively in the a-f field. 

Resistance-Heating Treatments to Establish B 
Grain Size—For direct resistance heating, a 1/4- 
in.-diam specimen was heated with a 3000-watt 
transformer rated for 1000 amp with adjustable 
secondary voltage. The apparatus included a spray 
quench fixture. Both heating and quenching periods 
could be automatically controlled. For tempera- 
ture measurements, 28-gage Chromel-Alumel 
wires were tack-welded to the specimen at its mid- 
point. A high-speed recorder-controller was used 
to control the heating cycle. 
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Fig. 1—Effect of 8 grain size on three a -8 titanium alloys 


heat treated to ultimate tensile strengths in the range 
165,000 to 170,000 psi. 
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Table |. Composition and B Transus Temperatures of Titanium Alloy Heats for B Grain-Size Study 


Composition, Wt Pct 


Hot 
Number Alloy V Mn Al H © N ee F 
1555 0.122 0.0046 0.04 0.018 1357 < Tg < 1400 
2 ‘ Oe tte = ads 4.5 0.0083 < 0.10 0.03 1825 < Tg< 1850 
4.1 5.8 0.0073 < 0.10 0.01 1725 < 1750 
3B Ti-6A1-4V 4.2 = 6.1 0.0094 0.033 0.01 1750 < Tg< 1775 


4Melted and fabricated to % in. round at Battelle. 


>Commercial heat obtained as %4-in.-round bar stock, annealed, pickled, and centerless ground 


Preliminary experiments showed that the grain 
size of the Ti-6Al-4V and Ti-4Al-4Mn alloys 
coarsened quickly on heating into the 6 field. The 
Ti-16V-2.5Al alloy was much more resistant to 
B grain growth. To obtain the largest grain size in 
the latter alloy, specimens were heated in an 
atmosphere tube furnace for 1/2 hr at 1800° F. 

Grain-Size Measurements—Grain size was meas- 
sured by a) the comparative method, using standard 
ASTM grain-size charts, and b) the intercept method, 
as Set forth in the ASTM Tentative Standards, 
E112-55T.° Grain-size measurements on tensile 
specimens were made on a Section not more than 
1/8 in. from the tensile fracture. Check counts 
made on sections about 1/2 in. from the specimen 
midpoint and across the section showed that a uni- 
form grain size was obtained over that section of the 
bar which was later machined into the reduced sec- 
tion of the tensile specimen. 


Heat Treatment, Preparation, and Testing of Ten- 
sile Specimens— Blanks for the tensile specimens 
were 4 in. lengths of 1/4-in.-diam centerless-ground 
bar stock, from which standard 1/8-in.-diam. by 3/4- 
in.-reduced-section tensile specimens were ma- 
chined after heat treatment. For all tensile speci- 
mens, the center of the reduced section coincided 
with the center of the blank, at which point the ther- 
mocouple measurement was made during the B- 
grain-size heat treatment. 
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Fig. 2—Effect of B grain size on three a-f titanium alloys 
heat treated to ultimate tensile strengths in’the range 
175,000 to 180,000 psi. 
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Tensile tests were conducted using a platen speed 
of 0.02 in. per min. Ultimate tensile strength, per- 
cent elongation in 1/2 in., and reduction of area were 
measured. 

Heat Treatment, Preparation, and Testing of 
Microimpact Specimens— Microimpact specimens 
were prepared from 1/4-in.-diam stock heated under 
the same conditions as the tensile specimens. The 
Specimen geometry and interpretation of microim- 
pact data have been described by Holden et al.* The 
inch-pound values obtained with these specimens are 
approximately equal to the foot-pound values obtained 
with Charpy V-notch specimens. 

The impact blanks for the Ti-4Al-4Mn and Ti-16V- 
2.5Al alloys were from the same heats as used for 
the tensile specimens. However, sufficient stock 
from the original heat of the Ti-6Al1-4V alloys was 
not available (Heat 3A, Table I), and, therefore, an 
additional amount of centerless-ground stock of this 
alloy was obtained (Heat 3B, Table I). 


EXPERIMENTAL RESULTS 


Effect of Prior 8 Grain Size on Tensile Ductility— 
Data showing the effect of 6 grain size are presented 
in Table II. Except where noted, all values are the 
average of results on duplicate specimens. Some of 
the data are plotted in Figs. 1 and 2. 

Some representative microstructures are shown in 
Figs. 3, 4, and 5. It is interesting to note in Fig. 5(a) 
the presence of grain boundary and Widmanstatten a. 
It is seen that these microstructural constituents are 
not prohibitively harmful to the tensile ductility if 
the 6 grain size is sufficiently fine. 

Effect of 8 Grain Size on Impact Ductility—The re- 
sults of the microimpact tests are presented in Fig. 
6. The particular heat treatment given the microim- 
pact specimens was chosen to develop an ultimate 
tensile strength of 175,000 to 180,000 psi. 

The data of Fig. 6 show that, at the strength level, 
the impact energy does not depend on grain size 
within the limits of reproducibility of the data. The 
impact-energy values are not significantly different 
from those developed in these alloys in the equiaxed 
microstructural condition and heat treated to about 
the same strength level. 


DISCUSSION 


Microscopic Study of Deformation—A technique for 
the microscopic study of deformation through the use 
of replicas has been developed in work at Battelle.* 
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(2) B-grain-size treatment: 1760°F, 40 sec, water quench. 
a-B solution treatment: 1600°F, 3/4 hr, water quench. 
Aging treatment: 1000°F, 8 hr, air cool. Properties: 
Ultimate tensile strength, 165,000 psi; reduction of area, 
29.0 pct; elongation, 10 pct; approximate 6 grain size: . 
ASTM No. 6. 


(b) Bgrain-size treatment: 1860°F, 40 sec, water quench. 
a-f solution treatment: 1600°F, 3/4 hr, water quench. 
Aging treatment: 1000°F, 8 hr, air cool, Properties: 
Ultimate tensile strength, 167,500 psi; reduction of area, 
16.5 pet; elongation, 8.0 pct. Approximate 8 grain size: 
ASTM No. 3-4. 


Fig. 3—Microstructure and properties of Ti-6Al-4V alloy 1/4 in. round treated to develop various B grain sizes. X100. 


Reduced approximately 38 pct for reproduction. 


Briefly, the method consists of making plastic repli- 
cas of a polished surface of the specimen (preferably 
a flat sheet tensile specimen) at suitable intervals 
during the straining process. The replicas (subse- 
quently vacuum coated with gold to increase reflec- 
tivity) can then be examined by conventional optical 


microscopy. Through a study of a series of replicas, 
the fracture can be traced back to the early stages 
of crack formation, since the location of the same 
area in different replicas can be facilitated by refer- 
ence to a Suitable grid inscribed on the specimen. In 
order to supplement the study of the effect of 6 grain 


Table Il. Mechanical Properties of Three a-B Titanium Alloys Treated to Develop a Range of B Grain Size at Ultimate 
Tensile Strengths in the Ranges 165,000 to 170,000 and 175,000 to 180,000 Psi 


B Grain-Size Treatment@ 


a-8 Heat Treatment Mechanical Properties 


Time at Total Grain Splution Aging Aging Ultimate 
Temper- Temper- Heating Size Temper- Temper- Time, Tensile Reduction of Elongation 
Alloy ature,°F ature,Sec Time, Sec No.> ature,°FC  ature,°F Hr Strength,Psi. Area, Pct in In., Pct 
Ti-16V-2.5Al 1500 40 47 8-9 1300 850 48 180,200 40.5 10.5 
1700 40 47 7 1300 850 48 175,200 33.0 10.0 
1850 40 47 6 1300 850 48 176,700 30.0 tess 
1800 30 min in tube furnace 5-6 1300 850 48 179,200 21.5 9.0 
1500 40 47 7-8 1300 900 24 168,200 43.5 12.5 
1700 40 47 7 1300 900 24 164,800 41.5 12:5 
1850 40 47 5-6 1300 900 24 165,500 32.5) 10.5 
1800 30 min in tube furnace 5 1300 900 24 166,200 31.0 LTS 
Ti-4A1-4Mn 1840 5 12 7-8 1600 1000 8 179,200 33.0 pds. 
1840 20 27 5-6 1600 1000 8 177,800 27.0 13.0 
1900 20 PL 4-5 1600 1000 8 176,700 16.5 10.0 
1900 40 47 3-4 1600 1000 8 173,500 8.0 8.5 
1840 5 12 7-8 1600 1100 4 165,200 35.0 15.0 
1840 20 27 5-6 1600 1100 4 166,000 26.5 15.0 
1900 20 27 4-5 1600 1100 4 165,200 21.5 14.0 
1900 40 47 3-4 1600 1100 4 165,200 21.5 12.0 
Ti-6A1-4V 1760 5 12 9 1600 800 48 179,500 32.04 10.0 
1760 40 47 6 1600 800 48 179,000 11.04 6.0 
1820 40 47 4-5 1600 800 48 177,000 23.5 6.5 
1860 40 47 3-4 1600 800 48 178,000 18.04 10.0 
1760 5 12 9 1600 1000 8 169,500 47.5 15.0 
1760 40 47 6 1600 1000 8 167,500 2355 10.0 
1820 40 47 4-5 1600 1000 8 166,700 525.5 8.5 
1860 40 47 3-4 1600 1000 8 168,000 18.5 9.0 


All specimens were water quenched from the B treatment. 
bApproximate ASTM grain size number. 


Solution treatments were carried out for % hr at temperature, followed by water quenching. 
dSingle values. All other values are averages of tests on duplicate specimens. 
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(2) B-grain-size treatment: 1500°F, 40 sec, water quench. 
a-B solution treatment: 1300°F, 3/4 hr, water quench. 


Aging treatment: 850°F, 48 hr, air cool. Properties: awe? 


Ultimate tensile strength, 180,000 psi; reduction of area, 
42 pet; elongation, 10 pet. Approximate B grain size: 
ASTM No. 8-9. 


(b) B-grain-size treatment: 1800°F, 1/2 hr, water quench. 
a-B solution treatment: 1300°F, 3/4 hr, water quench. 
Aging treatment: 850°F, 48 hr, air cool. Properties: 
Ultimate tensile strength, 177,500 psi; reduction of area, 
25.0 pet; elongation, 10 pet. Approximate 8 grain size: 
ASTM No. 5. 


Fig. 4—Microstructure and properties of Ti-16V-2.5Al alloy 1/4 in. round treated to develop various £ grain sizes. 


X100. Reduced approximately 38 pct for reproduction. 


size, fine- and coarse-grained tensile specimens of 
Ti-6Al-4V sheet were deformed and studied by this 
method. 

The series of micrographs shown in Fig. 7 illus- 


(a) B-grain-size treatment: 1840°F, 20 sec, water quench. 
a-B solution treatment: 1600°F, 3/4 hr, water quench. 
Aging treatment: 1100°F, 4 hr, air cool. Properties: 
Ultimate tensile strength, 166,000 psi; reduction of area, 
28.5 pet; elongation, 15.0 pct. Approximate B grain size: 
ASTM No. 5-6. 


(b) B-grain-size treatment: 1900°F, 40 sec, water quench. 
a-B solution treatment: 1600°F, 3/4 hr, water quench. 
Aging treatment: 1000°F, 8 hr, air cool. Properties: 
Ultimate tensile strength, 177,000 psi; reduction of area, 
7.5 pet; elongation, 7.0 pct. Approximate B grain size: 
ASTM No. 3-4. 

Fig. 5—Microstructure and properties of Ti-4Al-4Mn alloy 


1/4 in. round treated to develop various # grain sizes. 
X100. Reduced approximately 38 pet for reproduction. 
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trates deformation in a specimen of Ti-6Al-4V alloy 
with a 8 grain size of about ASTM Nos. 3 to 4. It will 
be noted that deformation occurs by slip along planes 
coinciding nearly with the martensite habit planes. 
There is a relatively large number of active slip 
surfaces in this specimen. 

Comparison of the deformation behavior of both 
coarse- and fine-grained specimens as shown by 
such micrographs indicates that the number of sur- 
faces on which prominent slip occurred was greater 
in the fine-grained specimen. The fine-grained 
specimen also showed higher local elongation near 
the fracture than the coarse-grained specimen. 
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Fig. 6—Effect of 8 grain size on impact energy. 
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a) Undeformed 


6) Local elongation about 1 pct. 


c) Fracture; local elongation about 
10 pet. 


Fig. 7—Photomicrographs of replicas of polished surface of Ti-6Al1-4V sheet tensile specimen taken at various intervals 
during straining. Heat treatment: 1880°F, 40 sec, water quench (to produce fine B grain) - 1600 fo 4 hr, water quench; 
1000°F, 8 hr, air cool. Ultimate tensile strength, 170,000 psi. Axis of tension is vertical in all photomicrographs. X250. 


Reduced approximately 42 pct for reproduction. 


The smaller the grain size, the more slip surfaces 
there are that are favorably oriented to participate 
in the deformation. Hence, the ductility at fracture 
was greater in the fine-grained specimens. 

In view of the experimental evidence, it is be- 
lieved that the primary contributing factor to 6 
embrittlement is the large 8 grain size which is 
so rapidly attained in many a-f alloys. Prior to 
this research, it was thought that grain boundary 
q@ and acicular a might also be responsible for 
the embrittlement. The present data, however, 
show that grain boundary-a phase and acicular a@ 
are not particularly detrimental to tensile ductility 
if the size of the 6 grain from which they form was 
sufficiently small. 

It was suspected that the short-time § grain-size 
heat treatments might have affected the amount and 
morphology of the @ produced on the subsequent 
a@-f solution and aging treatments, and that this 
factor, rather than the grain size itself, may have 
been responsible for the dependence of tensile 
ductility on grain size. However, a number of fine- 
and coarse-grained specimens were examined with 
electron microscopy and little difference could be 
detected in the fine scale structures. 

Electron micrographs of the deformed sample 
shown in Fig. 7 and of deformed fine-grained 
examples showed no difference in the deformation 
mechanism in coarse- and fine-grained samples. 
Of course, the martensite plates and Widmanstatten 
platelets are finer in fine-grained 6 than in coarse- 
grained 6 phase, but this is an inevitable result of 
the grain size. 

Since grain size is thus of paramount importance, 
the control of 8 embrittlement might be achieved in 
two ways: 

1) Development of heat treatments to refine or 
break up the coarse £-grain network, 
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2) Development of alloys with low rates of £6 - 
grain growth. Research to develop heat treatments 
of the kind mentioned in 1) above has been conducted 
at Battelle as a separate phase of Contract AF 33 
(616)-5007. Briefly, as a result of this work, it was 
concluded that it is not possible to develop practical 
heat treatments to refine 8B grain size in heat treat- 
able a-f titanium alloys. The second approach, 
development of noncoarsening alloys, thus seems to 
be the only general practical solution, except in 
those cases where short-time heating and fabricating 
techniques may be used to limit grain growth. 
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Stabilization of the Martensitic Transformation 


in Iron-Nickel Alloys 


The kinetics of stabilization have been studied with respect 
to the isothermal component of the martensitic reaction in iron- 
nickel alloys. Although the carbon (or nitrogen) content may be 
very low in these alloys, it plays an important role in the stabi- 
lization phenomenon. In fact, if these interstitial elements are 
removed by moist-hydrogen treatment, no evidence of stabiliza- 


tion ts found. In the presence of 0.007 wt pct C, the activation 
energy for the stabilization process is comparable to that for 
the diffusion of carbon (or nitrogen) in ferrite rather than in 
austenite. This suggests that the interstitial diffusion control- 


ling the stabilization occurs within the martensitic embryos 
rather than in the matrix of the parent phase. The kinetics fur- 
ther indicate that the interstitial atoms tend to diffuse from the 
embryos toward the surroundings, thereby immobilizing the ‘ 


John Woodilla 
P.G. Winchell 


interface. This appears to be the origin of the stabilizing ef- 


fect found in these alloys. 


Puipert? has shown recently that interstitial 
elements play an important role in the stabilization 
of martensitic transformations in iron-base alloys. 
However, determination of the temperature depend- 
ence for this stabilization process has produced 
values (~ 11,000 cal per mol) that cannot be readily 
identified with the activation energy for diffusion of 
carbon (or nitrogen) in either ferrite or austenite. 

In the present work, the isothermal mode of the ~ 
martensitic reaction was employed to derive the 
activation energy for stabilization, and this was” 
found to agree fairly well with that for diffusion of 
carbon (or nitrogen) in ferrite. An iron-nickel al- 
loy with 30.8 wt pct Ni and 0.007 wt pct C was used 
in these experiments, the specimens being in the 
form of rods 0.074 in. in diam and 2’7/, in. long. The 
specimens were sealed in evacuated vycor tubes 
and austenitized at 1100°C for '/, hr prior to 
quenching in water. A second series of specimens 
was decarburized (and denitrogenized) prior to the 
above austenitizing treatment by annealing in moist 
hydrogen for 182 hr at 1215°C. In order to achieve 
a ‘‘standard’’ condition in the austenitic state, all 
the specimens were transformed to martensite by 
cooling to —195°C before the final austenitizing. 
Both the 0.007 pct C and the decarburized series 
then had an M, temperature of about — 30°C. 

The isothermal martensitic transformation was 
carried out at-a reference temperature of —88°C, 
and was traced by means of electrical resistance 
measurements. Each resistance value was nor- 
malized by dividing by the resistance of the 
austenitic specimen at 0°C, thus giving a resist- 
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ance ratio R. The rate of decrease of the resist- 
ance ratio (-dR/dt) provided a measure of the 
transformation rate. It was found that a plot of 

R vs log ¢ at the reference temperature resulted 

in a slightly curved line which could be closely ap- 
proximated by two straight lines intersecting at a 
time of 10 min, as shown in Fig. 1. If G = dR/dlogt 
is the linear slope of either straight segment, the 
rate of transformation at any given time is: 


dR 


t 
The ratio of G for ¢ less than 10 min to that for ¢ 


~ greater than 10 min was 1.19 for the 0.007 pct C 


series and 1.24 for the decarburized series. These 
ratios made it possible to compute the transforma- 
tion rate at any time greater than 10 min, knowing 
the transformation kinetics prior to 10 min. 

The stabilization treatment was introduced by up- 
quenching from the reference temperature, usually 
after 10 min of isothermal transformation, to one of 
four stabilizing temperatures between 0° and 22°C. 
After holding for various times, the specimens were 
down-quenched to the reference temperature for ad- 
ditional isothermal transformation. In this way, it 
was possible to compare the transformation rate 
(— dR/dt), immediately after stabilization with the 
transformation rate (— dR/dt), in the unstabilized 
condition. The degree of stabilization was defined 
as: 


G. 

Pct S = 100 = /1 100 [2] 
dt |, 


Ordinarily, G, and G, would be measured after 
the same time of prior isothermal transformation, 
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(a) 0.007 Pct. Carbon Specimens| _| 
0330 = 729 
Go = -0.0113 Stabilizer ren =73% 
0.325 Unstabilized Transformation, 4 
Gy = 0.0095 
Increment of Fig. 1—Electrical resistance 
to isothermal martensitic transformation 
Gs = -0.0020 at —88°C in an iron-30.8 wt pct Ni alloy 
F fter a) containing 0.007 wt pet C, and b) de- 
= 0305+ irectment carburized by moist hydrogen treatment. 
° Stabilization The G-values shown are the logarithmic 
| slopes dR/d log t. In each case, the un- 
| stabilized curve is represented by two 
5 0.320 (b) Decarburized Specimens = straignt lines of slope Go before 10 min 
7) y Stabilization = -52% and G, after 10 min. For the stabilized 
o Go=-0.0107 a curves, the stabilization was introduced 
we 0.315 Unstabilized Transformation after 10 min at —88°C, and consisted of 
15 min at 22°C. The aging was then con- 
0.310;- (Sy = 0.0086 tinued at —88°C, and the corresponding 
Aton iar slopes are designated as Gs. The method 
Increment of of determining t,for Eq. [1] is illustrated. 
Transformation 
0.300;- puring Stabilization te= 10 min. 
Treatment =0.006| 
aoa Transformation after Stabilization 
| 5 10 50 100 
Transformation time at - 88°C(minutes) 
or ¢, = ts. However, it was often observed that the bilization. Thus, while ¢, in Eq. [2] might be 10 min, 
absolute resistivity just after stabilization was less t, would be an appreciably longer time (determined 
than that just before stabilization, signifying that by the horizontal dashed lines in Fig. 1) if some 
some transformation had occurred during the sta- transformation happened to occur during the stabil- 
bilizing cycle. Further experiments disclosed that, izing cycle. 
in the 0.007 pct C series, this increment of trans- In the decarburized series, no evidence of sta- 
formation took place on quenching from the stabil- bilization was observed. In fact, as indicated by 
izing temperature back to the reference tempera- Fig. 1, these specimens usually exhibited negative 
ture. It was necessary to take this extraneous stabilization (according to Eq. [2]), i.e., an enhanced, 
transformation into account in order to compare the rather than a retarded, transformation rate com- 
two rates (— dR/dt), and (— dR/dt), in the presence pared to the unstabilized specimens. The extent of 
of the same amount of martensite. This could be transformation during the intended stabilization 


done by determining (— dR/dt),, not at t, = f,, but at treatment was appreciably larger than in the 0.007 
a value of ¢, on the unstabilized transformation pet C series; some martensite actually formed at 
curve where the amount of martensite present was the up-quenching temperature as well as during the 
the same as that existing immediately after the sta~- quench back to the reference temperature. Presum- 


100 ably, the magnitude of this unwanted transformation 

90k = was sufficient to catalyze the subsequent reaction at 

the reference temperature. The lack of stabilization 
orc in the decarburized specimens confirmed Philibert’s 


findings,’ and pointed to carbon and/or nitrogen as 
the controlling agent for the stabilization phenomena 
= in these experiments. 

“| The percentage stabilization as a function of sta- 


fe) 


Percent Stabilization 

ro) 

] 


OK 
P . | bilizing time and temperature for the 0.007 pct C 
oe series is plotted in Fig. 2. The data for each tem- 
20, =] perature conform approximately to the equation: 
10 


| 2 3 4 6'= 8110) 20 30 40 60 80100 200 300 
where K 
Time at Stabilization Temperature (minutes) % and Cee. constants. Plots of log (pet S) Ve 


Fig. 2—Stabilization of the isothermal martensitic transfor- aa Cee reas lines, from which m and K can be 
mation as a function of time at various stabilizing tempera- etermined by the method of least squares. The 


tures. Iron-nickel alloy with 30.8 pct Ni and 0.007 pet C. curves in Fig. 2 are drawn correspondingly. 
Isothermal transformation temperature = — 88°C. Curves The exponent n was found to be 0.57 + 0.05, inde- 
are drawn according to least-squares solution of Eq. [3]. pendent of temperature. K varied with temperature 
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according to the usual activation equation: 


K =A exp [4] 
where Q, is the activation energy. Q@, was evaluated 


as 15,000 + 2000 cal per mol from the log K vs 1/T 
plot in Fig. 3.* 


*The four points in Fig. 3 show some curvature, suggestive of the 
C-curve behavior reported by Edmonson.® If the stabilization rate ac- 
tually does decrease at still higher temperatures, it would be safer to 
ignore the highest point for the considerations at hand. The three 
lower points give an activation energy of 20,000 cal per mol. 


This value of Q, is comparable to the activation 
energy for the diffusion of carbon (20,100 cal per 
mol) or nitrogen (18,200 cal per mol) in ferrite, 
but not in austenite (~ 36,000 cal per mol).* This 
suggests that the rate-controlling diffusion process 
takes place within the existing martensitic embryos, 
rather than in the austenitic matrix. One possible 
explanation is that the carbon (or nitrogen) in the 
martensitic embryos has a much higher thermody- 
namic activity than does the same carbon concen- 
tration in the austenite, and hence there is a driving 
force for diffusion toward the austenite. Because 
the diffusion rate is much faster in the martensitic 
phase than in the austenite, there would tend to be a 
time-temperature dependent build-up of interstitial 
atoms at the interface which, in turn, would become 
progressively immobilized. This hypothesis for the 
nature of stabilization would seem particularly at- 
tractive in the case of a dislocation interface, such 
as has been postulated to couple a martensitic em- 
bryo to the surrounding phase.*’° 

The fact that the time exponent is about 7/2 is con- 
sistent with the kinetics of diffusion to a plane front 
under the impetus of a difference in chemical ac- 
tivity. If attraction to the interface because of dis- 
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Fig. 3~Least-squares plot of log K vs 1/T, showing de- 
pendence of stabilization rate constant on the stabilizing 
temperature. 
location stress fields were the operating mecha- 
nism, the time exponent should be close to 7/3.° 
Moreover, the results are not suggestive of inter- 
stitial attraction to random dislocations in the 
austenitic matrix; for this mechanism, Q, should 
be closer to the activation energy for carbon (or 
nitrogen) diffusion in austenite.’ Hence, the sta- 
bilization process, at least in this instance, is not 
attributable to a strengthening of the austenite. 
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Magnetic Susceptibilities of Titanium-Rich 


Titanium-Oxygen Alloys 


The solubility limit of oxygen in q titanium at 850°C has 
been determined by magnetic measurements as 12.5 + 0.5 pct 
(29.0--30.9 at. pct). Also in the susceptibility -concentration 
curve, there is a distinct but not sharp maximum at19.0+ 0.5 


wt pet (40.5—-42.1 at. pct), which indicates the presence of the 


6 phase. 


Tue magnetic susceptibilities of the alloys of the 
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titanium-oxygen system were determined by Ehrlich 
in 1939.’ His alloys were prepared by sintering 
mixtures of titanium and its oxide at high tempera- 
tures. On the titanium-rich side, despite the fact 
that the alloy compositions he measured crossed 
two phase boundaries, the limited results obtained 
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indicated that there is a linear relationship between 
molar susceptibility and atomic ratio of oxygen from 
Ti to TiOi.40 (31.9 wt pct or 58.3 at. pct O). How- 
ever, none of the measurements were made in the 

a region and only two in the a+ TiO region. Fur- 
thermore, the 6 phase which occurs at 19 pct O 

(41 at. pct)*”* was unknown at that time. In view 

of these points, it seemed desirable to have more 
detailed measurements of the susceptibilities of 
titanium-oxygen alloys. 


EXPERIMENTAL PROCEDURE 


The alloys used in the work reported here were 
prepared from oxidized titanium or from inelted 
mixtures of titanium and titanium dioxide. 

In one series, alloys up to 12.0 pct O (29.0 at. 
pet) were prepared by introducing purified oxygen 
to weighed commercial titanium heated in the tem- 
perature range 700° to 1000°C in a previously 
evacuated system. The commercial titanium used 
has the following analysis in wt pct: O, 0.087 pct; 
C, 0.074 pct; H, 0.007 pct; N, 0.057 pct; Fe, 0.15 
pet; Cu, 0.005 pct; Mg, 0.003 pct; and Ti, re- 
mainder. Our previous measurements showed that 
the magnetic susceptibilities of commercially pure 
and iodide titanium are closely similar.* The ab- 
sorption of oxygen was determined from the de- 
crease of the pressure of a differential oil mano- 
meter according to the method of Campbell and 
Thomas.’ After the desired amount of oxygen was 
introduced into the sample, the excess oxygen was 
pumped off and the sample allowed to cool. The 
increase in weight of titanium was also measured 
to determine the amount of oxygen absorbed. Re- 
sults are shown in Table 1. For higher concentra- 
tions, the weight-increase method alone was relied 
on. After the oxidation, the material was heated in 
vacuum for periods ranging from a few hours at 
1100°C to 5 days at 1000°C until no outer oxide 
layer could be seen. All oxidized samples were 
furnace cooled from the temperature of homogeni- 
zation. 

In another series, alloys up to 25.0 pct O (50.0 
at. pct) were prepared in a tungsten-arc furnace 
in an atmosphere of argon under reduced pressure. 
The charge consisted of Japanese sponge titanium 
and chips of previously melted C. P. TiO, powder. 
The manufacturer of the sponge titanium gave the 
following analysis in wt pct: H,O, 0.006 pct; C, 
0.014 pct; H, 0.002 pct; N, 0.008 pet; Cl, 0.08 pct; 
Fe, 0.07 pct; Mg, 0.026 pct; Mn, 0.004 pct; Ti, 
99.5 pet. By the previous melting of TiO;, the 
spalling loss was minimized and there was reason- 
able correlation between the nominal oxygen con- 
centration and the analyzed titanium concentration. 
As shown in Table II, the sum of the two varies 
from 99.2 to 100.4 pct. In view of the limits of ac- 
curacy of chemical analysis and the uncertainty of 


Table 1. Comparisons between the Two Methods of Determining 
Oxygen Absorption 


Oxygen determined from decrease 
of pressure, wt pct 25 25.07 


Oxygen determined from increase 
in weight, wt pct 0567550576" 1.08 3:00) 5.13 


correcting other impurities, the nominal oxygen 
concentrations are used. It is estimated that the 
composition should not be in error by more than 
+0.5 wt pet. All cast samples were homogenized 
at 850°C for 1 week and quenched in running water 
near room temperature. 

The magnetic susceptibilities were measured by 
the Faraday method® at 25 +2°C. Specimens of the 
titanium-oxygen alloys ranged in mass from about 
0.12 g to 0.4 g, and forces were determined by an 
Ainsworth FHM type microbalance mounted appro- 
priately over the electromagnet. Oil damping was 
used on the balance, reducing the initial sensitivity 
of 2 yg to a value of 10 yg per division; this sen- 
sitivity was adequate for the accuracy required 
here. 

Specimens were cemented to a fine quartz sus- 
pension, and adjusted appropriately in relation to 
the magnetic field by raising or lowering the bal- 
ance. No provision was made for evacuating the 
balance system, but an arrangement of glass tubing 
around the specimen protected it from external 
disturbances. The small necessary corrections 
were applied for magnetic effects due to the quartz 
suspension and due to the air surrounding the 
specimen. 

The electromagnet was energized from storage 
batteries, and hand regulation of the magnet cur- 
rent to closely reproducible meter settings was 
used to control the field. All force determinations 
and field calibrations were carried out at these 
same settings. Maximum fields available, at the 
specimen position, were about 7000 oersteds. To 
obtain a reasonable volume having a uniform value 
of H(dH/dy), special pole pieces were made’ and 
fitted to the magnet. With these pole-pieces values 
of H(dH/dy) reading 11.2 x 10° cgs. units were at- 
tainable. The method of calibration of the field and 
field gradient in the present work has been de- 
scribed before.* 

In the measurements on titanium-oxygen alloys, 
random errors in force determinations appear to 
account for the major part of the inaccuracy. Du- 
plicate measurements from equivalent samples 
could be reproduced to within 0.2 pct and it is 
estimated that the absolute values deduced for 
susceptibilities should not be in error by more 
than 1 pet. These values were in all cases the ex- 
trapolated values, obtained from the plot of appa- 
rent susceptibility against 1/H by Owen-Honda 


Table Il. Chemical Analysis of As-Cast Titanium-Oxygen Alloys 


Nominal Wt Analyzed Wt 
Pct of Oxygen Pct of Titanium 
5.0 94.6 
10.0 89.3 
11.0 89.1 
12.0 88.4 
13.0 86.2 
14.0 85.4 
15.0 84.7 
16.0 84.0 
17.0 83.0 
19.0 80.6 
20.0 
22.0 77.9 
24.0 76.4 
25.0 74.6 
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Fig. 1—A typical Owen-Honda plot for the correction of 
ferromagnetic impurity. 


method.° A typical curve is shown in Fig. 1.- The 
slope of Fig. 1 corresponds to an impurity content, 
assumed to be ferromagnetic iron, of about 3 ppm 
by weight. 


RESULTS AND DISCUSSION 


_ The mass susceptibility of titanium-oxygen alloys 


against weight percent is plotted in Fig. 2. Ehrlich’s 


results at 20°C and the two versions of the partial 
Ti-O phase diagram are also shown. 

The abrupt change of slope of a susceptibility- 
concentration curve is, in general, attributed to the 
presence of a second phase. Thus we may interpret 
that the solubility limit of oxygen in a titanium at 
850°C is 12.5 + 0.5 pet (29.0 to 30.9 at. pct). 

X-ray and metallographic methods the American 
workers? placed | it at 14.5 pct (33.7 at. pct), and the 
British workers’ placed it at 12.2 pct (29.4 at. pct). 

Also, our results indicate that the lower limit of 
homogenization range of TiO phase at 850°C is 
24 + 0.5 pet (47.9 to 49.3 at. pct). This is in com- 
parison with 23.6 pct (48.1 at. pct) by the American 
workers or with 24.2 pct (48.9 at. pct) by the British 
workers. Although the experimental error in com- 
position is such that the decrease in susceptibility 
beyond 19 pct O could be regarded as a smoothly 
progressive one, we have preferred to draw a sharp 
break at 24 pct for the following reason: Cast sam- 
ples of 12 to 25 pct O were homogenized at 1000°C 
for 8 hr and followed by slow cooling in the furnace. 
Magnetic susceptibilities at room temperature were 
determined. Compared with the susceptibility of the 
850°C quenched samples, annealed samples of 12 pct, 
24 pet, and 25 pct had the same value, but there was 
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an increase of about 8 pct for all the other samples. 
Thus the a/a+ TiO boundary is shifted to higher 
and the a + TiO/TiO boundary to lower oxygen con- 
tent, which is consistent with the narrowing of the 
width of a + TiO field above 900°C. 

It is reasonable to assume that the maximum at 
19 + 0.5 pct (40.5 to 42.1 at. pet) alloy is associated 
with the formation of a compound. Both the Ameri- 
can and the British workers found that a 6 phase 
was formed by a peritectoid reaction between a and 
TiO below 900°C. However, no typical peritectoid 
microstructures were observed and this constituent 
was observed with certainty by X-ray examination 
only in alloy containing about 19 pct O. Further- 
more, even after prolonged annealing at 800°C, only 
a small quantity of the 5 phase was found in 15 pct 
(35 at. pct) alloy and the maximum amount found in 


19 and 20 pct alloy (41 and 43 at. pet) was about 
20 pct. It appears that the peritectoid reaction is 
limited and sluggish. Thus the maximum in the 
susceptibility-concentration curve is distinct but 
not sharp. 
In conclusion, the measurement of the alloys of 
the partial Ti-O system confirms the limit solu- 
bility of oxygen in @ titanium at 850°C and the pres- 
ence of the 6 phase. 
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Effect of Neutron Irradiation on the Martensite 


Transformation in Iron-Nickel Alloys 


The effect of neutron irradiation on martensite transforma- 
tion in the iron-nickel system was studied by means of electrical 
resistance and magnetic induction measurements. Irradiation 
lowers the M, temperature of the alloy, causes changes in the 
electrical and magnetic properties of the high-temperature phase 
which indicate either an acceleration of phase separation or a 


clustering of nickel, and enhances strain vecovery on specimens 


L. F. Porter 


partially transformed to martensite prior to irradiation. Possible 


mechanisms to account for the effects are discussed. 


Tuere is a good deal of evidence to indicate that 
neutron irradiation is capable of affecting phase 
changes in metals and alloys. While the mechanism 
of the effect often is not well understood, such 
studies hold promise of improving our understanding 
not only of irradiation damage but also of the phase 
changes involved. To date systematic and detailed 
investigations have been made of the influence of nu- 
clear radiation on order-disorder transformations 
in the copper-gold, nickel-manganese, and copper- 
zinc system, and on precipitation reactions in the 
copper-iron, nickel-beryllium, and copper-beryllium 
system.’ These solid-state reactions are diffusion 
controlled and the results can be explained largely 
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on the basis of enhanced diffusion due to the pres- 
ence of irradiation produced vacancies. Reversion 
of low-temperature eutectoid phases to the high- 
temperature phase has been observed in the fission- 
able uranium-molybdenum and uranium-niobium 
systems.” Here it is necessary and logical to pos- 
tulate a displacement spike mechanism to account 
for the effect. The only case of irradiation induced 
diffusionless transformation in metals is the allo- 
tropic transformation of 8 to @ tin reported by Flee- 
man and Dienes.° They found that neutron irradia- 
tion markedly decreases the incubation time for 
transformation, but the mechanism is not well under- 
stood. 

Another diffusionless transformation which one 
might expect to be influenced by neutron irradiation 
is the martensite transformation. This transforma- 
tion is known to be sensitive to strain, structural 
hardening, and the presence of imperfections. 
Since the transformation is diffusionless, one also 
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hopes that the interpretation of any observed irradi- 
ation effects will be simplified. Finally, since the 
martensite transformation is extremely important 
in the heat treatment of steels, information gained 
from irradiation studies may be of practical as well 
as fundamental importance. 

A number of factors must be considered for proper 
choice of a system in which to study the effect of 
irradiation on the martensite transformation. It is 
desirable that the alloy be easily produced in a homo- 
geneous and workable form and that it be composed 
of metals compatible with neutron irradiation condi- 
tions from the standpoint of capture cross section, 
radioactivity, and half life. It is also desirable that 
the transformation take place in such a temperature 
range that the sample may be handled with ease at _ 
room temperature and may be irradiated at pile am- 
bient temperatures, thus eliminating the need for 
special in-pile furnaces or cooling facilities. More- 
over, Since the results must be compared with the 
known unirradiated properties of the alloy, it is im- 
portant to choose a system which has been thor- 
oughly investigated and is reasonably well under- 
stood. 

_ Of the various possible systems, the binary iron- 
nickel system best fits the requirements. Fig. 1 is 
a reproduction of the iron-rich side of the binary 
phase diagram, with the variation with composition 
of the pertinent martensitic transformation temper- 
atures indicated as well as the equilibrium phases. 
The high-temperature y phase is a face-centered- 
cubic solid solution of iron and nickel. The low- 
nickel @ phase is body-centered cubic. Martensite, 
referred to as a', is also body-centered cubic but 
is metastable relative to a@ since it contains the 
same nickel content as the y from which it formed. 
Hansen* has published the latest iron-nickel equilib- 
rium diagram showing the Curie temperature of the 
@ and y phases as well as the FeNi; order-disorder 
reaction. The formation of the equilibrium structure 
is extremely sluggish. Hoselitz® estimates that it 
would take 40 years at 300°C for a to separate half- 
way to its equilibrium value. It will be noted that in 
the region of 27 pct Ni, the M, (martensite start) 
temperature is near room temperature while 7,, the 
temperature where AF Y*% =0, is around 200°C. 
Thus, irradiation at pile ambient temperatures in the 
neighborhood of 100°C will lie below J) in a temper- 
ature range most favorable for radiation-induced 
changes. 

Bilby and Christian® have recently published a de- 
tailed review of martensitic reactions in general, 
and Kaufman and Cohen’ have completed a thorough 
discussion of the thermodynamics and kinetics of the 
martensite transformation in the iron-nickel system. 
It is generally agreed that nucleation of martensite 
occurs at structural singularities. Kaufman and 
Cohen, expanding the suggestions of Knapp and Dehl- 
inger,° picture these singularities as more than 
merely nucleation sites. They assume that embryos 
of martensite are produced at high temperature by 
the interaction of certain pairs of edge-screw and 
edge-edge dislocations. The embryos are believed 
to be frozen in at temperatures well above T, so that 
a well-defined spectrum of embryo sizes is already 
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Fig. 1—Equilibrium diagram for the iron-nickel system 
with pertinent martensitic transformation temperatures 
indicated. The y phase is fec, thea phase bce, and a’ is 
bee martensite. After Kaufman and Cohen.” 


present when 7, is reached. Kaufman and Cohen 
further propose that in the range of temperature 
where thermodynamic conditions are favorable for 
transformation, there exists, for each temperature, 
a critical size for the embryos. At the M; temper- 
ature the largest of the frozen-in embryos become 
critical on cooling and expand, presumably by gen- 
erating new dislocation loops to enlarge the advanc- 
ing interface. The growth of the embryo is cata- 
clysmic, forming a full blown martensite plate 
whose growth is stopped by the presence of some 
physical barrier such as a grain boundary, another 
martensite plate, or imperfections in the parent lat- 
tice which jam the propagating mechanism. On 
further cooling, smaller and smaller embryos be- 
come critical and expand cataclysmically, which 
accounts for the predominantly athermal nature of 
the transformation. 

It is obvious from the brief description above that 
the martensite transformation is quite different 
from normal nucleation and growth processes. In- 
deed, it appears that we are not dealing with the 
problems of nucleation and growth at all, but, rather, 
with the conditions under which an existing embryo 
will propagate. 


EXPERIMENTAL PROCEDURE 


The iron-nickel alloy used for the bulk of the 
study was obtained from International Nickel Co. in 
the form of 0.055-in.-diam cold-drawn wire. Its 
composition in wt pct is as follows: 


Ni C Mn Si 
26-37 0.018" 70,19” 0.045 


In addition, confirming experiments were conducted 
using samples of iron-nickel alloy containing 28.9 


Fe 
Remainder 


VOLUME 215, OCTOBER 1959-855 


pet (28.0 at. pct) and 30.4 pct (29.3 at. pet) Ni pro- 
vided by Dr. L. Kaufman of Manufacturing Labora- 
tories. 

It will be noted that the International Nickel Co. 
alloy contains only 25.5 at. pct Ni. According to 
Fig. 1 this composition should have an M, tempera- 
ture of approximately 110°C. While the presence of 
other minor constituents lowers the M, temperature 
somewhat, a coarse-grained specimen still has an 
M, temperature in excess of room temperature. 
However, the transformation temperature is strongly 
dependent on grain size so that a preliminary heat 
treatment which results in a fine-grained y structure 
is capable of producing specimens which have repro- 
ducible M, temperatures below room temperature. 

While the M, temperature in any one group of 
specimens heat treated together is extremely con- 
sistent (within 1.5°C), slight variation in alloy 
composition along the length of the bulk wire re- 
sulted im a gradual change in M, temperature from 
15° to 2°C for different groups of specimens. 

Thus, during the course of the experiments one 
group of specimens differed slightly from a later 
group in its starting M, temperature. 

The preliminary heat treatment of the 25.5 at. pct 
Ni specimens consisted of a 3 hr homogenization at 
1000°C followed by a water quench to 25°C anda 
further cooling to liquid-nitrogen temperatures to 
transform the alloy as completely as possible to 
martensite. After the homogenization and transfor- 
mation, the specimens were reheated to 600°C for 
20 min and water quenched to 25°C to produce the 
fine-grained y structure. All heat treatments were 
conducted with the specimens in evacuated vicor 
capsules. 

Determination of the M, temperature and of the 
course of transformation was made by taking simul- 
taneous measurements of electrical resistance and 
temperature while cooling at a constant rate of 
3/4°C per min. The resistance was measured on a 
Kelvin double bridge to a reproducibility of 5 x 107° 
ohms, while temperatures were measured using a 
chromel-alumel thermocouple and a type-K poten- 
tiometer. Fig. 2 shows the manner in which the re- 
sistance changes during continuous cooling of a 
specimen. It was found that as a result of transfor- 
mation to martensite the resistance of the specimen 
was more than halved, going from 0.066280 ohms to 
0.030530 ohms at 54°C. If one assumes that the de- 
crease in resistance is proportional to the volume 
percent transformed, the measurements are capable 
of seeing changes of one part in 7000 or less than 
0.02 pet transformation. 

In this alloy the martensite formed is ferromag- 
netic with a Curie temperature of about 500°C. The 
y phase is also ferromagnetic, but its Curie tem- 
perature is close to room temperature. Therefore 
the presence of martensite or other ferromagnetic 
phases can also be detected by measuring the mag- 
netic saturation induction of the specimen. In order 
to do this, a search coil connected to a ballistic 
galvanometer was mounted in the gap of an electro- 
magnet. The wire specimens were inserted into the 
search coil through a hole drilled in the pole piece 
and measurements of fluxmeter deflection were 
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made as the specimen was withdrawn from the coil. 

Only magnetic and resistivity measurements 
were used in this study because these measure- 
ments are most sensitive to the effects of interest. 
The radiation effects are believed to be too small to 
lend themselves readily to metallographic or X-ray 
techniques. 

Resistance and saturation induction specimens 
prepared in the untransformed condition as well as 
partially transformed by controlled cooling to pre- 
determined temperatures below the M, temperature, 
were irradiated in the Brookhaven National Labora- 
tory research reactor at pile ambient temperatures. 
The specimens were enclosed in evacuated quartz 
capsules and the irradiation temperature was moni- 
tored with two thermocouples in contact with the 
quartz capsule. Careful consideration of the pos- 
sible effect of ‘‘gamma’’ heating indicates that the 
actual specimen temperatures are within 10° Coot 
that recorded by the thermocouple. A set of control 
specimens received the same thermal history as 
the irradiated specimens. 


RESULTS 


The results can be divided into two groups, effects 


occurring during irradiation, and, changes in the 
progress of transformation subsequent to irradia- 
tion. The effects occurring during irradiation are 
observed by pre- and post-irradiation resistivity 
and magnetic measurements and the comparison of 
these results with those from control samples. Ad- 
ditional useful information is also obtained by per- 


tinent annealing treatments. Changes in the progress 


of transformation subsequent to irradiation are ob- 


served by measuring the resistance and temperature 


of irradiated and control specimens during slow 
cooling through the transformation range. Since the 
latter results are more Straightforward they will be 
presented first. 

Changes Subsequent to Irradiation— Fig. 2 shows 
the effect of various neutron fluxes on the M, tem- 
perature and progress of transformation subsequent 


to irradiation. The specimens were so prepared that 
they were completely in the y-phase condition before 


irradiation. One notes that a very low exposure 
(10° nvt epicadmium*) does not affect the transfor- 


*The total exposure to neutrons is given in units of neutrons per 
square centimeter having energies over ~ 0.4 ev, i.e., too high to be 
captured by cadmium (nvt epicadmium). The fast flux (> 1 mev) is 
approximately half the epicadmium flux. 


mation while at higher exposures (2.5 x 10?” and 
1,695 10" nvt) the M, temperature is lowered by 
6°C and 14.6°C, respectively. No change in the ki- 
netics of transformation is evident other than a 
shifting of the curves to lower temperature. 

If specimens are initially partially transformed 


to martensite, they show a stabilization effect on re- 


cooling whereby transformation does not begin again 
where it was halted, but is suppressed to somewhat 
lower temperatures. Even here, however, neutron 


irradiation inhibits transformation so that irradiated 
specimens begin to transform at lower temperatures 


than the control samples. Fig. 3 shows the results 
for specimens containing 50 pct martensite, irradi- 
ated to 10°, 10°’, and 1.6 x 10” nvt epicad- 
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mium. Fig. 4 is a summary of the results showing 
the effect on specimens containing 25 and 75 pct 
martensite as well. Note that the magnitude of the 
effect is the same for specimens which have been 
partially transformed to martensite as for untrans- 
formed specimens. 

It is well known that the elements carbon and nitro- 
gen have the ability to lower the M, temperature as a 
result of ‘‘thermal stabilization.’’ This is believed 
to be due to a process of structural hardening of the 
y phase whereby the carbon and nitrogen form Cot- 
trell atmospheres which pin dislocations. Thermal 
stabilization manifests itself in the present case by 
control samples exhibiting an M, temperature 2°C 
lower than a specimen which is transformed imme- 
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diately after the standard preparatory heat treat- 
ment. 

In order to eliminate any possibility that the irra- 
diation effect involved some interaction between the 
carbon in the alloy and the irradiation damage, 
carbon and nitrogen were removed from some of the 
specimens by treatment in moist hydrogen. After 
irradiation the M, temperature of the decarburized 
specimens was found to be lowered in the same man- 
ner as the untreated specimens. 

Irradiation was also found to lower the M, tem- 
perature of the 28.9 and 30.4 pct Ni alloys. Here it 
was observed that the grain size of the y phase is a 
factor in determining the extent to which irradiation 
lowers the M temperature. On specimens from 
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Fig. 4—Summary of the results on the effect of irradiation 
on martensite transformation on iron 25.5 at. pet Ni alloy. 


which the grain-refinement treatment was omitted, 
resulting in an average grain diameter of 0.1 mm, 
the M temperature was lowered 36°C below that of 
the control samples in an irradiation of 4.9 x 10°” nvt 
epicadmium. On specimens of the same alloy which 
had received the standard grain-refinement treat- 
ment. resulting in an average grain diameter of 
0.01 mm, the M, temperature was lowered only 8°C 
below the control:specimens. Fig. 5 shows the ef- 
fect for untransformed and 1/2 transformed speci- 
mens. 

Changes Occurring during Irradiation—Irradia- 
tions were conducted at three different exposure 
levels 2.5 x 10°’ nvt, 4.9 x 10°’ nvt, and 1.6 x 10% nvt 
epicadmium. In all cases irradiation was performed 
at pile ambient temperature. For the highest and 
lowest exposures this temperature averaged near 
80°C while at the intermediate exposure average 
temperatures of 107°C and 183°C were obtained in 
two different irradiations. Care was taken to see 
that control samples obtained the same thermal 
history as the irradiated samples. In all cases irra- 
diation produced changes in electrical resistance 
which were significantly different from the ther- 
mally activated changes occurring in the control 
samples. Untransformed specimens increased in 
resistance as a result of irradiation, while the un- 
transformed control specimens showed no change in 
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Fig. 5—The influence of grain size on the irradiation effect 
iniron-28.0 at. pct nickel alloy untransformed and 1/2 
transformed before irradiation. 


resistance. Partially transformed specimens de- 
creased in resistance, the decrease produced dur- 
ing irradiation being greater than the decrease ob- 
served for partially transformed control specimens. 
These changes are presented in Table las AR/R 
x 100 at 25°C, where R, is the resistance of the 
specimen in the untransformed, y-phase condition 
and AR is the difference between the pre- and post- 
irradiation measurements of resistance. 

The decrease in resistivity accompanying par- 
tially transformed control and irradiation samples 


Table 1. The Percentage Change in Resistivity (ze 100 after the Indicated Irradiations 


2.5 x 10”? Nvt Epicadmium 11 Day 
Irradiation Time 


4.9 x 10’ Nvt Epicadmium 11 Day 
Irradiation Time 


1.6 x 10° Nvt Epicadmium 42 Day 
Irradiation Time 


82°C Irradiation Temp. 


183°C Irradiation Temp. 


80°C Irradiation Temp. 


Control Irradiated 


Control 


Irradiated Control Irradiated 
untransformed 0 + 0.13 pct untransformed 0 + 0.26 pet untransformed 0 + 0.30 pet 
Y%, transformed —0.15 pet — 0.14 pct Y% transformed — 0.20 pct —0.21 pct 
% transformed —0.22 pct — 0.33 pet % transformed — 0.31 pet — 0.45 pct ¥% transformed — 0.50 pet — 0.77 pet 
¥% transformed —0.29 pct — 0.45 pct %, transformed — 0.67 pct — 0.95 pct 


107°C Irradiation Temp. 


Control Irradiated 
untransformed 0 + 0.25 pet 
¥%, tfansformed — 0.55 pet —0.75 pet 
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Table Il. Magnetic Saturation Induction Measurements of Control and Irradiated Specimens 


Total Flux—4.5 x 10’ Nvt Epicadmium, Irradiation Temp. 183°C 


Control Specimens Irradiated Specimens 


Original Condition Fluxmeter Deflection Mm Original Condition Fluxmeter Deflection Mm 
Pre Post A Pre Post A 

untransformed 7.0 7.0 0 untransformed 7.0 11.8 4.8 

Y%, transformed 45.25 45.3 0 Y, transformed 44.0 49.0 5.0 

¥% transformed 106.5 106.3 0 ¥Y% transformed 120.5 125.0 4.5 

% transformed 232.0 232.0 0 ¥% transformed 226.5 230.0 3.5 

Total Flux—4.5 x 10*” Nvt Epicadmium, Irradiation Temp. 107°C 
Control Specimens Irradiated Specimens 
Original Condition Fluxmeter Deflection Mm Original Condition Fluxmeter Deflection Mm 
Pre Post A Pre Post A 

untransformed 7.0 7.0 0 untransformed 7.0 12.0 5.0 

¥% transformed 238.0 % transformed 236.0 239.5 
might, at first glance, be thought to be associated ner also shows that the decrease in resistivity is 
with additional isothermal transformation to mar- not associated with additional transformation. 
tensite. However, magnetic saturation induction Rather, it appears to be associated with the recov- 
measurements made before and after irradiation ery of deformation produced by the transformation. 
show that this is not the case. Although the resis- The results of electric resistance measurements, 
tivity decreased for both sets of samples, Table I, made after each step of the anneal are shown in 
the magnetic induction of the control samples re- Fig. 6. There appear to be two periods of rapid re- 
mained unchanged while that of irradiated speci- covery, one around 90°C and the other around 275°C. 
mens increased as a result of the irradiation, the It is interesting to note that nickel, cold worked at 


increase being greater for untransformed specimens 


TEMPERATURE IN DEGREES CENTIGRADE 
than for partially transformed specimens. Typical 


200 300 400 500 
results, expressed in millimeters of fluxmeter de- +300 T T T i 
flection are shown in Table II. The magnetic meas- SPECIMEN PREPARED WITH A SMALL 
urements were made at 25°C. The small amount of +200| AMOUNT OF MARTENSITE PRESENT 


magnetic induction observed in the pre-irradiation 
untransformed specimens is due to the y phase 
which at this composition has a Curie temperature 
slightly above room temperature. 

A series of step anneals performed on another 
group of specimens prepared in the standard man- 
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Fig. 6—Thermal annealing of the increase in electrical induction during step annealing of specimens (2) contain- 

resistivity due to plastic strain produced by partial trans- ing a small amount of martensite, (b) irradiated, (c) 


formation to martensite. annealed to produce small amounts of phase separation. 
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room temperature, also shows recovery stages at 
100° and 275°C.° The increase in resistance after 
the 350°C anneal is believed to be due to the begin- 
ning of the reversion of martensite to y phase, 
although so little y has formed that no change was 
observed in the less sensitive magnetic induction 
measurements. 

The nature of the irradiation induced increase in 
magnetic induction still remains to be explained. It 
could be due to the formation of additional marten- 
site during irradiation or to the separation of a 
more stable ferromagnetic phase from the meta- 
stable 

Another set of step anneals was performed in 
order to obtain more information about the nature 
of these effects. In this case an irradiated untrans- 
formed specimen was compared with a prepared 
specimen containing a small amount of martensite 
and with a specimen held at 400°C for 5 1/2 days in 
an attempt to cause some precipitation of @ from y. 
Both of the comparison treatments should result in 
an increase in magnetic induction and in changes in 
electrical resistance. If, for either of the treat- 
ments, the changes anneal out in the same manner 
as the irradiation-induced change, one can reason- 
ably assume that the sources of the changes are re- 
lated and thus the nature of the radiation-induced 
change can be determined. 

The results of the annealing program are shown 
in Fig. 7. It will be noted that the annealing of elec- 
trical resistance and magnetic induction for the 
irradiated specimen is markedly different from that 
of either of the comparison treatments. 


DISCUSSION 


Changes in M, Temperature as a Result of Irradi- 
tion— There seems to be little doubt that the lower- 
ing of the M, temperature is a true irradiation ef- 
fect. It appears to be independent of other forms of 
stabilization, being unchanged when partial transfor- 
mation has occurred prior to irradiation or when the 
alloy is decarburized to eliminate thermal stabiliza- 
tion by carbon and nitrogen. The radiation effect is 
also insensitive to the melting procedure or to rea- 
sonable changes in alloy composition. Results using 
the alloys prepared by Kaufman confirm the results 
obtained using the International Nickel Co. alloy. 
Further, Zakharov and Maksimova”’ report that they 
obtain a 5°C decrease in M, temperature after irra- 
diation of an iron-22.7 pct Ni-2.88 pct Mn alloy with 
approximately 10°’ nvt at 40°C. These results are 
in good agreement with the present ones. Zakharov 
and Maksimova also report obtaining an increase in 
M, temperature upon irradiating iron-carbon alloys. 
Possible explanations for this effect will be offered 
later. 

The lowering of the M, temperature is related to 
the exposure, the degree of change in M, increasing 
as the integrated neutron flux is increased. In addi- 
tion, the degree of change in M, temperature after 
irradiation is highly sensitive to the preparatory 
heat treatment of the alloy. A much larger decrease 
in M, temperature is observed after irradiation when 
the initial heat treatment is such as to produce a 
coarse-grained material than when a fine-grained 
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material is produced. 

It is interesting to speculate on the form of the 
radiation damage which is responsible for lowering 
the M, temperature. There seems to be little doubt 


that a good deal of the damage produced is being an- 


nealed during irradiation at 80°C. According to 
Wruck and Wert,” 85 pct of the resistivity change 
resulting from the deuteron bombardment of iron 
foils at <— 145°C anneals by the time room temper- 
ature is reached. Since point defects would be ex- 
pected to have the largest effect on resistivity, and 
would anneal most readily, it is likely that point de- 
fects are no longer present in the iron-nickel alloy 
after irradiation. 

If the efects move as they are formed, they may 
affect the M, temperature by moving to and pinning 


dislocations. Thompson and Holmes” explain a 20 
pet increase in elastic modulus of well-annealed 
copper single crystals after room temperature ex- 
posure to fast neutrons on the basis of dislocation 
pinning by the damage produced. An increase in 
modulus could conceivably lower the M, tempera- 
ture since the thermodynamic description of the 
martensite transformation involves a nonchemical 
restraining force which is dependent on the shear 
modulus, and which must be exceeded by the chem- 
ical driving force before the martensite embryo can 
expand. However, this explanation for the observed 
effect can be ruled out on several counts. Thompson 
and Holmes show that the change in modulus satu- 
rates after very low exposures, of the order of 

4x 10” nvt, while in the present investigation no 
effect is observed after exposure to 10” nvt. More- 
over, there are already more than enough impurity 
atoms in the alloy in the form of carbon, nitrogen, 
and so forth, to pin the dislocations. Finally, even 
when the dislocation density is increased by plastic 
deformation from partial transformation, and the 
carbon and nitrogen impurity is markedly reduced 
by wet hydrogen anneal, there is no change in the 
magnitude of the effect. 

It appears more likely that the radiation damage 
responsible for the lowering of the M, temperature 
is related to that which has been observed to in- 
crease the critical shear stress of metals. Since a 
martensite embryo, in order to grow, must form and 
expand dislocations ahead of it, one would expect 
that the M, temperature would depend on the strength 
of the matrix, i.e. the critical shear stress. 
Radiation-induced changes in critical shear stress 
occur after 50°C irradiation of copper, increase 
with increased exposure, and do not anneal out until 
recrystallization temperatures are reached. 
While it may be merely a coincidence, it appears 
significant that the relative increase in critical 
shear stress of copper with exposure is comparable 
to the relative change in M, temperature of the iron- 
nickel alloy with exposure. Jamison and Blewitt! 
obtained a 140 pct increase in critical shear stress 
when the exposure was raised from 2.5 x 102” to 
1.6 x 10” nvt. The same increase in exposure re- 
sults in a 140 pct change in the number of degrees 
centigrade by which the M, temperature is lowered 
in the present investigation. 

In one respect, the present effects differ from 
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those associated with critical shear stress. The ex- 
tent to which the M, temperature is lowered is not 
altered by the presence of plastic deformation as a 
result of prior partial transformation. Blewitt and 
Coltman,” on the other hand, have shown that after 
cold work the effect of irradiation on the critical 
shear stress is much smaller than for annealed 
samples. The amount of deformation produced by 
partial transformation may be too small to alter 
materially the irradiation effect. 

The effect of grain size shown in Fig. 5 is rather 
puzzling. If grain size is indeed a factor in deter- 
mining the extent to which a given exposure will 
lower the M, temperature, why doesn’t partial 
transformation reduce the radiation effect? Partial 
transformation decreases the effective grain size 
of the matrix by crossing the original grain with 
martensite plates and regions of slip. The important 
factor may be the thermal history rather than the 
grain size ‘“‘per se.’’ If the distribution of marten- 
site embryos which exist at the M, temperature are 
‘frozen in’’ at elevated temperatures as postulated 
by Kaufman and Cohen,’ cooling from a high tem- 
perature after holding for several hours would be 
expected to result in a different distribution of mar- 
tensite embryos than the short-time, lower-temper- 
ature, treatment used to produce the fine-grained 
matrix. Although the details of the mechanism are 
not clear, the embryos resulting from the high- 
temperature treatment may be more Sensitive to 
changes in the strength of the matrix, i.e. the radi- 
ation effect, than those produced by the grain- 
refinement treatment. To substantiate this notion it 
is noted that for the coarse-grained material the 
degree of stabilization as a result of partial trans- 
formation (~ 15°C) is also much greater than for the 
fine-grained material (~6°C). 

Changes during Irradiation— Magnetic and resis- 
tivity measurements made before and after irradia- 
tion show that in untransformed specimens irradia- 
tion causes an increase in resistivity and results in 
the formation of additional magnetic phase. When 
specimens are partially transformed to martensite 
before irradiation, the resistance of both the control 
and the irradiated specimens decreases, but the ex- 
tent of decrease of the irradiated specimen is 
greater than the unirradiated control. The partially 
transformed specimens also show the presence of 
additional magnetic phase after irradiation. The an- 
nealing studies on unirradiated specimens, Fig. 6, 
indicate that the decrease in resistivity noted after 

‘annealing partially transformed specimens is asso- 
ciated with recovery of strain introduced by the 
transformation. 

Resistivity changes on irradiation can originate 
from three sources: 1) recovery of strain, 2) addi- 
tional phase transformation, and 3) radiation dam- 
age. Strain recovery can only cause a decrease in 
resistance. Additional transformation to martensite 
should result in a decrease in resistance, but the 
formation of other decomposition products could 
conceivably cause either an increase or a decrease 
in resistivity. Radiation damage should result in an 
increase in resistance. Thus we are dealing with a 
rather complex situation in which it might be diffi- 
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cult to separate the various contributions to the re- 
sistivity changes observed. 

Fortunately the increase in resistance due to radi- 
ation damage can probably be disregarded. Wruck 
and Wert’ have made resistivity measurements on 
pure iron and nickel after irradiation in the Brook- 
haven reactor at 50°C to 1.2 x 108 nvt epicadmium. 
Measurements made at 77°C show an average 
change in resistivity due to radiation damage of 
0.0776 w& cm for iron and 0.018 wu cm for nickel. 
If we assume that the damage primarily affects the 
residual resistance and not the slope of the temper- 
ature dependent part of the resistance, these results 
would indicate that the room temperature AR/R, 
change in the resistance due to radiation damage of 
the present samples, whose specific resistivity is 
approximately 84 u& cm would be between 0.02 to 
0.09 pet at 1.2 x 10” nvt or between 0.005 pct to 
0.02 pet for 4.5 x 10° nvt assuming the change is 
proportional to exposure. The latter figures are 
about equal to the reproducibility of the measure- 
ments made in the present case. On this basis as 
well as on the basis of the annealing behavior 
shown in Fig. 7, it would appear that the increase in 
resistance, noted after irradiation of untransformed 
specimens is entirely associated with the ferromag- 
netic phase produced during irradiation. 

One might expect that irradiation would activate 
the largest martensite embryos causing them to 
form full-blown martensite plates. But it is known 
that such plates cause a reduction in resistance. 
One might speculate that the irradiation causes very 
small regions to transform to martensite and that 
their small size results in a scattering of electrons 
causing a net increase in resistance. However, on 
annealing, the smallest martensite plates revert to 
the high-temperature phase first. Fig. 6 shows evi- 
dence of some martensite reverting to y with a re- 
sulting increase in resistance at temperatures bet- 
ween 300° and 350°C. This is below the temperature 
at which the irradiation-produced ferromagnetic 
phase begins to revert and therefore it is probably 
not martensite. 

If the irradiation-produced change in magnetic in- 
duction and resistance in untransformed specimens 
is not due to the formation of martensite, it is most 
likely due to radiation-accelerated diffusion which 
has promoted the separation of equilibrium phases 
from the supersaturated y. While the equilibrium 
structure at low temperature can only be inferred 
from the present phase diagram it would appear that 
the ordered FeNi, phase should be in equilibrium 
with a@ below 300°C, and that the phase boundary 
between the ordered phase and the two-phase region 
might be as low as 55 pct Ni. Both @ and the ordered 
FeNi,; phase have a much lower bulk resistivity than 
the original supersaturated y. In spite of this, in- 
creased resistivity can occur during precipitation 
from solid solution either as a result of local 
strains near coherent precipitate or because of elec- 
tron scattering from very small precipitate particles 
(~ 50A). In the iron-nickel system examination of the 
variations in lattice parameter of y with nickel con- 
tent leads one to believe that coherency strains 
would be too small to produce the observed increase 
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in resistivity. Therefore, if the radiation effect is 
due either to the precipitation of a or to the forma- 
tion of ordered FeNi, phase or both, the increase in 
resistivity must be associated with electron scatter- 
ing from small particles. 

There is one other possibility which is worth con- 
sidering. As the nickel content of the y is increased, 
a sharp maximum in resistivity is observed at 35 
pet Ni. Early investigators *® ” of this alloy system 
attempted to associate the maximum with an inter- 
metallic having the composition Fe,Ni. However lack 
of more direct supporting evidence, plus the confu- 
sion involving the formation of martensite at some- 
what lower nickel contents, led iater investigators 
to conclude that no such intermetallic existed. More 
recently Owen and Liu® suggest, on the basis of 
anomalies in the lattice parameter of y, that differ- 
ences in the solubility limit of y at 400°C as deter- 
mined by magnetic methods as opposed to X-ray 
structure spectra methods could be explained by the 
existence of a well defined metastable state at ~35 
pet Ni. Thus, there may be a tendency for this com- 
position to be more stable, and as a result of the 
radiation-enhanced diffusion, nickel-rich clusters 
containing 35 pct Ni may form at the irradiation 
temperature. Such clusters would not only have a 
higher bulk resistivity than the original y, but also 
would show increased magnetic induction because 
the Curie temperature would be about 300°C. Un- 
fortunately, with the present data it is impossible 
to tell which of the possibilities discussed above is 
most likely. The latter possibility could be con- 
firmed by examining the effect of neutron irradiation 
on alloys containing 35 pct Ni along with others of 
lower and higher nickel content. 

On referring to Tables I and II, one sees that the 
change in resistivity and magnetic induction of un- 
transformed irradiated specimens is independent of 
the irradiation temperature. This is in agreement 
with the theory of radiation-enhanced diffusion as 
presented by Dienes and Damask ’’ for the case 
where radiation-induced defects finally disappear at 
internal surfaces. : 

A radiation-induced precipitation process similar 
to that proposed above could result in an increase 
in the M, temperature of iron-carbon alloys as has 
been observed by Zakharov and Maksimova.’° If en- 
hanced diffusion during irradiation promotes the 
formation of epsilon carbide or Fe,C, the M, tem- 
perature of the alloy would most certainly be raised 
because of the extreme sensitivity of M, tempera- 
ture to the presence of carbide in such alloys. 

Reasons for believing that the drop in resistivity 
observed in partially transformed control and irra- 
diated specimens is due to the recovery of plastic 
deformation were enumerated earlier. Obviously 
the decreases in resistivity reported in Table I for 
irradiated specimens must be corrected by sub- 
tracting out the increase in resistivity associated 
with phase separation. Based on the magnetic in- 
duction results of Table II a straightforward sub- 
traction is probably justified for the 1/4 trans- 
formed specimens but not for specimens containing 
larger amounts of transformation. Regardless of 
the correct magnitude of the correction, it would 
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tend to increase the difference between the irradi- 
ated and control specimens in all cases. 

In view of the uncertainties in making the correc- 
tion, a fair statement appears to be that irradiation 
has about doubled the recovery of resistance ob- 
tained by thermal activation alone. This is equiva- 
lent to more than 100°C increase in the annealing 
temperature. There is a tendency for the ratio to 
be lower in specimens 3/4 transformed or more. 
The ratio does not appear to be influenced by expo- 
sure, being the same after 1.6 x 10” nvt epicadmium 
as after 2.5 x 10°" nvt epicadmium. 

The mechanism of strain relief during irradiation 
is not known. It is possible, for example, that the 
vacancies and interstitials produced by radiation 
migrate to areas damaged by plastic deformation 
and enhance the annealing of the damage introduced 
by the plastic deformation. Meechan”® has found that 
cold-worked copper can be annealed by electron 
irradiation in the 100° to 150°C temperature range, 
and interpreted his experiments in terms of the mi- 
gration of primary defects. Such radiation enhanced 
annealing is a far cry from the recrystallization in 
situ of annealed copper and nickel reported by Kono- 
beevsky, Pravdyuk, and Kutaisev.** However, it 
does show that radiation-induced strain recovery 
can occur. This sort of recovery apparently does 
not, and need not, influence the mechanical proper- 
ties of the plastically deformed material or the ra- 
diation induced increase in the critical shear stress. 
It is primarily associated with simple defects which 
have a large effect on electrical resistance but a 
small effect on mechanical properties. 


CONC LUSIONS 


The formation of martensite in iron-nickel alloys 
is retarded by neutron irradiation. The degree of 
retardation increases with exposure and is more 
severe when the alloy is treated to produce a 
coarse-grained matrix structure. The effect is 
thought to be associated with an increase in the 
critical shear stress of the matrix material as a 
result of the radiation damage remaining after ex- 
posure. 

During irradiation changes occur in electrical re- 
sistivity and magnetic saturation induction which 
are ascribed to the separation of phases or the for- 
mation of nickel-rich clusters as a result of radia- 
tion enhanced diffusion. 

In specimens partially transformed to martensite 
before irradiation, recovery of plastic deformation 
produced by the prior transformation is observed 
in both the control and the irradiated specimens. 
The extent of such recovery in the presence of the 
radiation field is about double that observed ther- 
mally in the control specimens. The radiation en- 
hanced strain recovery is believed to be due to the 
annealing of shallowly trapped damage by enhanced 
diffusion and by the mutual annihilation of point de- 
fects produced by the deformation and the irradia- 
tion. 
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The Effect of Vibrations on Ordering in CuAu 


Experiments were performed to determine the effects of 
mechanical vibrations on ordering in CuAu. The effects of 


5, 10, and 15 kc vibrations were investigated over a range of 
ordering temperatures of 280° to 360°C. A decrease in the rate 


H.C. Burghard, Jr. 


of ordering was observed at all frequencies and ordering tem- 


peratures. 


Tre effects of mechanical vibrations on certain 
solid-state reactions have been noted by several 
investigators. In 1930, Mahoux’ reported a sub- 
stantial increase in the case depth of a steel sample 
nitrided under the influence of mechanical vibra- 
tions over that of an unvibrated sample. Similarly, 
an accelerating effect of vibrations on the diffusion 
of chromium in steel was noted. Guillet,” in the 
same year, confirmed the results of Mahoux. More 
recently Schenck and Schmidtmann’® studied the ef- 
fects of low-frequency, alternating loads on the dif- 
fusion of carbon in steel. The results of their ex- 
periments, conducted at 500 cycles per min and 
large strain, (0.2 pct), indicated an acceleration of 
the process. These workers also reported an in- 
crease in case depth of a sample vibrated at 430 kc 
during a carburizing treatment. Effects of high- 
frequency vibrations on solid-state reactions have 
also been investigated by Gudzoff and Gavze° and 
Fairbanks and Dewez.’ The former reported an 
acceleration of the age-hardening process in alumi- 
num alloys. The latter noted changes in the struc- 
ture and mechanical properties of steel annealed 
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under the influence of vibrations. On the other hand, 
Altenburg’ and Ehringer” have given some theoretical 
reasons and experimental evidence as to the im- 
probability of any effect of vibrations on diffusion. 
Comprehensive surveys of the effects of vibrations 
on metallurgical reactions are given by Hiedemann® 
and Bergmann. ° 

None of the above investigations led to a physical 
description of the effects of mechanical vibrations 
on solid-state reactions. In the present study an 
attempt was made to gain an understanding of the 
influence of vibrations on nucleation and diffusion. 
The order-disorder transformation was chosen for 
investigation since its mechanism has been exten- 
sively discussed in the literature. Moreover, the 
progress of the transformation may be easily fol- 
lowed by observation of electrical resistance changes. 


EXPERIMENTAL PROCEDURE 


The specimens used for the experimental observa- 
tion of ordering rates were prepared from 50 at. pct 
Cu- Au alloy wire.* Each specimen consisted of a 


*Obtained from Handy and Harman, Inc., Chicago, Ill. 


0.02-in. diam wire approximately 10 in. long to which 
two copper potential leads were silver soldered, 

2 1/2 in. apart, near one end of the wire. A 1/8-in. 
diam by 1/4-in.’ long steel stub was silver soldered 
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Fig. 1—Transducer detail. 


to the opposite end to facilitate attachment to the 
vibration transducer. 

A fixture was constructed to support the trans- 
ducer and the specimen. The fixture included a suit- 
able support for the lower end of the specimen and 
the potential and current connections necessary for 
measuring the electrical resistance of the test sec- 
tion. 

The vibration transducer, Fig. 1, consisted of a 1 
in. by 1 in. by 4-1/4 in. laminated nickel core wound 
with approximately 200 turns of 20 gage copper wire. 
A brass exponential stub, designed according to 
Neppiras’° with a velocity ratio of 7:1, was bonded to 
the lower end of the transducer core. The transducer 
was driven by a wide-range oscillator (Hewlett- 
Packard 200CD) and a 200-w high-fidelity amplifier 
(McIntosh MI-200B) connected in series with suitable 
capacitors. A D-C bias voltage was applied across 
the transducer coil to avoid reversal of the magnetic 
field within the transducer core. 

To provide a means of measuring the vibrational 
amplitude in the test section of the specimen, a 
phonograph crystal pickup (Sonotone No. 3P-IS) was 
mounted in such a manner as to allow the needle to 
be advanced against the wire specimen. The voltage 
output of the crystal pickup was fed to an oscillo- 
scope through a preamplifier. The cartridge was 
calibrated at frequencies from 2 kc to 20 kc by the 
use of a test recording. The voltage output of the 
cartridge was measured, by means of an oscillo- 
scope, on each frequency band of the test recording. 
The observed voltage output was compared to the 
amplitude of the record grooves, as measured on 
a stage microscope. The output was independent of 
frequency up to 20 kc and varied linearly with the 
amplitude of the vibration. 
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The wire specimens were disordered prior to each 


experiment by heating to a temperature of 525° + 256, 


for a period of 30 min in a vertical tube furnace. The 


specimens were then dropped directly from the 


furnace into a brine bath maintained at —5°C. Helium 


gas was bled into the furnace during the disordering 
treatment to minimize oxidation. Following the dis- 
ordering treatment the specimens were stored in 
liquid nitrogen. 

The disordered specimens were mounted in the 
fixture by attaching the upper end to the exponential 
stub by means of a threaded collar. The lower end 
was clamped in its support. The specimens were 
then annealed by submerging the test section in a 
salt bath maintained at the desired temperature, 

+ 3°C. The electrical resistance of the test section 
was measured periodically during ordering to ob- 
serve the rate of change of resistance with time. All 
resistance measurements were made at liquid- 
nitrogen temperature using a Rubicon #1620 Kelvin 
Bridge. The resistance measurements were made 
with a maximum tolerance of + 5 X 10°’ ohms. 

Observations of the rate of change of resistance 
were made with and without vibrations at 280, 310, 
335, and 360°C. The frequency of the applied vibra- 
tion was varied from 5 to 15 kc, and the amplitude, 
as measured at the center of the test section, was 
held constant at 0.21 4 during all runs. 


RESULTS AND DISCUSSIONS 


The degree of long-range order of an AB-type 
alloy is measured by the Bragg- Williams param- 
eter S = (2v-1), where ¢ is the fraction of atoms 
occupying correct sites. This order parameter may 
be related to the electrical resistivity, of the alloy 
by, 


[1] 


as given by Dienes’’”"* and Muto,” when p, and p, 
are the resistivities of a completely disordered and 
completely ordered alloy, respectively. The order- 
ing process in CuAu, as shown by Dienes, is a con- 
tinuous process characterized by a single activation 
energy. Dienes found that the rate of ordering is 
proportional to the third power of the difference 
between the fraction of ordered atoms at a given 
time, 7, and the fraction of ordered atoms at equi- 
librium, 7: 


dr 

Rewriting Eq. [2] in terms of S results in: 

3 

di = Ks (Se S) [3] 


Seo is the equilibrium order parameter for a given 
temperature. Integration of Eq. [3], between the 
limits of 0 and ft, yields: 

1 
(So - S)° (Sx S;) 


where S; is the order parameter at ¢t =0. 


3 = 2 [4] 
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Table I. Values of Order Parameter at Equilibrium 


Temperature, °C Sco 
280 0.948 
310 0.942 
335 0.937 
360 0.932 


The experimental results for ordering without 
vibrations are plotted according to Eq. [4], in Figs. 
2 and 3, using values of S. given in Table I. 

The S. values for 280° and 310°C were obtained 


from resistance measurements made after an order-— 


ing period of 100 hr, using values of 12.34 and 1.65 
ohm-cm* for py and p,, respectively. The values 
*These values were obtaihed by extrapolation of the values of 


Johansson and Linde“ to liquid-nitrogen temperature. The first value 
is corraborated by the experiments of Meechan and Dixon.'® 


for 335° and 360°C were obtained by extrapolation. 
Deviation from Eq. [4] may be expected to occur at 
the higher temperatures after long ordering times 
due to the formation of an orthorhombic ordered 
-structure and twins as noted by Kuczynski, Hockman, 
and Doyama.** The curves of Figs. 2 and 3 do not 
extend to the portion of the ordering reaction during 
which these phenomena become significant. The 
values of K, as determined from Figs. 2 and 3 are 
given in Table II: 

For a process exhibiting a single heat of activa- 
tion, Q, the rate constant K; should satisfy the 
equation, 


K, = K,e~Q/RT [5] 
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Fig. 3—Change in order vs time for ordering in CuAu. 
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where Kk, is a temperature-independent constant, 

R the universal gas constant, and T the absolute 
temperature. A heat of activation, Q = 35,400 cal 
per mole, was determined from Fig. 4. This value 
of Q@ is higher than that determined by Dienes 

(Q = 28,600 cal per mole) but in very good agreement 
with that observed by Borelius, Larsson, and 
Selberg’” (Q = 36,000 cal per mole). 

Vibrations were found to decrease the rate of or- 
dering at all frequencies and temperatures investi- 
gated. The curves of Fig. 5 are typical of each of 
the temperatures investigated. At any degree of or- 
der the slope of the curves for the vibrated speci- 
mens is clearly less than that for the unvibrated one. 
The application of vibration during ordering did not 
produce any detectable structural changes. X-Ray 
diffraction patterns of two specimens annealed to the 
same degree of order, one with and one without vi- 
bration, were identical in line spacing, intensity, and 
intensity distribution. 

A comparison of the rate of ordering with and 
without vibrations at 280°C is given in Fig. 6. Analo- 
gous curves were obtained at all ordering tempera- 
tures investigated. This comparison reveals that the 
kinetics of the ordering process under the influence 
of vibrations are no longer described by Eq. [3]. 
This equation must be modified to 


Table Il. Rate Constants for Ordering in CuAu 


Rate Constant 


Temperature, °C (min *) 


280 0.188 
310 0.76 

335 1.93 

360 11.0 
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Fig. 4—Rate constant vs 1/T for ordering in CuAu. 


yw is dimensionless and is a function of the ordering 
temperature, order parameter, and the vibrational 

conditions. A plot of log (dS/dt) vs log (So —S) re- 
vealed that the cubic exponent in Eq. [3] was not af- 
fected by the mechanical vibrations. 

The magnitude of w as a function of ordering tem- 
perature, at various degrees of order, tended to ex- 
hibit a maximum between 310° and 335°C, Fig. 7. 
This pointed to a minimum retardation of the order- 
ing process in that temperature range (see Appen- 
dix). This range coincides with the ‘‘nose’’ of the 
TTT ordering diagram for CuAu determined by 
Kuczynski, e¢ al.** The experimental results show a 
dependence of the magnitude of the retarding effect 
on the frequency of the applied vibrations. It can be 
shown (see Appendix) that this is due to the varia- 
tion in strain in the test section of the specimen 
vibrated at different frequencies in the manner of 
the experiments. 

In searching for an explanation of the retarding 
effect one is reminded of the destruction of order by 
plastic deformation. In this investigation cyclic 
stresses were far too low to produce plastic flow. 

In addition, experiments showed that vibration ap- 
plied after the material had reached a certain degree 
of order did not alter this degree of order and 
merely slowed down the ordering rate. One may 
therefore conclude that vibrations interacted with the 
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Fig. 5—Order parameter vs time for ordering in CuAu 
at 280° C with and without vibration. 


nucleation or growth of domains rather than with the 
stable domains themselves. Since the disorder-order 
reaction involves diffusion, one might speculate that 
diffusion rates are reduced by the vibration. Yet, all 
other experiments in the literature’ * seem to indi- 
cate that diffusion rates, if affected at all, are in- 
creased by mechanical vibration. It appears then that 
the described retarding effect is characteristic of 
disorder-order transformations, and possibly limited 
to those in CuAu. 

It is tempting to postulate a mechanism by which 
moving dislocations interfere with the growth of 
ordered regions. The movement of a single dislo- 
cation through an ordered domain creates an anti- 
phase boundary, provided the Burgers vector of 
the dislocation lies outside the basal plane of the 
CuAu tetragonal unit cell. Thus, if an ordered do- 
main growing in a given direction encounters an 
oscillating dislocation, the domain would be divided 
into two parts during the first half of the oscillation 
period. If its rate of growth is smail compared to 
the frequency of oscillation of the dislocation, the 
portion separated from the domain would be less © 
than the critical size of a nucleus and would tend to 
revert to a disordered state. During the second half 
of the oscillation cycle, the dislocation would heal the 
severance of the subcritical nucleus. This would 
cause a momentary tendency towards further growth 
of the ordered domain. The dislocation, by its re- 
peated disordering and ordering action, would act 
as a limit to the growth of the domain. Mechanical 
vibrations provide the oscillatory movement of the 
dislocation, thus limiting the growth of ordered 
regions in three dimensions and causing a decrease 
in the rate of ordering. Such a delaying mechanism 
would be expected to be most pronounced in the 
temperature range of low nucleation rate. These 
deductions are consistent with the observed results. 
Yet, the energy required for the creation of an 
antiphase boundary in a perfectly ordered domain 
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Fig. 6—dS/dt vs (Sw—S)? for ordering in CuAu at 280°C 
with and without vibration. 


would demand stresses well in excess of those ap- 
plied in these experiments.” 


SUMMARY 


The investigation led to the following conclusions: 
1) The rate of ordering in CuAu is retarded by 
mechanical vibrations in the frequency range of 5 to 

15 ke at all temperatures. 

2) The retarding effect is the least pronounced at 
a temperature corresponding to the highest nuclea- 
tion rate. 

3) The magnitude of the retarding effect is de- 
pendent on strain amplitude, increasing with an in- 
crease in strain amplitude. 

4) The vibrations did not change the degree of 
order at any time. Only the rate at which ordering 
occurred was affected. 
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APPENDIX 


The maximum strain occurring at any point in a 
vibrating system such as was used in the experi- 
ments, disregarding damping, is given by 


du wx w Wx 
(sin — + cot — cos a1 [7] 


ax 


where w is the angular frequency, uw the displace- 
ment of a particle located a distance x from the 


point of application of the forcing vibration, / the total 


length of the wire specimen, c the velocity of sound, 
and A the amplitude of the forcing vibration. Since 
the experiments were conducted with the displace- 
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Fig. 7—Variation in WY with temperature. 


ment at a given point of the specimen held constant, 
the strain in the test section was a function of the 
frequency of vibration and the sonic velocity. The 
variation in strain over the length of the test section, 
as given by Eq. [7] for a frequency of approximately 
15.0 kc and a specimen length of 10 in., Fig. 8, 
shows the maximum Strain to exist at 335°.* Evalua- 


*The values of the modulus of elasticity used at each temperature 
were taken from Késter’? and Késter and Rauscher.”° 


tion of the strain at the other frequencies indicated 
the strain at 310° and 335°C to be greater than or of 
the same order as that for 280° and 360°C. This 
evaluation also showed the maximum strain to exist 
at the frequency corresponding to the greatest ob- 
served retarding effect for each ordering tempera- 
ture. 
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2 


Fig. 8—Calculated 
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An exact analysis of the strain dependence of the 
retarding effect was not possible by Eq. [7]. The 
value of the strain was very sensitive to the length 
of the specimen, which varied somewhat in the ex- 
periments. An approximate analysis was possible, 
however, and led to the following conclusions: 


1) The apparent frequency dependence observed 
may be attributed to variation in strain. 

2) The minimum retarding effect observed at 
310° to 335°C was clearly due to the nature of the 
effect rather than variation in strain since the value 
of strain was greatest in this temperature range. 
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Technical Notes 


The Determination of Solid Solubilities by 
Quantitative Metallography of a Single 
Alloy 


D.L. Douglass and R.E. Morgan 


Tue determination of phase relationships and solid- 
solubility limits can be performed by quantitative 
metallography in addition to the usual X-ray and 
metallographic techniques. For example, Beck and 
Smith* redetermined the 8/8 + y, B+ y/y, a/a+ B 
and a + 8/8 boundaries in the Cu-Zn system by 
measuring the volume fraction of second phase of 
several alloys and extrapolating the volume fraction- 
composition curves to 0 and 100 pct. A modification 
of this technique is suggested for certain alloy sys- 
tems, in which it is not necessary to use several 
alloy compositions but merely one. A single two- 
phase alloy may be used to determine terminal 
solubilities in the following manner. 

The method consists of equilibrating samples of 
the alloy in a two-phase region adjacent to the de- 
sired solid solution, at three or more temperatures, 
quenching, measuring the volume fraction of second 
phase present, and applying an analytical treatment 
to calculate the unknown solid solution. However, 
two restrictions are inherent in this technique. They 
are: 1) only certain types of alloy systems are 
amenable to it, and 2) the general features of the 
system must be known. The first drawback to the 
new technique, z.é., that only certain types of sys- 
tems may be studied, necessitates that the com- 
position at one end of the tieline must either be 
constant with temperature or well established as a 
function of temperature. Either a pure metal or 
some intermetallic compounds fulfill the former. 

If it is assumed that the volume per gram-atom 
of a dilute solution is unchanged by the addition of 
element B to element A, the composition of the solid 
solution in equilibrium with the second phase may be 
determined by a material balance and is given by 

where X, = volume fraction of B in @ solid solution 
X, = volume fraction of B in compound c 
X = volume fraction of B in alloy 
f = volume fraction of second phase 


The composition by weight may then be deter- 
mined by the use of tables in the Metals Handbook* 
when the density ratio of the solid solution constitu- 
ents is known. 

A possible alternative treatment involving the use 
of the lever rule is less precise than the above tech- 


D. L. DOUGLASS, Junior Member, formerly Instructor, Dept. of 
Metallurgical Engineering, Ohio State University, is presently Research 
Physical Metallurgist, Knolls Atomic Power Laboratory, Schenectady, 
N. Y. R. E. MORGAN is a student, Ohio State University, Columbus, 


Ohio. 
Manuscript submitted August 4, 1958. IMD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


nique. This may be used when the density of the solid 
solution is either known or may be calculated from 
X-ray data for several compositions. The following 
analysis is then made. 

The ratio of compound to solid solution (by weight) 
may be expressed as follows: 


Xo x 
[2] 
Ws Xo Xe 
Xe 
where W, = weight of compound 
W, = weight of solid solution 
X%) = alloy composition, weight percent 
x = unknown composition 
X- = compound composition 
but 
W, Po Pe 3 
We Veps fs Pp 
where V, = volume of compound 
Vg = volume of solid solution 
p, = density of compound 
P, = density of solid solution 
Jf, = volume fraction of compound 
fs = volume fraction of solid solution 
then 
p 
=X — (X%_ — X%) 
(x 


If p, and x, are known, and f, is measured, then 

Ps is the only unknown on the right side of Eq. [4]. 
The known densities of the solid solution can be 
plotted for various compositions and can then be ex- 
pressed mathematically as a function of composition. 
The use of an expression of p, = f(x) reduces the 
equation to one unknown-—the desired solubility. In 
the event that the densities are unknown, they may 
be calculated for various compositions from 
Vegard’s law. The calculated values are then plotted 
and expressed analytically. 

The most accurate results are obtained for Eq. [4] 
when f, < 1, 7.e., when (%, 0, f,/1-f, 2%; 
but as f,/1-f, 0, (%,-%9)—~ (%,- x), and — Xp. 
However, the accuracy with which f, can be meas- 
ured decreases as f, decreases.* Alloys for investi- 
gation must be selected by a compromise, which is 
based upon an error analysis of Eq. [4] and knowl- 
edge of the accuracy of volume fraction measure- 
ments. 

An examination of phase diagrams in the literature 
showed many which were amenable to the technique 
described here. The zirconium-copper system was 
selected in order to determine the solubility of cop- 
per in beta zirconium. 

Pieces of an alloy which was arc-melted three 
times were wrapped in tantalum foil and sealed un- 
der an argon atmosphere in Vycor tubes. The sealed 
samples were equilibrated at temperatures from 
850° to 960°C for 3 weeks and quenched to room 
temperature by smashing the capsule in water. 

Several planes of polish were examined, and 
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Table |. Measured Volume Fractions of Zr2Cu and Calculated 
Solid Solubilities for a Zr-14.84% Cu Alloy 


Solid Solubility* of 


Temper- Volume Fraction, Copper in B 
ature, °C Zr,Cu Zirconium, Wt Pct 
850 0.549 1,93 
890 0.532 2.78 
925 0.521 3.30 
960 0.512 3.71 


*Calculated by Eq.[4]. 


photomicrographs were prepared with a grid super- 
imposed on the print. Point counting was performed 
on ten fields by two observers, the total number of 
points per sample being 80,000. The estimated ac- 
curacy was + 0.5 pct of the true volume fraction of 
second phase. 

The volume fractions of Zr,Cu and the calculated 
solid solubilities are listed for several temperatures 
in Table I. The results agreed satisfactorily with the 

4 
published Zr-Cu phase diagram. 

The helpful suggestions of Dr. C. S. Smith, Institute 
for Study of Metals, Chicago, Illinois, are gratefully 
acknowledged. 

4L. H. Beck and C. S. Smith: Copper-Zinc Constitution Diagram, Redeter- 
mined in the Vicinity of the Beta Phase by Means of Quantitative Metallo- 
graphy, Trans. AIME, 1952, vol. 194, p. 1079. 

2Metals Handbook, ASM, Cleveland, pp. 196-9, 1948. 

3R. T. Howard and Morris Cohen: Quantitative Metallography by Point-Count- 
ing and Lineal Analysis, Trans. AIME, 1947, vol. 172, p. 413. 


‘C. E. Lundin, D. J. McPherson, and M. Hansen: System Zirconium-Copper, 
Trans, AIME, 1953, vol. 197, p. 273. : 


Vacuum Desulfurization of Liquid Iron 
Alloys 
T.P. Floridis 


Ir was deemed desirable to obtain an understand- 
ing of the vacuum desulfurization process. 

McKechnie’ has reported that the sulfur content 
of nickel- and cobalt-base alloys is reduced in 
vacuo. Keverian and Taylor” have observed that 
vacuum melting causes desulfurization of iron- 
carbon-silicon alloys. Garnyk and Samarin® have 
desulfurized transformer steel by vacuum treat- 
ment. 

Experiments were conducted in order to investi- 

gate the desulfurization of liquid iron under reduced 
pressures, and to establish the effect of some al- 
loying elements, and various crucible materials. 
A vacuum-induction furnace of 50-lb capacity was 
used. The charge was Armco iron. Silicon was 
added as 90 pct ferrosilicon, carbon as electrode 
graphite, and aluminum as high-purity aluminum 
metal. Magnesia and silica crucibles were used, 
their inside diameters were 57/, and 5% in., re- 
spectively. The temperature was measured with 
an optical pyrometer and it was held at 1600 +15°C. 
Samples were withdrawn with quartz tubes of 6 mm 
ID, without disturbing the furnace atmosphere. 
Pressures were measured with an alphatron gage. 

The experimental results are shown in Fig. 1. 


T. P. FLORIDIS, Associate Member AIME, formerly with General 
Electric Co., is now with U. S. Steel Corp., Monroeville, Pa. 
Manuscript submitted February 4, 1959. ISD 
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0.100 


0.010 


HEAT CRUCIBLE PRESSURE COMPOSITION WEIGHT 
aol MgO 6 #Hg 0.9% Si 30LB 
aia MgO 6 wHg 3% Si 30LB 

@2 MgO ARGON 0.9% Si 30LB 

3 4 pHg 0.9% Si 30 LB 

@ 3a $i Og 4pHg 3.3% Si 30LB 

MgO 3 ARMCO IRON 20LB 

45a MgO 3 BH 4% Al 20LB 

x 6 MgO 6 2.3% C 26 LB 
0.001 | | 
2 3 4 


TIME, HOURS 


Fig. 1—Variation of sulfur concentration with time. 


They indicate that: 1) Sulfur can be removed from 
liquid iron alloys by vacuum treatment; 2) The de- 
sulfurization is enhanced by the presence of silicon, 
carbon, and aluminum, all these elements increase 
the activity of sulfur dissolved in liquid iron;* 

3) The pronounced effect of silicon indicates that 
probably a volatile silicon sulfide is formed, Alcock 
and Richardson® have observed a similar phenom- 
enon; 4) The same rate of desulfurization was ob- 
tained when the metal was contained in either mag- 
nesia or silica crucibles. 

Dr. J. Keverian has contributed many discussions 
and recommendations. M. S. Sutliff has helped in 
conducting the heats. The permission of General 
Electric Co. for this publication is gratefully ac- 
knowledged. 


*R. M. McKechnie: Electric Furnace Steel Proceedings, AIME, 1954, vol. 
12, p. 38 (discussion). 

2J.. Keverian and H. F. Taylor: Trans. AFS, 1957, vol: 65, p. 212. 

8G. A. Garnyk and A, M. Samarin: /zvest. Akad. Nauk SSSR, Otdel. Tekhn. 
Nauk, 1957, no. 5, p. 77. 

“Basic Open Hearth Steelmaking, Sec. Ed., 1951, AIME, New York, p. 680. 

5C,. B. Alcock and F. D. Richardson: Acta Met., 1958, vol. 6, p- 385. 


Determination of Maximum Terminal 
Solid Solubility 


A.S. Yue 


Tus note describes a method of determining the 


A. S. YUE, Member AIME, is Research Metallurgical Engineer, Met- 
allurgical Laboratory, The Dow Chemical Company, Midland, Mich. 
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Table |. Spectrographic Analysis of Zone-Refined Mg-Si Binary Alloy 


Orginial Composition, Wt Pct 


Distance from Al Ca Cu Fe i i 

Starting End, In. 0.0026 <0.001 <0.001 0.0019 <0.001 <0.0005 <0.001 0.0170 <0.001 0.001 
<0.0005° <0.001 0.0030 < 0.001 <0.001 
< 0.0005 <0.001 0.0032 <0.001 <0.001 
4.13 0.0019 <0.001 <0.001 0.0005 <0.001 
5.38 <0.001 <0.001 0.0010 <0.001 < 0.0005 <0.001 

maximum terminal solid solubility in a binary 0.10 

eutectic system using a modification of the zone- 

melting technique.’ The method is based on the ei 

following considerations: 1) The initial solute 0.08, © 0.14 IN HR 

concentration lies between the maximum solid © 0.18 IN/ HR 

solubility and the eutectic composition. 2) The 

temperature at the interface is maintained at the z 0.06 

eutectic temperature. 3) The rate of freezing is = aoe 

sufficiently slow and the rate of liquid diffusion is a 

sufficiently rapid that the solute concentration in i 0.047 

the liquid adjacent to the solid-liquid interface re- 3 Boal: 

mains constant at the eutectic composition. 4) Nu- 

cleation of the second phase in the diffusion bound- CONCENTRATION 

ary is unlikely under the freezing conditions used. Z ool 

5) Mechanical mixing in the liquid does not occur. 

Given a sufficient volume of metal freezing uni- 0.00 = eee = 


directionally, the maximum solid solubility can be 
determined under these conditions. 

To test the above hypothesis, experiments were 
designed to determine the maximum solid solubility 
in magnesium-base alloys. 
for the Mg-Si system is in principle applicable to 
most systems. The result obtained for a eutectic 
system with limited solid solubility (Mg-Si) indi- 
cates the utility of the method. 

Magnesium bars, */s in. in diam and 8 7, in. long, 
containing 0.017 wt pct Si as the major impurity 
were prepared. Using a specially designed direct- 
radiation helical-coil furnace,” a molten zone, 

37, in. long, was passed once through the length 
of the bars at controlled rates of 0.14, 0.18, and 
0.38 in. per hr. Any stirring effects in the liquid 
metal produced by natural convection were con- 
sidered negligible.* The distributions of all the 
elements after one pass of the molten zone were 
determined by spectrographic analyses at 1 in: 
intervals along the length of the bar. 

The spectrographic analysis of silicon and other 
impurities after one pass of the molten zone at a 
zone speed of 0.14 in. per hr is given in Table I. 

A plot of the silicon concentrations along the length 
of the frozen solid with various freezing rates after 
one pass of the molten zone is shown in Fig. 1. At 
freezing rates of 0.14 and 0.18 in. per hr the silicon 
content is constant at 0.0032 wt pct throughout the 
central portion of the bar. This concentration 
plateau is not affected by any lower freezing rate 
and represents the maximum terminal solid solu- 


bility of silicon in magnesium. The value 0.0032 wt. 


pct, determined by this method, is in good agree- 
ment with the 0.0035 wt pct solubility limit cur- 


rently in use.* 
The high level of silicon content in the bar, zone- 
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The following procedure 


DISTANCE ALONG THE LENGTH OF THE BAR, INCHES 


Fig. 1—Silicon distribution in a zone-melted bar for var- 
ious speeds of zone travel after one pass of the molten 
zone. 


melted at 0.38 in. per hr, indicates a condition of 
nonequilibrium freezing. Rutter and Chalmers” 
have shown that under such nonequilibrium freezing 
conditions the concentration of solute at the inter- 
face in both the solid and liquid is higher than the 
equilibrium concentration. 

The applicability of this technique for some sys- 
tems may be limited by conditions 3) and 4). How- 
ever, it is felt that the proposed method will be 
useful in determining solid-solubility limits cur- 
rently unknown in many binary eutectic systems. 

1w. G. Pfann: Trans. AIME, 1952, vol. 194, p. 747. 

2A. S. Yue and J. B. Clark: Trans. AIME, 1958, vol. 212, p. 881. 

Sw. A. Tiller, K. A. Jackson, J. W. Rutter, and B. Chalmers: Acta Met., 
1953, vol. 1, p. 428. 


4G. V. Raynor: J. Inst. Metals, 1940, vol. 66, p. 416. 
SJ. W. Rutter and B. Chalmers: Can. J. of Physics: 1953, vol. 31, p. 15. 


Studies of the Compound NisAl by High- 
Temperature X-Ray Methods 


R.W. Guard and J.H. Westbrook 


In 1953 Kornilov and Mints’ presented data on 
thermal expansion and electrical conductivity of 
the compound Ni, Al which indicated the possibility 
of a transformation in Ni,Al at about 600°C. The 
present paper gives results of some observations 


RAY W. GUARD, Junior Member AIME, and J. H. WESTBROOK, 
Member AIME, are Metallurgists, Research Laboratory, General Elec- 
tric Co., Schenectady, 
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Fig. 1—Debye-Scherrer patterns of Ni,;Al taken at room 
temperature (top), 800° C (center), and 1000° C (bottom). 
The position of the [100] superlattice line is shown. 


of the Debye-Scherrer patterns for Ni, Al taken at 
800° and 1000°C. 

An alloy containing 13.3 wt pct Al (25 at. pct) 
was melted in an inert-atmosphere arc furnace. 
Powder specimens were prepared from —200 mesh 
filings removed with a diamond file. The powders 
were annealed for 4 to 6 hr at 540°C before making 
the measurements. The X-ray exposures were 
_ made at 800° and 1000°C using a Unicam S-150 
high-temperature camera with filtered copper ra- 
diation and exposure times of 3 to 5 hr. The pat- 
terns obtained for 25°, 800°, and 1000°C are shown 
in Fig. 1. In all patterns the superlattice lines are 
visible even though they become more diffuse at the 
elevated temperatures. This effect is caused by the 
increased thermal vibration of the atoms. Another 
possible effect which contributes to the decrease in 
intensity is the increased number of atoms on wrong 
lattice sites (i.e., nickel atoms on aluminum sites 
and vice versa) which is to be expected at high tem- 
peratures. On the basis of these X-ray results it 
is concluded that any transformation present does 
not involve disordering of the structure or any 
gross crystallographic change. 

Measurements of the linear expansion were also 
carried out using a Chevenard dilatometer. No dis- 
continuity in expansion coefficient was found up to 
1000°C. The data are in agreement with similar 
measurements of Taylor and Floyd2? Both of these 
observations fail to confirm the results of Kornilov 
and Mints.’ 

In addition, one of the authors® has determined 
the hardness of Ni, Al as a function of temperature 
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and no discontinuous change in the hardness curve, 
characteristic of a polymorphic transformation, ”° 
is found near 600°C. However, a peak in hardness 
is observed which appears to be caused by strain 
aging from oxygen in solution. This aging reaction 
could account at least in part for the anomaly ob- 
served by Kornilov and Mints.” 


11, I. Kornilov and R. S. Mints: On the Question of the Nature of the Com- 
pound Ni,Al, Doklady Akad. Nauk, SSSR, 1953 vol. 88, no. 5, PP. 829-832. 

2A, Taylor and R. W. Floyd: The Nickel-Rich Portion of the Nickel-Chro- 
mium-Titanium Phase Diagram, J. Inst. of Metals, 1952, vol. 81, pp. 25-32 

3]. H. Westbrook: Temperature Dependence of the Hardness of Secondary 
Phases Common in Turbine Bucket Alloys, Trans. AIME, 1957, vol. 209, 
pp. 898-904. 

4V. P. Shishokin: The Relation between Chemical Composition and the 
Temperature Coefficient of Plastic Deformation, Izvest. Akad. Nauk, SSSR 
Otdel. Mat. and Nat. Science, 1937, pp. 1342-1367. , 

SW. Chubb: Contribution of Crystal Structure to the Hardness of Metals, 
Trans. AIME, 1955, vol. 203, p. 189. 


Strain-Hardening Exponent of Cross- 
Rolled Beryllium Sheet 


S.R. Maloof 


In 1945, Hollomon’ showed that after plastic yield- 
ing and prior to necking under simple tension, both 
ferrous and nonferrous materials are approximated 
by an equation of the following form: 


o =K(6)" [1] 


where, o = true stress 

K = strength coefficient 

6 = true strain 

nm = Strain hardening exponent 
If a material is stress free, a plot of log o vs log 6 
would be expected to be a straight line, the slope of 
which is the strain-hardening exponent (7) and the 
intercept on the ordinate axis for 5 = 1 is the loga- 
rithm of the strength coefficient K. It can be easily 
shown that the strain-hardening exponent in the 
above equation is equal to the total uniform elonga- 
tion prior to necking. Thus, one can determine the 
total uniform elongation prior to necking from such 
a plot and, as pointed out by C. W. MacGregor,? it 
is the amount of strain prior to necking which de- 
termines the extent to which a material may be 
deep drawn. 

In the view of the current interest in the fabrica- 
tion of beryllium shapes, it was thought that a 
knowledge of the strain-hardening exponent of 
cross-rolled beryllium sheet would be of general 
interest. Load-strain data after yielding and prior 
to necking was taken from the work of Greenspan,* 


converted to true stress and true-plastic strain, 


and plotted on log-log paper as shown in Fig, 1. 
The value of Young’s modulus E for beryllium was 
taken as 43-10° psi. The slope of this plot gave a 
value of 0.212 for the strain-hardening exponent (n) 
and the intercept on the ordinate axis a value of 
105,000 for K. The total uniform elongation is thus 
21.2 pct, in excellent agreement with the value esti- 
mated by Greenspan (about 20 pct). Furthermore, 
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TRUE PLASTIC STRAIN (8p) 


Fig. 1—True stress vs true plastic strain for extruded 
and cross-rolled beryllium sheet. 


the points in the plot deviated slightly from a 
straight line (concave upward), indicating the pos- 
sibility that the extruded and cross-rolled beryllium 


sheet was not stress free after rolling at 1950°F. 
Eq. [1] for extruded and cross-rolled beryllium 
sheet takes the following form: 


= 105,000 (6) °?” [2] 


It is interesting to note that the value of m = 0.212 

is comparable to that for mild steel.* Furthermore, 
it is generally recognized that the extrusion con- 
stant of beryllium and mild steel are not too dif- 
ferent over a wide range of temperature. Were it 
not for the brittle behavior of beryllium at room 
temperature and the need for developing a preferred 
texture in the plane of the sheet to achieve at least 
two-dimensional ductility, one would be tempted to 
conclude from these findings that beryllium should 
be fabricable to the same degree as mild steel. 
However, past experience has shown that beryllium 
is not fabricable to the same degree as mild steel, 
at least not at room temperature. Consequently, the 
value of the strain hardening exponent of beryllium 
is not a sufficient criterion for predicting the form- 
ability of the metal. 


F 1J. H. Hollomon: Tensile Deformation, Trans. AIME, 1945, vol. 162, pp. 
69-290. 

4C, W. MacGregor: The Tension Test, Trans. ASTM, 1940, vol. 40, pp. 508- 
534. 
_ 3Jacob Greenspan: Ductility in Beryllium Related to Grain Orientation and 
Grain Size, NMI-1174, August 9, 1957. 

‘Personal notes; See also J. R. Low and F. Garofalo: Proc., Soc. Exp. 
Stress. Anal., 1947, vol. 4, no. 2. 

5D. W. White, Jr. and J. E. Burke: The Metal Beryllium, ASM, 1955, p. 248. 


The Effect of Radiation on the Rate of 
Diffusion of Arsenic into Germanium 


Norman L. Peterson and Robert E. Ogilvie 


Durinc the past few years there has been con- 
siderable effort devoted to the understanding of 
radiation effects on materials. The concept of the 
Frenkel defect and other lattice defects suggests 
that radiation may alter the rate of many metal- 
lurgical phenomena, especially those which are 
diffusion controlled. In 1953 R. R. Coltman and 
T. H. Blewitt? found an appreciable effect on the 
ordering rate of Cu, Au due to fast neutron bom- 
bardment. Since then several rather comprehen- 
sive theories have been proposed on radiation 
enhanced diffusion in solids.” * 

If the energy of the radiation is above the thresh- 
old energy for the removal of atoms from their lat- 
tice sites, Frenkel defects will be produced. These 
defects can be produced uniformly throughout a 
relatively thick specimen by high-energy X-rays 
permitting bulk property studies without the limita- 
tion of sample dimensions. 

In this work high-purity arsenic containing 30 ppm 
of impurities was allowed to diffuse from the gase- 
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ous phase at 700°C into single crystals of p-type 
germanium containing 0.1 ppm of indium. As the 
arsenic diffuses into the p-type germanium, an 
n-type layer will form in the diffusion zone. At 

the )-n junction the concentration ratio of the arse- 
nic to the indium is constant. 

Experimental Procedures—The germanium speci- 
mens, 10 mm by 10 mm by 5 mm, were polished and 
etched to a mirror finish. The specimens were then 
sealed off in a vycor glass capsule at 3 x 10°° mm 
Hg pressure with a sufficient amount of arsenic 
powder to produce a one-half atm pressure of arse- 
nie-at- 700°C; 

Specimens were annealed at 700°C without radia- 
tion. The diffusion coefficient determined from 
these samples agrees within 8 pct of previous work 
done by Fuller.° 

Three specimens were given diffusion anneals at 
700°C in a small tube furnace centered beneath the 
target of a 2-mev Van de Graaff generator. The 
specimens when in the furnace were 10 cm directly 
below the target of the generator. These specimens 
were irradiated continuously during the diffusion 
run with the Van de Graaff operating at 2 mev with 
a tube current of 225 to 250 wamp. The intensity of 
the x-radiation at the surface of the specimen inside 
the furnace was approximately 4.5 x 10° roentgens 
per hr. The temperature was controlled within 
+2°C by a chromel-alumel thermocouple through- 
out this work with no observed temperature change 
due to the radiation. 

By careful lapping, the samples were polished at 
an angle of 5 deg to the diffusion zone, giving a X10 
increase in the visible diffusion zone. The location 
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Fig. 1—Plot of penetration distance vs square root of time 
for arsenic diffusion in germanium at 700°C. 


of the p-z junction was brought out by a suitable 
etching technique. The width of the diffusion zone 
was measured optically on a metallograph. 

Results—The results of this work are shown in 
Fig. 1. 

At a constant temperature, the movement of the 
p-n junction as a function of time may be expressed 
as follows: 


=2y VDt [1] 


where & is the width of the n-type zone, y is a con- 
stant for the particular condition of diffusion, ¢ is 
time in sec, and D is the diffusion coefficient. 

From Fig. 1 we find ~p = 0.47 mm and €, = 0.24 
mm for 16 hr where R stands for the irradiated 
specimens and u stands for the unirradiated condi- 
tions. Assuming y to be independent of radiation, 
then from Eq, [1] the following is obtained. 


Dr 
D 


= 3.83 [2] 
u 

From the work of Dienes and Vineyard’ the fol- 
lowing equation is obtained: 


0 
De xe 


0 + 
hy + [3] 


where x» is the concentration of vacancies in equi- 
librium at a given temperature and x} is the con- 
centration of the excess vacancies due to radiation 
at the same temperature 

From the work of Mayburg and Rotondi,® x? 
equals 7 x 10°? vacancies per cc in germanium at 
700°C. From Eq. [3] it is found that «* = 2 x 10" 
vacancies per cc. 

Under steady-state conditions: 


x, = TR [4] 


where 7 is the mean lifetime of a vacancy and R is 
the rate of production of vacancies by the radiation, 
R can be estimated from the known energy and in- 
tensity of the radiation as shown by Dienes and 
Vineyard.* The value of R so calcuiated for the 
conditions of this experiment is 3 x 10° vacancies 
per cc per sec. This gives a value for 7 of 

6.9 x 10? sec’at 700°C. 
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IR. R. Cotman and T. H. Blewitt: The Effect of Fast Neutron Bombardment 
on Diffusion in Cu;Au, Phys. Rev., 1953, vol. 91, p. 236. _ ieee : 
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4G. J. Dienea and G. iy. Vineyard: Radiation Effects in Solids, Interscience 
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S. Mayburg and L. Rotondi: Thermal Acceptors in Vacuum Heat-Treated 
Germanium, Phys. Rev., 1953, vol. 91, p. 1015. 


Observations on the Decomposition of 
Delta Phase in a Copper-Tin Alloy 


Ronald D. Nelson and D.H. Polonis 


The eutectoid decomposition of 5 phase in the 
Cu-Sn system (32.53 wt pct Sn) has been studied 
by several investigators.*~® On the basis of X-ray 
work, Iball and Owen’ reported complete decompo- 
sition of 6 in powder specimens after 7 days at 
300°C. Wang and Hansen*® followed the micro- 
structural changes during heat treatment of lump 
specimens and estimated 5 pct decomposition after 
63 days at 300°C. Wang and Hansen suggested that 
the discrepancy between the decomposition rates of 
powder and lump specimens might be due to the ex- 
cess surface free energy of powders. 

The present work involved 6 decomposition in 
copper-tin alloy powders containing 32.6 wt pct Sn. 
Alloy lump specimens exhibited entirely 6 phase 
after fairly slow cooling (air cooling) from above 
350°C and were so brittle that they could be easily 
crushed to —200 mesh in a percussion mortar. 
X-ray diffraction study of the as-crushed powders 
(—200 mesh) revealed 100 pct 6 phase with very 
slight line broadening effects due to strain intro- 
duced by crushing. Only 6 phase was detected by 
X-ray diffraction in powders which were heat 
treated 4 hr at 450°C and air cooled to room tem- 


Table |. Summary of Heat Treatments 


Time for Start 


of Transfor- 
Temperature mation 
a) Interrupted Quench 170°C 1000 hr 
27536 150 hr 
300°C 96 hr 
320°C 150 hr 
b) As-crushed 5 powders, reheated 300°C 67 hr 
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General Electric. Co., Hanford Atomic Works, Richland, Wash. D. H. 
POLONIS is Associate Professor of Metallurgical Engineering, Uni- 
versity of Washington, Seattle, Wash. 

Manuscript submitted September 22, 1958. IMD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


| 
| 
| 
| 
| 


Fig. 1—Photomicrograph of a representative powder par- 
ticle which has been quenched from 450°C and held for 

96 hr at 300°C. Decomposition of 6 phase is starting at 
Specimen surface. Etchant: 2 ml conc. HCl, 5 g FeCl, 

95 ml ethyl alcohol. X800. Reduced approximately 31 pct _— 
for reproduction. cS 


Fig. 2—Photomicrograph of a representative powder par- 
ticle which has been quenched from 450°C and held for 
336 hr at 300°C. Etchant: As for Fig. 1. X800. Reduced 
approximately 23 pct for reproduction. 


perature. Lattice parameter of 6 was found to be 
17.92A in agreement with Iball and Owen. 

The isothermal decomposition of 5 powders wa 
studied at a series of temperatures and the results 
are listed in Table I. All specimens were sealed in 
evacuated pyrex capsules for protection during heat 
treatment. From Table I it is evident that the time- 
temperature-transfor mation characteristics for the 
start of 5 decomposition exhibit the familiar C curve 
behavior. Careful X-ray analysis of decomposition 
at 300°C revealed simultaneous formation of a and 
€ phases in increasing amounts up to the maximum 
heat treatment time of 1150 hr. There was no evi- 
dence of any transitional phase formation prior to 
the detection of a ande. After aging for 1150 hr at 
300°C, the reaction was estimated to be only 20 pct 
completed. 

The microstructures of heat-treated powders re- 
vealed progressive formation of lamellar a and € 
phases. After 96 hr at 300°C the lamellar structure 
was barely observable at the edge of some of the 
specimen particles, Fig. 1, but some decomposition 
was evident in all particles after 336 hr at 300°C, 
Fig. 2. The microstructures indicated a definite 
tendency for decomposition to proceed normal to 
the specimen surface at one or more points. The 
lamellae in Fig. 2 have formed two colonies due to 
the growth normal to adjacent particle surfaces. In 
only a few cases were decomposed regions observed 
within the particles and in these cases the reaction 
probably had started at a surface out of the plane of 
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the polished section or at a 6 grain boundary. 

The decomposition of 6 phase in as-crushed pow- 
ders, was first detected after 67 hr heat treatment 
at 300°C. After longer tempering times the X-ray 
line intensities suggested similar fractions of 
transformation in as-crushed powders as for those 
which were transformed after reheating into the 6 
range. Consequently, the internal strain produced 
by crushing accelerates the initial stages of 5 de- 
composition. 

It is concluded that the decomposition of 6 phase 
in powder specimens is more sluggish than reported 
by Iball and Owen but proceeds more rapidly than 
reported by Wang and Hansen for lump specimens. 


~The decomposition reaction exhibits a definite 


C-curve behavior for the start of reaction. Meta- 
lographic observations in powder specimens support 
the suggestion of Wang and Hansen that the excess 
surface-free energy of particles enables a faster 
transformation rate than in massive specimens. 


J. Iball and E. A, Owen: J. Inst. Metals, 1935, vol. 57, p. 267. 

2E. A. Owen and E. C. Williams: J. Inst. Metals, 1936, vol. 58, p. 283. 

3C, Haase and F. Pawlik: Z. Metall., 1936, vol. 28, p. 473. 

4S. T. Konobeevsky and V. P. Zarasova: Acta Physicochem., U.R.S.S., 
1937, vol. 6, p. 781. 

5M. Hamasumi and K. Morikawa: Nippon Kinzoku Gakkai-Si, 1938, vol. 2, 


p. 39. 
°C. C. Wang and M. Hansen: AIME Trans., 1951, vol. 191, p. 1212. 


a= 6 Transformation in Titanium 


S.J. Wiskel, W.V. Youdelis, and J. Govdon Parr 


Tue transformation, in a sample of levitation melted 
iodide titanium, has been studied with a Leitz hot- 
stage microscope. 

The specimen was etched in HF:HNO;: glycerine, 
(1:1:2) giving a structure shown in Fig. 1, and was 
then heated at approximately 5°C per min. At 870°C 
(+5°C) the etching product disappeared, the a-grain 
boundaries showed in relief, and some new grain 
boundaries (presumably of 8) appeared (Fig. 2, see 
arrow). Some evidence of 6-grain growth is indicated 
by the apparent longitudinal movement of a 6-grain 
boundary shown in Figs. 2 and 3 (see arrows). 

The specimen was later heated to 1000°C and then 
cooled at 2°C per min. At 845°C rumpling of the 
surface was first noticed, Fig. 4, and continued at 
constant temperature. The photomicrograph repro- 
duced in Fig. 5 was taken 6 sec after Fig. 4, at 
845°C. Fig. 6 shows the structure after cooling to 
room temperature. The room-temperature struc- 
ture, showing a rumpled surface has been observed 
by previous investigators.* These structures pre- 
sumably indicate a sheer transformation 6 — a, 
athermally nucleated, but capable of isothermal 
progression. 


S. J. WISKEL is Master’s Degree student, W. V. YOUDELIS, Junior 
Member AIME, is Assistant Professor of Metallurgy, J. GORDON 
PARR, Junior Member AIME, is Professor of Metallurgy, University of 
Alberta, Edmonton, Alberta, Canada. 
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Fig. 1—Room temperature. Etched in 
1 part HF, 1 part HNO3, 2 parts gly- 
cerine. 


Fig. 4—845°C. 


Fig. 2—870°C. 


Fig. 3—870°C (after 1/2 hr at this 
temperature). X1000. 


Fig. 5—845°C (6 sec after Fig. 4). Fig. 6—Room temperature. 


All photomicrographs at X1000. (Negative at X400.) Reduced approximately 36 pct for reproduction. 


The sample had an initial hardness of Vpn 82 and 
a final hardness of Vpn 117 (1 kg load applied to 
diamond on examined surface), reflecting an oxygen 
plus nitrogen pickup of about 0.01 pct.’ 

This work is part of a project sponsored by the 


Defence Research Board of Canada, (Project No. 
7510-277). 
1Titanium, McQuillan and McQuillan, Butterworth Scientific Publication 


1956, p. 307. 
Ibid, p. 338. 


The Transformation Temperature of 
Hafnium 


D.K. Deardorff and Haruo Kato 


Tue transformation temperature of hafnium from 
hep to bec is 1750° + 20°C, in contrast to previously 
published values by Duwez’ and Fast” which are be- 
lieved inaccurate. The Bureau of Mines determined 
this value by measuring the temperatures at which 

a sudden decrease was observed in the electrical 
resistance of hafnium alloys containing up to 18 at. 
pet Zr, and then extrapolating the temperatures to 

0 pct Zr. Duwez’* previously reported a transfor- 
mation temperature of 1310°C, obtained by use of 

a rapid-cooling thermal-analysis technique. Later, 
Fast* published a much higher value of 1950° + 100°C 
based upon: a) his own determination of 1690°C for 
the beginning of the transformation range for hafnium 
containing 5.7 at. pct Zr, and b) his belief that lattice 
parameters reported® for Duwez’ hafnium indicated it 
contained 19 at. pct Zr and that the 1310°C value 
should be associated with that composition. Russell* 


DONALD K. DEARDORFF, Member AIME, is Physical Metallurgist, 
U. S. Bureau of Mines, Albany, Ore. HARUO KATO, Member AIME, is 
Supervising Physical Metallurgist, U. S. Bureau of Mines. 
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subsequently stated that Duwez and Fast probably 
were reporting their lattice parameters in different 
units and reassigned a value of 6.0 at. pct Zr to 
Duwez’ hafnium. If this assumption were true, 
Duwez’ hafnium was of approximately the same 
purity as Fast’s, but his transformation value was 
considerably lower. The reason for this divergence 
is not known. Fast’s value for hafnium containing 
5.7 at. pct Zr agrees well with our data. 

McGeary” determined a transformation value of 
1660°C by metallographic examination of heat- 
treated specimens, but the zirconium content of his 
hafnium was not definitely established. 

The specimens used in this investigation were 1/8- 
in.-diam rods 6 1/2 in. long, fabricated by hot-swag- 
ing bars cut from arc-melted buttons. These buttons 
were melted from crystal bar hafnium and crystal 
bar zirconium. The chief impurity in the hafnium 
© 


58-12 

a: °—This investigation 

= Fast's investigation 

F 1550 

1500 

a 

5 10 20 


Fig. 1—Brightness temperatures of hafnium-rich Hf-Zr 
alloys at beginning of transformation. 
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was 2.3 at. pct Zr; other impurities were on the 
order of 200 ppm O, 60 ppm Fe, 55 ppm Al, and 25 
ppm Ti. 

Specimens were held between two water-cooled 
copper electrodes in a vacuum furnace and heated by 
self-resistance with a low-voltage, high-current 
power source. During a run simultaneous measure- 
ments were taken of the current, the voltage drop 
across the midsection of the specimen, and the tem- 
perature of the specimen. Potential leads of 
hafnium wire were spotwelded to the specimen. Oc- 
currence of the transformation was manifested by a 


sudden increase in current, caused by decreased re- 
sistivity. Measurement of the current involved the 
use of a current transformer; therefore the amper- — 
age values were not absolute, and no attempt was 
made to compute the resistivity of the alloys. 

Fig. 1 shows that the transformation-temperature 
values of this investigation and the only experiment- 
ally determined value of Fast fall along a straight 
line when plotted against at. pct Zr. When extra- 
polated to 0 at. pct Zr, the curve shows an apparent 
transformation temperature of 1595°C. Because 
temperatures were measured with an optical pyro- 
meter, an emissivity correction was applied to this 
figure. A value of 0.40 was used for the emissivity of 
hafnium. For an apparent temperature of 1595°C the 
corresponding temperature correction is 155°C, 
making the true temperature 1750°C. A probable 
error of + 20°C is considered sufficient to cover the 
spread of points of Fig. 1 and also some uncertainty 
as to the emissivity. Therefore, the transformation 
temperature of hafnium is stated as 1750° + 20°C. 

The authors express their appreciation to Frank 
Kerze, Jr., Chief, Chemical Engineering, Engineer- 
ing Development Branch, U. S. Atomic Energy Com- 
mission, for providing the background and stimulus 
for this investigation, and to Dr. Earl T. Hayes, 
Chief Metallurgist, Bureau of Mines, under whose 
direction the investigation was undertaken. 


1Po1 Duwez: The Allotropic Transformation of Hafnium, J. Appl. Phys., 
1951, vol. 22, p. 1174. 

2y. D. Fast: The Allotropic Transformation of Hafnium and a Tentative 
Equilibrium Diagram of the System Zirconium-Hafnium, J. Appl. Phys., 1952, 
vol. 23, pp. 350-351. j 

3Pol Duwez: The Allotropic Transformation of Hafnium, J. Appl. Phys., 
1951, vol. 22, p. 1175. 

4R, B. Russell: On the Zr-Hf System, J. Appl. Phys., 1953, vol. 24, pp. 232- 


33. 
5Westinghouse Atomic Power Div., Progress Report WAPD-RM-92, 1952. 


Effect of the Rate of Rise of Rimming 
Steel in Molds on the Surface Quality of 
Slabs 


A.T. Peters 


Durinc an investigation concerning the use of 
large nozzles for pouring of low-carbon rimming 
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steels, the practical details of which were reported 
elsewhere,’ it was noticed that increases of nozzle 
sizes were generally followed by improvements of 
slab surface quality. It is the purpose of this note 
to present the data available and some tentative 
opinions about this phenomenon. 

The problem of correlating pouring rates with the 
metallurgical performance of steels is complicated 
by several factors. The two most important are: 

1) Variations of the steel pouring rate throughout 
a pour, these being due to the nozzle erosion, which 
enlarges the bore area, and the dropping ferrostatic 
pressure in the ladle. The pouring rate is lowest 
towards the end of a heat when the ladle is nearly 


empty. 


2) Variations in the ingot pouring time due to the 
different ingot weights poured. 

Consequently, the use of the average pouring rate 
of a heat may not be exact, but in large-scale pro- 
duction it is not practical to treat ingots separately 
according to their pouring rates. The variations of 
ingot weights and sizes may be overcome by con- 
sidering the rate of rise of steel in the mold. Hence, 
the average rate of filling of molds throughout the 
pour of a heat, inches per second, will be used in 
this note. 

Every ingot rolled at Inland is rated at the bloom- 
ing mills prior to hot machine scarfing as being 
good, fair, or poor for cracks, scabs, and checking. 
The latter term refers to the network of breaks or 
lines associated with overheating or burning in the 
soaking pits. It is also known that thin-skinned 
steel is prone to show this defect if the subsurface 
blowholes are exposed during reheating or rolling. 

The experiences with the surface quality of slabs 
rolled from ingots poured at different rates are 
presented in Fig. 1. The data represent nearly 
11,000 ingots. 

It appears that all three types of defects are in- 


© —Cracks 
—Scabs 


—Checking 


3.04 


: * 
Fig. 1—Horizontal axis—Average rate of rise of steel in 
molds, in. per second. Vertical axis—Ingots rated “poor” 
for crabs, scabs or checking, percent. 
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terrelated as indicated by their common trends. 
Nevertheless, they should, if only for reasons of 
clarity, be discussed separately, the discussion to 
involve both the straight line regression equations 
and their standard errors. 

1) The percent of ingots rated poor for cracks 
decreased with increase in nozzle size. This is 
contrary to the generally held opinions. It is 
probable that the increased washing action caused 
by the increased metal turbulence in the mold due 
to the higher pouring rate contributed to a better 
removal of the initial gas bubbles during the pour 
and therefore, promoted a thicker or sounder 
ingot skin. It should be noted that the points rep- 
resenting cracks appear to fall on two distinctly 
defined lines of similar slopes: Percent ingots poor 
for cracks = 6.46 — 2.05 x in. per sec, with a stand- 
ard error of 0.35 pct. Percent ingots poor for 
cracks = 4.13 — 2.53 x in. per sec, with a standard 
error of 0.08 pct. 

This second line was formed only by the largest 
ingots under investigation (30 by 62 in. weighing 
16 tons) and, with regard to its negligible standard 
error and the statistically significant difference 
between the two sets of obsérvations, the question 
arises whether large ingots of low-carbon rimmed 
steels behave like the smaller sizes. It is con- 
ceivable that there is a critical steel mass above 
which, for reasons not clarified by the present in- 
vestigation, the ingots become relatively immune 
to cracks. 

It should be also noted that the improvement in 
crack performance might be associated with the 
improvement in scabs. A scab, being a discontinu- 
ity in the ingot skin, acts as a stress raiser, re- 
sulting in an area of weakness which may form a 
crack in stripping, heating, or rolling. Also, re- 
duction of bottom curtaining due to faster cover up 
of the steel splash and surge in opening over an 
empty mold, might reduce the number and severity 
of butt cracks which often start along the skin folds. 
The fact that cracks are more frequent among the 
last, more slowly poured, ingots in the heat pouring 
sequence, tends to confirm this possibility. 

2) The proportion of ingots rated poor for scabs 
which also include bottom curtains, decreased with 
an increase in the nozzle size. The regression 
equation is: Percent ingots poor for scabs = 1.84 
—1.01 x in. per sec, with a standard error of 0.33 pct. 

This improvement is attributed to the faster 
cover up and greater washing action during the 
pour, an effect which has been recognized in earlier 
publications which dealt with killed and semikilled 
steels. As in the case of cracks, scabs are most 
prevalent in the last few ingots poured from a heat. 


3) The improvement in checking represented by 
the equation: Percent poor for checking = 4.17 
— 1.85 x in. per sec, with a standard error of 
1.11 pet might be associated with several factors. 
It is probable that the mentioned tentative explana- 
tion advanced for the improvement in crack ratings 
might apply to checking as well. The sounder rims 
with fewer subsurface blowholes might be expected 
to be more resistant to the influence of thermal 
shock when charging into the soaking pits and to 
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other factors of heating and rolling practice. It is 
also possible that by lowering the frequency of scabs 
and early occurring cracks, the number of spots 
sensitive to overheating and oxidation in the soaking . 
pits might be reduced. Again the last, more slowly 
poured ingots in a heat appear to be more suscep- 
tible to checking than the balance of the heat. The 
comparatively large standard error is due to the 
strong influence of the mentioned operating factors 
existing in the mill area. 

Only one reference to the subject of the influence 
of the rate of pouring of rimmed steels on their 
surface quality could be found in American litera- 
ture: Hunter? has shown that an improvement in 
scabs and breaks could be associated with increas- 
ing the nozzle size, with the slowest poured ingots 
demanding the greatest amount of conditioning. This 
study was in contradiction to the generally accepted 
views at that time but the present work also points 
to the desirability of fast pouring of low-carbon 
rimmed steels. 


14. T. Peters: AIME Proc., National Open-Hearth Conference, 1958, p. 309. 
2C, Hunter: AJME Proc., National Open-Hearth Conference, 1947, p. 260. 


Resistivity Measurements on Eutectoid 
Beryllium Copper’ 


Robert J. Block and G. H. Kehl 


In order to investigate the possibility of a spontane- 
ous low-temperature transformation, resistivity 
measurements were made on a sample of eutectoid 
beryllium- copper. 

A cast specimen of 5.965 pct Be, 94.035 pct Cu was 
homogenized at 650°C for 22 hr, furnace cooled to 
550°C, and held for 2 hr to allow the B — a+ y re- 
action to proceed. In an attempt to refine the § grain 
size, the specimen was then reheated to 620°C, held 
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| 
Fig. 1—Microstructure of equilibrated eutectcid beryllium | 
copper. The dark etching alpha phase is shown in a gamma | 
matrix. Dichromate etch. X1000. Reduced approximately 
27 pet for reproduction. 
| 


Table |. Resistivity Measurements on Eutectoid 
Beryllium-Copper Selected Values 


Tempera- Resistivity Temperature 
ture, °C Microhm C Coefficient,* °C7? 
5.0 6.582 0.00167 
0.0 6.524 0.00175 
-5.0 6.464 0.00192 
-10.0 6.402 0.00202 
-15.0 6.332 0.00232 
-20.0 6.251 0.00261 
-25.0 6.172 0.00260 
-30.0 6.091 0.00258 
-35.0 6.017 0.00260 
-50.0 5.820 0.00275 
-55.0 5.746 0.00255 
-70.0 5.870 0.00220 


*Average values for t 5°C range bracketing each temperature. 


for 1 hr, and again furnace cooled to 595°C and held 
there for 40 hr. 

The specimen was machined into a cylindrical bar 
and ground between centers to a final diameter of 
4.766 + 0.005 mm. The bar was placed in a fixture 
against knife-edged potential probes, spaced 10.00 
cm apart. A calibrated copper-constantan thermo- 
couple of B & S gage 30 wire was placed with its 
junction against the specimen and fixed in position. 

To achieve a slow rate of cooling the specimen 
and fixture were enclosed in a styrafoam box having 
a wall thickness of approximately 1 in. 

The box was then placed within a coil of copper 
tubing and the entire assembly placed in a battery 
jar lined with styrafoam. Liquid nitrogen pumped 
through the copper coil was used to cool the cavity 
between the two containers. The heat exchange 
through the walls of the inner chamber caused a tem- 
perature drop of about 1°C per min in the 0°C re- 
gion, and about 0.1°C in the —50°C range. The cool- 
ing rate was partially controlled by altering the flow 


Microum - cm. 
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Fig. 2—Resistivity measurements on eutectoid beryllium 
copper. 
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of liquid nitrogen to the copper cooling coil. Simul- 
taneous resistance vs temperature measurements 
were made with a Kelvin double bridge and potentio- 
meter while the specimen was cooling in this heat 
exchanger. Measurements made with the Kelvin 
double bridge were reproducible with errors of less 
than 0.1 pct. 

The microstructure of the heat treated material 
is shown in Fig.1. The phases are identified accord- 
ing to Fillnow and Mack.’ The coarse pearlite struc- 
ture is in the equilibrium condition. 

The resistivity vs temperature data for eutectoid 
beryllium-copper are presented in Fig. 2. Values of 
the resistivity and temperature coefficient over a 


_+5°C range for selected temperatures are presented 


in Table 1. 

There is seen to be a significant discontinuity at 
— 62°C. The sudden increase in resistivity suggests 
the spontaneous transformation of one of the phases 
present. The inherent instability of the body-cen- 
tered-cubic structure at low temperatures leads one 
to conclude that the y phase of beryllium-copper un- 
dergoes a spontaneous martensitic reaction in the 
region of —62°C. 

The authors gratefully acknowledge the assistance 
of Miss Nancy Kreissman in carrying out the meas- 
urements, and D: J. Mack for supplying the alloy. 


4R. H. Fillnow and D. J. Mack: The Isothermal Transformation of a Eutec- 
toid Beryllium Bronze, Trans. AIME, 1950, vol. 88, p. 1229. 


Measurement of the Thermoelectric 
Power of Several Molten Sulfide- Solid 
Tungsten Thermocouples 


D. F. Stoneburner, Ling Yang, and G. Derge 


Previous investigations in this laboratory have 
shown the existence of electronic conduction in 
several molten metal sulfides and the specific con- 
ductance of a number of these has been measured 
as a function of temperature.* In order to better 
understand the electronic nature of these melts, the 
thermoelectric power of a molten FeS-solid tungsten 
thermocouple was measured and a value of approxi- 
mately 55 UV per °C was obtained in the tempera- 
ture range from 1200° to 1400°C.” These studies 
have been continued and the thermoelectric power of 
several other molten metal sulfide-solid tungsten 
thermocouples have been obtained. 

The experimental arrangement is shown in Fig. 1. 
A Kanthal furnace was used, doubly wound to prevent 
any undesirable effects of an external field. A 1/2- 
in. McDanel tube was fitted with two vertical 5/8-in. 
McDanel tubes as shown. These tubes were about 
2 in. apart. A graphite boat was used to hold a re- 
crystallized alumina boat in which the prefused 
sulfide was placed. Two probes were made using 

D. F. STONEBURNER, Junior Member AIME, is graduate student, 
LING YANG, Member AIME, is Senior Research Metallurgical Engineer, 
and G. DERGE, Member AIME, is Jones and Laughlin Professor of 
Metallurgy, Metals Research Laboratory, Department of Metallurgical 


Engineering, Carnegie Institute of Technology, Pittsburgh, Penn. 
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Fig. 1—Schematic section of the apparatus. 


four-hole ceramic insulators to contain the tungsten 
wire and the wires of the measuring thermocouple. 
A chromel-alumel thermocouple was used to meas- 
ure the temperature of the melt at each probe. Two 
holes were drilled in a graphite rod 1/4 in. in diam 
and 3/4 in. long. The tungsten wire was placed in 
one of these holes and the thermocouple bead was 
seated in the other hole. Precautions were taken 

to assure good electrical and thermal contact in 
these graphite shoes. Alundum cement was placed 
between the bottom end of the ceramic insulator and 
the top of the graphite shoe. 

The boat containing the sample was placed in the 
cooler section of the furnace and the system was 
flushed with argon prior to heating. This flow of 
argon was maintained for the duration of the run. 
When the furnace had reached a temperature some- 
what above the melting point of the sulfide being in- 
vestigated, the sample was moved to a position di- 
rectly under the two side arms. The probes were 
then lowered until the graphite shoes made contact 
with the melt. Measurements of temperature in 
each probe were made with a student potentiometer 
while a second student potentiometer was used to 
measure the potential between the two tungsten 
wires. 

The temperature was gradually increased until the 
top of the desired temperature range was reached. 
Then the furnace was allowed to cool slowly until the 
temperature of the sample was just above its melting 
point, after which it was again heated to approxi- 
mately the temperature of the first measurement. In 
this way measurements were made both during 
gradual heating and gradual cooling. Agreement of 
these measurements served as a check on sulfur loss 
during the run. The temperature gradient between 
the two probes was normally between 5° and 25°C. 

As any error in one of the chromel-alumel ther- 
mocouples would result in a much greater error in 
the temperature gradient than in the temperature 
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Table | 
Sign of 
Thermoelec- Tungsten 
Actual Tempera- tric at High 
System Composition ture Range Power Temperature 
Wt Wt 
Pct Pct 
M Ss p Volt per °C 
Copper sulfide, 
nominally 
stoichiometric 78.4 19.6 1130-1205 70-80 (-) 
Copper sulfide, 
pee rich 80.2 18.9 1135-1195 45-60 (-) 
Iron sulfide, 
iron rich 65.2 33.1 1115-1180 60-70 (4) 
Silver sulfide 86.6" 12.6 845-945 90-170° (-) 
Lead sulfide 87.5 12.5 1040-1135 3-10 (+) 


@Melting Point of actual composition, 1100°C. 

bSilver content was probably higher as some silver was lost from the 
sample before analysis. 

cLarge range due to composition change by loss of sulfur. 

dFor this: composition the melting point is 1080°C. Below that a two 
phase PbS + Liquid region exists. 


measurement itself, the two thermocouples were 
calibrated with respect to each other. A graphite 
block 2 in. in diam and 4 in. high was obtained and 
two holes 3 in. deep were drilled into the block as 
close to the center as possible. One probe was 
placed in each hole and the graphite block was heated 
in an induction furnace. Uniformity of temperature 
was ascertained by observing that reversing the po- 
sitions of the two probes resulted in no change in the 
temperature readings. A temperature correction 
factor obtained in this way was applied to the ob- 
served temperature gradient in each run. 

The results are shown in Table I along with other 
pertinent data. The composition listed as the actual 
composition was the composition as analyzed after 
completion of the run, except in the case of PbS. The 
high vapor pressure of PbS caused severe experi- 
mental difficulties and the composition reported for 
this run is that of the prefused condition before a run 
was made. The results of this run should only be 
taken to show the sign of the thermoelectric power 
and the observation that its value is lower than that 
of the other sulfides tested. 

The two Cu,S samples and the sample of FeS were 
analyzed before and after the runs and showed es- 
sentially no change in composition. The agreement 


_of data obtained during heating with that taken during 


cooling also indicates negligible change of compo- 
sition. The Ag,S lost sulfur during the run, and this 
was reflected in a lower thermoelectric power on 
cooling. Several of the systems studied showed de- 
cided change in thermoelectric power when a phase 
boundary was crossed. As the experiments were 
designed for homogeneous liquids, nothing quantita- 
tive can be said about these effects. 

This work is part of a research program spon- 


sored by the U. S. Atomic Energy Commission. 


;Pound, Derge, and Osuch: AIJME Trans., 1955, vol. 203, p. 481. 
Bitler, Yang, and Derge: J. Appl. Phys., April, 1957, vol. 28, no. 4, p. 514. 
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